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INTRODUCTION 
P. E. REED 
WORK of ESIS TC4 


Technical Committee 4 of the European Structural Integrity Society (ESIS) was formed 
in 1985. The objective of TC4 is to further research and understanding of fracture 
mechanics for use in the development of a broad range of polymer materials and products 
manufactured from polymers. The first urgent need identified was that of developing 
standard, fracture mechanics based test methods to measure the fundamental fracture 
toughness parameters required for material development or use in design. A good deal of 
academic work had already been done when TC4 started, but the usefulness to industry 
was limited at that time by the lack of agreed standards. Over the past 17 years, TC4 has 
devoted much of its effort to the development of fracture mechanics based test methods 
for determining fracture toughness parameters. 


An initial draft protocol is produced for each test method, which is then subjected to 
examination by means of round-robin laboratory testing by members of TC4. TC4 meets 
twice a year in Les Diablerets, Switzerland, to review progress of all aspects of its work, 
including the results of the round robin testing. The adequacy of the test method set down 
in the protocol to produce accurate, reproducible fracture toughness parameters within 
narrow limits, consistent from all sources, is considered and the protocol then revised 
accordingly. Development continues through further rounds of testing and rewriting of 
the protocol until a satisfactory test method is established. When considered appropriate, 
the developed protocol is submitted for consideration as an ISO standard. 


Establishment of the international standards has naturally involved increasing 
collaboration between TC4 and other organisations similarly engaged around the world. 
A list of the TC4 activities leading towards ISO test standards is given in Table 1, 
together with information on the current state of development of ongoing programmes of 
work. An overview of the development of the testing methods activities by TC4 is 
published in ‘Fracture Mechanics Testing Methods for Polymers, Adhesives and 
Composites’ [1]. 


APPLICATION of FRACTURE MECHANICS 


A second need identified at the outset of TC4 was that of exploring the use of data 
obtained from fracture mechanics test methods in the design of plastic components. The 
need for such assessment in the design of polymer materials and of items fabricated from 
plastic and polymer composite materials arises from the increased use of these materials 
in critical load bearing situations. 


Any component under load contains stored (potential) energy. The fundamental concept 
of fracture mechanics is that fracture will occur when the release of the stored energy is 
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sufficient to propagate an existing crack or flaw, i.e. sufficient to overcome the fracture 
resistance of the material. As loading on a component is increased, so the stored energy 
in that system is increased, until a level is reached which causes crack growth. In the case 
of elastic systems, the crack growth can be unstable, leading to catastrophic failure. The 
energy released at this point to propagate the crack is the critical strain energy release 
rate, G,, or, alternatively, the J-fracture toughness, Je, for non-elastic dissipative 
materials. The parameter Ge, or Je in the case of ductile polymers, is considered as a 
material property: each different polymer having its own unique value. Consequently 
knowledge of the fracture toughness parameter, G, or Je, enables the prediction of the 
loading conditions that will lead to crack growth in any situation i.e. it lays the 
foundation for the design of polymer materials or polymer components where cracks or 
flaws exist. Such design depends on having reliable values for the fracture toughness 
parameters. It is for this reason that TC4 has expended so much energy on developing 
reliable test methods for the measurement of G. and Je. A detailed introduction to the 
theory of fracture mechanics for polymers is given by Williams [2]. 


Flaws and defects at which failure might initiate and propagate exist at all levels of 
structure, from the smallest continuum structure of the material itself, through the 
compounding or construction of a material from several components and through the 
processing of material to form a product. Flaws can exist after manufacture or develop in 
service, especially where cyclic loading occurs. Cracks can also be introduced in the 
construction of assembled products where two or more parts are joined together. Fracture 
mechanics can therefore be applied both in the design and assessment of the polymer 
material itself, be it homopolymer or composite, as well as in the design of large products 
or assemblies. Fracture mechanics is therefore a versatile tool, increasingly applied to 
evaluate a wide range of situations. There is a growing wealth of experience in the 
application of fracture mechanics to all such situations in polymers, adhesives and 
composites. 


Arising from the experience now available, this book presents a collection of articles and 
case studies in the application of fracture mechanics to many different situations in the 
development of polymer materials and the design of polymer products. The collection is 
divided into three sections, with separate sections on polymers, adhesives and composites 
respectively. The papers in each section are further classified under headings of 
Performance and Design. 


Under Performance are grouped papers that consider the use of fracture mechanics in 
association with materials comparison and performance, as well as the detection and 
monitoring of fracture mechanisms. Other papers consider the use of fracture mechanics 
in understanding and improving test methods, particularly in assessing current industry 
tests. Further papers review the use of fracture mechanics in the prediction and modelling 
of the performance of materials and classes of materials generally. 


Under Design are grouped papers where fracture mechanics considerations have been 
applied in the design of the material in terms of the type of material, its composition and 
the system in which the material may exist, such as within a laminate structure. Further 
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papers consider the use of fracture mechanics in the design of polymer components and 
products. In some cases the use in design moves towards the inclusion of fracture 
mechanics analyses in Codes of Practice. 


REFERENCES 
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Table 1 
TC4 Activities leading towards fracture toughness test Standards 










Status Standard 


Designation 


& Kic) for plastics. An LEFM approach March 2000 
Mode I interlaminer fracture toughness, 
Gic, of unidirectional fibre-reinforced in 2001 
polymer composites 
Mode II interlaminer fracture toughness, | TC4 protocol available P| 





Activity 




























polymer composites 
Mixed-mode interlaminer fracture 
toughness, Guc ,of unidirectional fibre- 
reinforced polymer composites 


Fle cri aa A, 
plastics 

& Kic ) for short-fibre composites Submitted to ISO 

Determination of fracture toughness (Gc | TC4 protocol published 
& Kjc) of plastics at high loading rates | as final international 

im/s standard 

Determination of fracture toughness (Gic | TC4 protocol available Lt 
& Kic) of plastics at loading rates greater 

than 1m/s 

a a game eco | 
plastics under impact conditions 

| Essential work of fracture | TC4 protocol available | | 


Peel testing of flexible laminates 
Determination of the mode I adhesive TC4 protocol available | BS 7991 
fracture energy, Gic, of structural Published as BS 
adhesives standard 
Fae I 
crack propagation in plastics 


Note: Items listed under status as ‘TC4 protocol available’ reflect on-going studies still 
under review and development within TC4. 
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DUCTILE-BRITTLE FRACTURE TRANSITIONS IN POLYETHERSULPHONE 


D.R. MOORE 


INTRODUCTION 


A fascinating feature in polymers is their ability to exhibit both ductile and brittle 
fracture. This fascination deepens when it is apparent that more than one mechanism can 
lead to this behaviour. Polyethersulphone (PES) is one such polymer whose fracture 
characteristics encompass these phenomena. 

PES is a so-called engineering polymer with a glass-rubber transition temperature (T,) of 
225 °C and therefore is used in load-bearing applications where elevated temperature and 
long times under load are potential service conditions. However, the scientific fascination 
of its fracture characteristics is replaced by some concern on the possibility of a brittle 
fracture in a service component. Moreover, since this possible event can arise from more 
than one source then understanding its performance in components becomes a key issue. 
A ductile-brittle fracture transition can occur in fatigue for PES. In addition, such a 
transition can also occur in elevated temperature creep rupture. Both fracture processes 
involve breaking the molecular backbone of the polymer, but with different 
characteristics controlling the fracture. The fatigue fracture characteristics are governed 
by molecular fracture which happens to be independent of molecular weight for these 
particular polymers. The creep rupture fracture characteristics are governed by molecular 
disentanglements, resulting in a molecular weight dependence for the fracture. 
Fortunately, these events are well understood and need not become a problem in the 
application of PES in engineering applications. Application of linear elastic fracture 
mechanics (LEFM) can provide a foundation for understanding these events, particularly 
when reinforced with the polymer science of molecular entanglements. This article gives 
an account of these characteristics. 


MATERIALS AND THEIR FRACTURE CHARACTERISTICS. 


Four grades of PES were the subjects of this study. The polymers differed in terms of 
their molecular weight as determined by GPC. The materials are designated 
MWIL....MW4, for simplicity, where the weight average molecular weights for these 
materials are 35900 (MW1), 41700 (MW2), 51700 (MW3) and 59500 (MW4). Injection 
moulded plaques, with a coat-hanger gate, were made with these materials, 150mm x 
150mm x 3mm. Material MW1 was also moulded into plaques with three different 
thickness in the range 1.8 mm to 5.8 mm. 

Three experimental measurements were made; the measurement of tensile modulus (E) 
by flexure of a beam, measurement of tensile yield stress (oy) and measurement of the 
linear elastic fracture mechanics parameters K, and Ge. The details of these 
measurements are given elsewhere (1). Yield stress was either measured directly in 
tension, when a yield process could be detected, or in compression. A yield stress in 
compression was divided by 1.3 in order to obtain the tensile value (1). The modulus and 
yield stress measurements were conducted at 23 °C at 1mm/min, whilst the fracture 
mechanics measurements were conducted at -65 °C at 1m/sec in order to comply with the 
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requirements of achieving plane strain geometry independent values. However, this 
experimental programme was conducted prior to full development of the test method 
protocol for LEFM at impact speeds (3). As a consequence, the fracture toughness values 
were determined without an indentation correction as recommended in the protocol (3) 
and as such G. may be too large by up to about 20%. Nevertheless, they have high 
comparative accuracy. 

The purpose in obtaining some general fracture data was twofold. First, such data are 
valuable in terms of describing the fracture toughness of the samples. Second, since many 
of the creep rupture tests were conducted at non-ambient temperatures (as discussed in a 
later section), it was helpful to examine via these fracture characteristics whether the 
storage at these elevated temperatures had an influence on the properties of the sample. 
Results on the 3mm mouldings are summarised in Table 1 where the influence of 
molecular weight and conditioning can be examined. 


Ge 
aaar at | oa asta 


Unconditioned 


Conditioned 


(150 °C for 24hours) 


Conditioned 
(220 °C for 24hours) 





Table 1 Fracture Measurements for the PES Samples. 


With reference to the results in Table 1, the influence of molecular weight is seen to be 
quite small for the four PES samples; none of the properties show a significant trend with 
molecular weight. However, conditioning at elevated temperatures has a pronounced 
influence on the fracture properties. PES has a glass-rubber transition temperature (T,) 
measured by DMA at about 225 °C. Conditioning of an amorphous thermoplastic at or 
near to its T; is known to reduce the free-volume in the material (4) with the consequence 
of making the material stiffer and less ductile. The moduli data provide no evidence of a 
stiffness increase, but there is a suggestion that the yield stress data support such a trend. 
Moreover the toughness data show a reduction in ductility since both fracture toughness 
properties are seen to be smaller with higher conditioning temperature. Fracture 
measurements were also conducted on the unconditioned MW 1 mouldings at the three 
different values of thickness (1.8mm, 3mm and 5.8mm). The average stiffness, strength 
and toughness values agreed well with those data summarised in Table 1. 
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These fracture results provide the foundation for an explanation of the fatigue and creep 
rupture behaviour of the PES samples. 


FRACTURE IN FATIGUE FOR PES. 


All the fatigue measurements were conducted on pneumatically controlled tensile fatigue 
stations as described by Gotham (5). The specimens were width waisted tensile bars of 
dimensions, length 75 mm and width 19 mm with a central waisted region of width 6.4 
mm. Testing was conducted at 23 °C under load control using a square waveform at a 
frequency of 0.5Hz. 

Samples of three different thicknesses of PES MW 1 were used in these tests (1.8 mm to 
5.8 mm) and results are shown in Figure 1. Examination of the fractured specimens 
enables us to interpret the features in these fatigue plots. At relatively large levels of 
applied stress the fractured surfaces show large deformation and often "draw-down" of 
the polymer; such features are synonymous with ductile fracture where yielding is the 
dominant failure process. At relatively small levels of applied stress, the fracture surfaces 
are apparently little deformed and crack-like in nature; such features are synonymous 
with brittle fractures. Therefore between the application of high and low applied stresses 
a ductile-brittle transition in fracture has occurred. 


0.5H, frequency, square waveform zero-tension mode 
Un notched specimens 
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Figure 1 Fatigue for PES MW1 at 23 °C for different thickness specimens. 


It is known that the level of constraint present in a fatigue test will ensure a ductile-brittle 
(d-b) fracture transition in PES (6). In addition, Davies et al (7) observed such a transition 
in 3 mm mouldings of PES and provided an explanation in terms of the size of the plastic 
zone relative to the size of the specimen. It would therefore be reasonable to expect that 
the fatigue measurements conducted on PES samples of different thickness as shown in 
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Figure 1 would also exhibit a ductile -brittle fracture transitions. The number of cycles 
required to generate this ductile-brittle fracture transition depends on the thickness of the 
sample. Therefore Table 2 shows the number of cycles to the onset of the d-b transition 
as a function of specimen thickness. 


Specimen thickness | Number of cycles to d-b 
transition. 





Table 2 Relationship between thickness and cycles to d-b fracture transition in 
fatigue for PES MW1 


If this ductile-brittle transition (d-b) is explicable in terms of the size of the plastic zone 
relative to sample thickness then the previously described LEFM fracture results should 
be able to account for the phenomenon. For example, ductile fracture will persist 
provided that the plastic zone size (rp) is large compared with sample thickness (t). For 
brittle fracture to occur, then the sample thickness will be an order of magnitude larger 


A : à í Ean 
than the plastic zone size. It is only necessary to have knowledge of the ratio (—) in 
Tp 
order to describe the fracture behaviour. Consequently, the precise definition of plastic 
zone is not required and a general expression can be used, of the form:- 


rp x (Éo)? [1] 

I, 
The property data in Table 1 will enable the calculation of rp provided that allowance is 
made for the influence of time under load . Time dependence is derived from two 
experimental programmes (2). First, the dependence of yield stress on time under load at 
23 °C for PES sample MW 1 (at 3 mm thickness). Second, the fatigue strength versus 
number of cycles to fracture for double-notched tensile specimens (tip radius 100 um) 
tested at 23 °C where macroscopic cracking is observed for all specimens. These 
functions enable the results in Table 1 to be derated and the following values are then 
used in order to procedure with the analysis (full details are given in reference 2): 
K, = 1.5 MPam 7 
Oy = 73 Mpa 


These two properties control fracture and in order to experience a transition from ductile 


to brittle fracture, the term () will change from less than 1 (ductile fracture) to a value 
Ip 
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in excess of 10 (for brittle fracture). In general terms, the larger the value of > then the 
P 

more brittle the fracture. 

In terms of the thickness part of this term, it is clear that as thickness increases so the 

term increases i.e. thicker material exhibit less ductile behaviour when everything else is 

equal. In terms of the d-b fracture transition in fatigue, we observe that thicker samples 

give rise to earlier transitions from ductile to brittle behaviour (i.e. at smaller number of 


; : t 
cycles), therefore there should be some inverse correlation between the of the term (—) 
Ip 
with the number of cycles to the d-b transition. 
2 


K 
Consequently, there should be a simple trend between (—S-) and the number of cycles 


y 
to reach the d-b fracture transition. This is shown in Figure 2 albeit limited to just three 


data points. 
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Figure 2 Comparative plastic zone to thickness ratio for PES MW1 at 23 °C plotted 
against the number of cycles to reach the d-b fracture transition in fatigue 


This analysis of the factors that control the ductile-brittle transition at 23 °C in fatigue for 
PES confirms our understanding of the mechanism causing the process. That is, the 
transition is related to the intrinsic fracture toughness of the material and that the 
transition is a macroscopic event i.e. size related. 


FRACTURE IN CREEP RUPTURE 


Creep rupture testing involved another width waisted specimen that was subjected to a 
static tensile force and where the time to fracture was recorded as well as the nature and 
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development of the failure/fracture process. The dimensions of the specimen were length 
75 mm, width 12.7mm which reduced to a waist of 3.2mm. Full details of the lever 
loading creep rupture sites and other aspects of specimen preparation are discussed by 


Gotham (8). Creep rupture tests were conducted in the temperature range 23 °C to 200 
a 
C. 
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Figure 3 Creep rupture for PES samples at 100 °C 
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Figure 4 Creep rupture curves for PES samples at 150 °C. 


Creep rupture provides a measure of the strength versus time under load for constant load 
conditions. The intention in our creep rupture study is to examine these functions in terms 
of different test temperatures and for different molecular weights. For example, Figure 3 
shows data at 100 °C for PES MW 1 and MW 4, the lowest and highest molecular weight 
samples, respectively. All specimens relating to these data exhibited ductile fractures. 
Figure 4 shows further creep rupture data for all four of the samples. In this case MW 3 
and MW 4 exhibited ductile fractures throughout the tests, but both MW 1 and MW 2 
showed ductile-brittle fracture transitions at about 5000 seconds under load. Further 
measurements were conducted at 200 °C for PES MW 3 and 4 as shown in Figure 5. In 
this case all the MW 3 specimens exhibited brittle fracture whilst most of the MW 4 
specimens were ductile, with the exception of those that followed the strength-time 
function for the MW 3 sample, which were brittle. 

A primary question relating to these creep rupture curves and the observed d-b fracture 


transition is whether they are explicable in terms of the specimen size i.e. in terms of the 
2 


fracture mechanics argument. It has already been seen that the term (—5-)has to be 
y 

small for brittle fractures to occur. However, it is also necessary to take into account the 

changes in strength and toughness that occur as a consequence of storing the materials at 

the elevated temperature prior to creep rupture testing, as the fracture properties in Table 


1 imply. 
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Figure 5 Creep rupture for PES at 200 °C. 


The term 5 should be larger than 10 in order to observe brittle fracture. If we are to 
p 
comment on the absolute performance of these PES materials in the creep rupture tests 
then we can no longer deal with comparative values for the plastic zone size. Therefore a 
specific definition has to be used. Several terms are possible, but the Dugdale line length 
(9) for the deformation ahead of a crack might be most suitable for fracture in PES 
because it accommodates transitions from yielding to crazing mechanisms which have 
been shown to be the most relevant for these samples (10). Hence the plastic zone length 
can be written 


fo) [2] 


The results in Figures 3 to 5 enable us to determine values for yield stress at the 
appropriate times under load, where for the sake of simplicity we will assume that the 
operative time should be 10° seconds 

We need to know the dependence of Kc on temperature. General experience suggests that 
plane strain values of K, are independent of temperature and since in the context of these 
calculations this would be a conservative assumption, then it will be used. Rather than 
proceed with the calculations for all of the samples we can limit analysis to PES MW 1 
(in a conditioned state, namely 24 hours at 150 °C) because that is the most critical 


: 2 4 t 
material. Therefore Table 3 summarises the calculations of (—) at the three 
Ip 


temperatures. 
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ee 





Table 3 Values of 5 as a function of temperatures for PES MW1. This ratio 
Ip 
should exceed 10 for brittle fracture. 


All the values of ae in Table 3 are less than 10, therefore brittle fractures are 
Ip 

inexplicable on the grounds of inherent material size and the fracture mechanics 
treatment of them. It remains blatantly the case that brittle fractures are observed in the 
temperature regime 150 °C to 200 °C and for every molecular weight tested. An 
alternative mechanistic cause of such fracture behaviour is therefore necessary and 
McLeish et al have provided one in terms of chain disentanglement (10), as mentioned in 
the introduction. 

Returning to the creep rupture results depicted in Figures 3 to 5, it is clear that the 
fracture transitions in elevated temperature creep rupture are molecular weight 
dependent, whilst the fracture toughness data of Table 1 are molecular weight 
independent. For example, MW 1 is first to exhibit a d-b transition at 150 °C, MW 2 next, 
then MW 3 (although the severity of test temperature has to be raised to 200 °C) whilst 
results at the most severe temperature only just hint at the d-b transition for MW 4. Such 
molecular weight dependence is consistent with the molecular theory of chain 
disentanglement reported by others (10). 


CONCLUDING COMMENTS. 


We have established that ductile-brittle fracture transitions can occur in PES in both 
fatigue and creep rupture tests. The fracture behaviour in fatigue at 23 °C is governed by 
a fracture mechanics intrinsic flaw model where properties such as K, and oy can be 
used to describe and hence predict performance. The fracture transitions at elevated 
temperature in the creep rupture tests are not explicable in terms of continuum fracture 
mechanics because a different mechanism is prevailing; one of molecular chain 
disentanglement where a transition from shear banding to crazing is causing the ductile 
brittle transition. However, application of fracture mechanics principles to these data 
suggests that an additional mechanism is the cause of the d-b fracture transitions. 

Although the ductile-brittle fracture transitions in PES are caused by different 
mechanisms for different environments and loading configurations, it is quite apparent 
that the pattern of fracture behaviour is quite predictable on phenomenological grounds. 
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Consequently, engineering design with PES over a vast range of times, temperatures and 
types of load configuration is possible, where the designer can be confident that 
unexpected crack-like fractures should not occur. 
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THE APPLICATION OF FRACTURE MECHANICS TO THE FATIGUE CRACK 
PROPAGATION OF TOUGHENED THERMOSETS 


H. SAUTEREAU 


INTRODUCTION 


During the last decade several papers have been devoted to the toughening of thermosets [1,2] 
and especially to epoxy networks. Generally the addition of a functionalized rubber is needed 
in order to form a separated phase with a low modulus and a low glass transition temperature. 
The rubbers used can be initially miscible and then will separate due to the increase of 
molecular weight during the polymerization of the system. It is the case of the well-known 
carboxyl terminated butadiene acrylonitrile copolymer (CTBN). In this case the final 
morphologies are strongly dependent on the curing conditions [3,4]. These rubbers are very 
efficient in toughening despite a significant loss of thermo-mechanical properties due to their 
miscibility in epoxy resins. Another approach uses preformed particles as core-shell particles 
[2,5] or Polydimethylsiloxane (PDMS) stable suspensions [6,7,8]. In this case the 
morphologies are strongly affected by the dispersion tool and shear rate [5]. Many studies 
have dealt with elastic plastic and fracture properties [1,2] but very few concerned fatigue 
crack propagation data on toughened epoxies [9,10] compared with the numerous works on 
thermoplastics [11]. Very often fatigue resistance of polymers is studied with a global 
approach of the durability. Generally Wolher curves are drawn, plotting the amplitude of 
stress versus the total number of cycles up to failure. This description, unfortunately, does not 
separate the crack initiation and crack propagation phenomena, and more, these curves 
depend on defects (and thus processing) and geometry of the specimens. Using Linear Elastic 
Fracture Mechanics it is possible to record the crack propagation rate which is really an 
intrinsic property and can be discussed with the polymer structure The aim of this paper is to 
measure and compare the mechanical properties (in both static and fatigue conditions) of 
rubber modified epoxies. 


EXPERIMENTAL 


Materials and preparation 

The formulae of chemical products are listed on Table 1.The two epoxy systems are based on 
diglycidyl ether of bisphenol A (DGEBA) and the same hardener DDA (dicyandiamide). The 
only difference is due to the catalyst. Diuron for epoxy 1 and BDMA for epoxy 2 systems. 
All details are given in references [8] and [4,5] respectively. The neat epoxy 2 system is 
slighty more crosslinked than epoxy 1 and thus exhibits a higher glass transition temperature 
(see Table 2). The liquid reactive rubber (CTBN 8) was introduced as an epoxy terminated 
copolymer following an already described procedure [3]. The polydimethy] siloxane particles, 
(with a mean diameter of about 4 um) were introduced at different amounts [8]. Two kinds of 
core-shell particles (CSR) were used, with various volume fractions, named CSR1 and CSR2, 
and are described in Table 1. The mean diameter for CSR1 is 220 nm and around 300 nm for 
CSR2. 

The particles were mixed with the reactive epoxy system at room temperature with a high 
speed stirrer or a twin-screw extruder and then cast into a mould. The cure schedules were 
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adapted in order to obtain completely cured samples with the maximum glass transition 
temperature. 


Mechanical property characterizations at room temperature. 
Static properties were measured using a 2/M MTS set-up. Tensile tests with ISO60 specimens 
at a strain rate of 3x10° s” lead us to determine the Young’s modulus Err. The yield stress 


was measured in uniaxial compression at £ = 8x10“ s”. The critical stress intensity factor, 
Kico, was determined according to the procedure of the European Group on Fracture(ESIS) 
[12] at a crosshead speed of 10 mm.min" with SENB specimens (70x 14x7 mm? — span 56 
mm). At least five samples were fractured to obtain the average value of Ky from the 
maximum load at failure. 


Fatigue crack propagation. 

The fatigue crack propagation tests (FCP) were performed on compact-tension (CT) 
specimens using a hydraulic ZWICK machine (REL 1853) with sinusoidal cycling at a 
frequency of 5 Hz, following the main recommendation of the ESIS Technical Committee 
[13]. The tension-tension mode was applied, with load control, generally with a stress ratio 


F min . . A 
Ro = close to 0.1. The maximum load was calculated in order to start the FCP test with 


AK ~ Kıi/2. Crack growth was determined by using CPA1 Vishay-micromeasure gauges 
having 20 parallel conductors with 0.25 mm interval placed perpendiculary to the crack 
direction. Thus the crack length, a, was recorded without test interruption from the electrical 
resistance, versus of the number of cycles, N. As suggested [13] video recording, travelling 
microscope or compliance calculations [14] can also be used. 





The FCP rate, na , was determined graphically or numerically as the slope ofthe curve 
a = f(N). 


The stress intensity factor range, AK, was calculated according to the following equation for 
CT samples [13]. 





AK = [ oF ] Conall 0.886 + 4.64 A — 13.22 A? + 14.72 A° — 5.6 a] 
b.w'? (l-A)*” 

where AP is the load amplitude at each cycle (Pmax - Pmin). w and b are the specimen width and 

thickness of the sample respectively. A is the ratio of the crack length to the width of the 

specimen, a/w. For some comparison AK was calculated at a given crack growth rate, 

especially 7.5x10* mm/cycle as often done before [9,11] or at the crack instability at the end 

of the test (AKmax). 
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Table1. Chemical products used in the synthesis of materials 








Name Chemical Formula Supplier and 
Tradename 
* Epoxy prepolymer = i Bakelite 0164 
- DGEBA agar f oO aa a OA NOMEE or 
l T=0.15Ma = 380 LY 556 
eae Ciba Geigy 
* Hardener Bakelite VE 2560 
- DDA ( dicyandiamide) HN —C== N—C==N or 
kii Dyhard 100S 
* Catalysts or initiators Ci 


- Diuron (epoxy 1) 


CH 
at) NH—CO—N[ ° 
CH; 


(O) cnn Cha) 


ie Eaei 2)x—{CH EN H)y | COOH 


- BDMA (epoxy 2) 


* Toughening agents 





- CTBN 8 
— = CN z 
M,= 3500 g ; F, = 1.8 
- CSR particles Core : CSR2 - Poly(buty! acrylate) 
CSR1 - Poly(butadiene-co-styrene) 
Sheil : crosslinked poly(methy/methacrylate) + COOH 
i 
- Polydimethyl!siloxane me 
CH3 
RESULTS 


AH the results for static and fatigue tests are summarized in Table 2. 


Static properties 


Dyhard UR200 
SKW 
Trotsberg 


Aldrich 


Hycar CTBN 
BF Goodrich 


Rohm & Haas 
EXL 8866 
EXL 2611 


Whatever the toughening agent introduced and the neat epoxy system used the same trends 


are found . They are detailed in previous papers [4-10]. 


As the volume fraction of rubber increases the Young’s modulus and yield stress decrease 


while the toughness increases (from around 1 MPa. ym for the neat system up to 1.7 
MPa./m with CSR). Due to the partial miscibility of PDMS and CTBN, Tg slightly 
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decreases although Tg remains constant with the introduction of CSR particles. This increase 
in toughness is explained by the deformation mechanisms of the rubber itself (cavitation and 
debonding) which promote the shear yielding of the epoxy matrix, crazing being not being 
found in such highly crosslinked networks [1,2]. It can be noticed as a general trend, that Kic 
increases when Oy decreases, thus the presence of rubber particles favours the plastic 
deformation of the surrounding networks. 


Fatigue crack propagation 

Figures 1 and 2 show the FCP curves for PDMS and CSR toughened systems respectively. 
The experimental data can be linearly fitted in log-log diagrams in good agreement with the 
Paris law 


da 
— =C(AK)” 
dN (AK) 


where C and m are material dependent constants. 


In(da/dN) 





In(dK) 


Fig. 1. FCP curves for the neat epoxy 1 (Q) and PDMS modified networks with 4% vol. (A), 
8 % vol. ( ) and 15 % vol. (0).(Rey et al., 1999, with kind permission from Kluwer Academic 
Publisher). 
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Fig. 2. FCP curves for the neat epoxy 2 (A) and CSR1 epoxy 2 blends : (@) 9.5 % vol., (* ) 


17.5 % vol., (x) 24 % vol., (0) 17.5 % vol. CTBN8. (Becu et al., 1997, Copyright 2002 — 
Reprinted by permission of John Wiley & Sons, Inc.). 


Some similar results on epoxy toughened networks have already been obtained [5,6,8,9,10]. 
Other quantitative models were proposed in the literature and applied to toughened epoxies 
[9-10] but their application is out of the scope of this paper. Additional tests were performed 
showing that the effect of frequency is negligable in the range 1-10 Hz. The influence of the 
stress ratio, Rg, studied with 15 % PDMS sample in the range 0-0.29 is also very limited [15]. 


DISCUSSION 


Whatever the chemical nature of the rubber (PDMS, CTBN or CSR), the presence of a 
tubbery separated phase improves the resistance to FCP. In every case the FCP curves move 
toward higher AK values with a strong decrease of the exponent m. 


Influence of the epoxy system 

In Table 2, it is shown, that the epoxy 1 system is tougher than the epoxy 2 (Kr = 0.93 
MPa. vm compared with 0.8 MPa. ym ). This is in agreement with well-known theories [1], 
epoxy 1 being the less crosslinked material (with the higher molecular weight between 
crosslinks), has higher toughness and is also the more fatigue resistant with, for example, the 


higher AK value for a = 7.5x10* mm.min”. Some previous works [9,14] confirmed that 


the exponent m decreases when the fatigue resistance increases and a simple model based on 
crack opening displacement was proposed and checked by Fisher et al. [9]. 


22 H. SAUTEREAU 


Table 2.1. Static fracture properties of pure and toughened networks 











Composition Modifier content Tg a) Err 5 Ky. 
(% by vol.) (°C) (GPa) (MPa) (MPa. vim ) 

Neat epoxy system 1 (Diuron) 0 125 3.86 118 0.93 
Epoxy 1 + PDMS 4 123 3.45 107 1 

8 122 2.82 98 1.36 

15 116 2.68 85 1.25 

Neat epoxy system 2 (BDMA) 0 141 3.2 105 0.8 

Epoxy 2 + CSR1 9.5 140 2.65 95 1.1 

17.5 142 2.67 85 1.1 

24 140 2.17 72 1.4 

Epoxy 2 + CSR2 24 139 22 71 1.7 

Epoxy 2 + CTBN8 17.5 135 1.8 76 1.3 

a) DSC 


Table 2.2. Fatigue crack propagation of pure and toughened networks 











cComposition Modifier content AK?) AKinax > one m® 
(% by vol.) MPa). ym (MPa). Vm 

Neat epoxy system 1 (Diuron) 0 0.58 0.64 7.3 16.9 
4 0.72 1.01 0.017 9.5 

Epoxy 1 + PDMS 8 0.97 1.28 0.001 8.8 
15 0.93 0.89 0.0012 7 

Neat epoxy system 2 (BDMA) 0 0.43 0.6 0.437 8.9 
9.5 0.44 0.62 0.204 6.9 

Epoxy 2 + CSR1 17.5 0.85 1.01 0.001 4.2 
24 0.86 1.14 0.0007 8.4 

Epoxy 2 + CSR2 24 0.88 1:2 0.0007 8.2 


Epoxy 2 + CTBN8 17.5 0.85 1.1 0.0008 6.9 


b) for da/dN = 7.5x10“ mm/cycle ; c) coefficients of the Paris law ; d) AK at the crack instability 


Influence of rubber and volume fraction 

On Figures 1 and 2 the introduction of increasing amounts of rubbers improves the FCP 
resistance of the materials. As a same trend C and m decrease in each series and AKmax (at the 
crack instability) increases regularly, except for 8 % PDMS where there is a maximum [8]. 
The mechanisms for rubber toughening both in fatigue and in static conditions were already 
described [1,2,6,9] and we can mention the pronounced ability to plastic deformation (which 
is confirmed by the decrease in oy), cavitation of rubber particles, dilatation bands in the case 
of CSR particles {2], crack front pinning and branching. We plotted on Figure 3, Ki, versus 
AKaax and it appears that the correlation is rather good as shown previously in the literature 
[6,9] giving support to the similar toughening mechanisms appearing in both static and 
fatigue conditions. 
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Fig. 3. Correlation between the static fracture toughness (Kic) and AKmax values from the FCP 
experiments for the various materials investigated. (a) neat epoxy 1, (@) neat epoxy 2, (m) 


epoxy 1 + PDMS, (* ) epoxy 2 + CSR, (0) epoxy 2 + CTBN 


CONCLUSIONS 


Using linear elastic fracture mechanics, the toughening effect of various rubbers, on two 
different epoxy networks are proven. The fatigue crack propagation was recorded and the 
Paris law was well confirmed. 

The toughening mechanisms in static and fatigue conditions are very similar as demonstrated 
by the correlation between Kyr and AKmax. Some synergetic effects were found in FCP by 
mixing soft particles (rubbers) with glass beads [16,17] or glass bubbles [18] to form what is 
called hybrid composites. One of the main interests of fracture mechanics in fatigue 
experiments is that the FCP is well described, by simple models, and it is a very useful tool 
with no dependence on the initial crack tip radius. Furthermore with FCP tests a great deal of 
time can be saved compared with conventional Wölher curves. The knowledge of FCP is also 
useful to calculate the life duration of samples or structures submitted to fatigue loading. 
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FRACTURE MECHANICAL BEHAVIOR OF THERMOPLASTIC POLYMERS AS A 
FUNCTION OF MOLECULAR AND SUPERMOLECULAR VARIABLES 


J. KARGER-KOCSIS 


INTRODUCTION 


Toughness is a key property for many applications of polymeric systems both of thermoplastic 
and thermoset nature. Assuming that the toughness - determined by a suitable approach of 
fracture mechanics - represents a material property, it should be obviously related to the 
molecular and supermolecular build-up of polymers. This aspect, however, has not been 
studied accordingly in the past albeit its clarification would contribute to a wider acceptance 
of fracture mechanics. The toughness controlling molecular parameters in thermoplastic 
amorphous polymers in the glassy state are far better studied than those affecting the 
toughness of semicrystalline polymers. This fact is likely due to the following reasons: a) 
some analogy between the physical network structure in amorphous polymers and chemical 
network in thermosets and rubbers. Note that in case of the latter the network parameters were 
proved to govern the toughness (see later), and b) strong interrelation between crystalline and 
morphological (supermolecular) entities due to which the toughness can hardly be considered 
as a function one structural parameter in semicrystalline polymers. This contribution is aimed 
to give a brief summary on the (super)molecular dependence of the toughness for both 
amorphous and semicrystalline thermoplastic polymers. 


AMORPHOUS POLYMERS 


In order to find correlations between molecular, network variables and toughness attention 
should be paid to the right selection of model materials in respect to the fracture mechanical 
approach used. It was shown by the author’s group that amorphous copolyester (aCOP), which 
fail exclusively by shear yielding, is the best choice when the essential work of fracture (EWF) 
method is used for the toughness assessment ([1-2] and references therein). This is reasoned 
by two facts: a) the total work of fracture in aCOPs can be easy split for yielding- and 
necking+tearing-related terms as these polymers undergo full ligament yielding prior to the 
onset of crack growth, and b) necking+tearing occur via cold drawing which is controlled by 
the entanglement network (e.g. [3]). Further, the mean entanglement molecular weight (Me) is 
a constant for a given polymer provided that its mean molecular weight (MW) is beyond a 
critical threshold (>2Me). The MW of commercial polymer is always above this threshold 
value. 


Effects of molecular weight and network variables 

it was shown that the yielding-related specific work of fracture (we,y) does not depend on the 
MW in aCOPs. MW affects solely the necking+tearing process (e.g. [4-5] and references 
therein). Based on experimental data an interesting correspondence between mean MW and 
strain rate was found. Accordingly, the response of an amorphous polymer of high mean MW 
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at high strain rate is similar to that of a low mean MW version at low strain rate [5-6]. Note 
that based on some experimental evidence We,y is considered by the author as an inherent 
toughness value, which is closely related or even equal to that of the plane strain value [5]. 

If MW does not influence the toughness, the decisive role should be assigned to characteristics 
of the physical network structure. This assumption is supported by the fact that the "plastic" 
zone is fully restored when heating the specimen beyond the Tg for a short time, i.e. the 
plastic zone was formed previously by cold drawing. 

The entanglement network is usually characterized by the mean MW between entanglements 
(Me) and by the entanglement network density (ve). Ve is defined by: 


7 P N A (1) 
M. 
where p is the density and NA is the Avogadro number (6.023x1023 mol-!), 





V. 


Toughness interpretation models 
According to Lake and Thomas (e.g. [7]) the fracture energy (Gc) for crosslinked rubbers is 
given by: 

1/2 


G. = K M x (2) 
where K is a constant involving the polymer density and aspects of the bond strength, and Mx 
is the mean MW between crosslinks. How can be Equation 2 adopted for amorphous 
polymers? Assuming that Gc=We,y and replacing Mx by Me for polymers of physical network 
structure, a linear relationship between we,y and the square root of Me can be expected. 
Figure 1 seems to support this prediction. Needless to say that the Me data underlay a large 


scatter due to problems of their experimental determination [5]. It is the right place to draw 
the attention that Gc of thermosets usually also obeys the Lake-Thomas Equation (e.g. [8]). 
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Fig.1. Specific yielding-related essential work of fracture (We,y) as a function of square root of 
Me for amorphous copolyesters. 
Designations: PET- polyethylene terephthalate, PETG- and PCTG- amorhous PET-type 


copolyesters with various amounts of cyclohexylenedimethylene units, PEN- polyethylene 
naphthalate [2,5]. 
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According to the model proposed by Brown [9] for glassy polymers which fail by crazing, the 
fracture energy (Gc) increases linearly with the square of ve. This is opposed to results given 
in Figure 1. Recall, however, that the aCOPs studied by us never fail by crazing. Wu claimed 
[10] that the molecular aspects of the yielding/crazing behavior are controlled by ve and by the 
so called characteristic ratio. The latter is a measure of the intrinsic chain flexibility. In our 
case the characteristic ratio should increase from aPET towards aPEN due to the bulky rigid 
groups along the molecular chain. Nevertheless, there is a strong discrepancy between the 
above models. Its possible cause is that some of them consider the work-hardening (via shear 
yielding and crazing) which is excluded in the term we,y. The effects of work hardening 
should be, however, noticeable in the necking-related EWF terms. Figure 2 plots the specific 
necking-related essential (We,n) and non-essential (B"Wp,n) parameters as a function of ve. 
Based on the trend in Figure 2 one can claim that the necking+tearing related work of fracture 
parameters increase with the entanglement network density, indeed. 

The above treatise already highlights the basic problem: effects of the initial structure should 
be separated properly from those affected by loading-induced structural changes (referred 
above as work-hardening) both in the experiments and theory. This statement holds also for 
semicrystalline polymers and represents a great challenge. Accordingly it is indispensable to 
perform the fracture mechanical tests on suitable specimens with in-situ inspection of the 
microstructural change. This could be done by using various techniques, like microbeam 
synchrotron X-ray, polarized IR and Raman spectroscopy, high-voltage electron microscopy, 
atomic force microscopy. 
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Fig.2. Necking-related specific work of fracture parameters (We,n and B"Wp,n) as a function of 
Ve for amorphous copolyesters. 

Notes: data taken from Refs. [5,11]; for designations cf. Fig. 1; only the x-scatter range is 
indicated 
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SEMICRYSTALLINE POLYMERS 


It was already shown that the presence of processing-induced higher order structures (e.g. 
skin-core morphology) may blur the use of fracture mechanics. The effect of morphology 
(spherulitic structure) on the fracture toughness proved to be also not negligible. Studies 
performed on 6-phase PP exhibited a strong dependence of the work of fracture parameters as 
a function on both crystallinity and mean MW [1,12]. 

In the literature highly contradictory data can be traced on how the toughness is affected by 
molecular and supermolecular variables. This can be reasoned by the fact that one single 
parameter of the crystalline structure can hardly be varied without affecting some others. 
Variation in the degree of crystallinity for example is associated with manifold changes both 
in the spherulitic structure (type, size) and within its constituents (thickness and order of 
lamellae, amorphous layer thickness, tie molecules density). According to the model of the 
author both toughness and resistance to fatigue crack propagation (FCP) go through a 
maximum as a function of the degree of crystallinity (cf. Figure 3) [5,12]. The increasing left 
hand flank of the curve represents the resistance resulting from the crystalline structure, while 
the declining right hand part is owing to the lacking connection between the crystalline 


lamellae (especially the tie molecules which are capable to redistribute the stresses locally, are 
missing). The resulting curve in Figure 3 indicates that the toughness response is controlled by 
the "weaker" contribution. There are many indirect hints for the validity of the model depicted 
in Figure 3, however, an elegant experimental evidence is still lacking. One should also keep 
in mind that the tie molecules density is affected by the mean MW, viz. its value increases 
with the MW. Yeh and Runt (e.g. [13]) have demonstrated the role of MW and tie molecules 
density of the FCP behavior of semicrystalline polymers. The decisive role of the tie 
molecules (which can be estimated both experimentally [14] and theoretically), along with 
that of MW has been stated by Beerbaum et al. [15-16] recently. The authors feeling is that the 
abovementioned strong interaction between the structural parameters in semicrystalline 
polymers necessitates a complex statistical evaluation. That this is the right tool for data 
reduction and "mining" has been proposed by Egan and Delatycki [17]. 
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Fig.3. Predicted change of toughness and resistance to FCP as a function of degree of 
crystallinity [5,12] 
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CONCLUSIONS 


The toughness of amorphous polymers depends unequivocally on characteristics of the 
entanglement network structure. Further work is needed, however, to separate effects of the 
initial physical network (likely related to the toughness at fracture initiation) from that of the 
loading-induced one (fracture propagation resistance). In this case special attention should be 
paid to distinguish between failure via shear yielding and crazing. 

The microstructural dependence of fracture mechanical parameters is far less understood for 
semicrystalline polymers. Albeit some tendencies can be deduced, a reliable description is 
missing. This is due to the strong interrelation between parameters of the crystalline structure 
which does not allow us to study the effects of one or other structural parameter in a separate 
way. As a consequence, combined action with respect of specimen preparation, polymer 
characterization and data mining/reduction are required in order to close the gap between the 
toughness and structural parameters. 
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FAILURE OF POLYMERS BY RUPTURE VERSUS 
DISENTANGLEMENT OF MOLECULES 


F. RAMSTEINER 


INTRODUCTION 


Polymers fracture by rupture or disentanglement of the molecules [1] at the tip of the 
propagating crack. Rupture must prevail in crosslinked polymers and is likely to happen in 
thermoplastic materials at low temperatures and high deformation rates. If the fracture time 
and the test temperature are high enough for relaxation of the molecular structure, 
disentanglement is assumed to predominate as in polymer melts. Fracture mechanics allows 
the study of crack propagation within solid polymers and therefore it is an adequate tool to 
distinguish between disentanglement and rupture. This use of fracture mechanics to elucidate 
the details of failure is demonstrated in the following examples where the fracture mode is 
shown to depend on molecular weight, cross linking, temperature, and deformation rate. 


EXPERIMENTAL METHODS 


Mainly CT-specimens which had been milled from compression moulded sheets were used 
in this paper to study the behaviour of crack propagation independent of the initial flaw 
formation. In fatigue tests [2], crack propagation was measured by the compliance method 
[3]. Further experimental details or special arrangements are given in the individual 
paragraphs of this chapter. 


EXPERIMENTAL RESULTS 


Molecular weight and crystallinity 

The dependence of the fracture time on the molecular weight at a given stress is one of the 
most important tests to study the transition from rupture to disentanglement of molecules. 
Disentanglement depends on the time the molecules need to slip through their long tube 
formed by the surrounding molecules, and this in turn depends on the molecular weight. 
Rupture of the molecules however is independent on the molecular weight, if the molecules 
are long enough to be fixes in the entanglement network. 

Fig.1 shows the rate of fatigue crack in CT specimens of HDPE with different molecular 
weights as a function of the amplitude of the stress intensity factor. 
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Fig.1 Rate of crack propagation in HDPE with different molecular weights as a 
function of the amplitude of the stress intensity factor in fatigue at 23°C and 10 Hz 
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Fig.2 Crack propagation rate in fatigue of a syndiotactic and an atactic PS with the same 
molecular weight of 190 000. (frequency 10 Hz) 


The higher the molecular weight the lower the crack propagation velocity. This observation 
confirms that crack propagation occurs by disentanglement and not by rupture. In semi- 
crystalline polymers like HDPE crystals can hinder the slippage of the molecules by their 
stronger bonding within the crystals than entanglements can do. Thus this effect from 
crystallinity is superimposed on the molecular weight effect. If the number of the tie 
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Fig.3 Crack propagation rates per cycle da/dN at 23°C and 10 Hz as a function of 
the molecular weight Mw of HDPE and a PS at a constant stress intensity factor. 


molecules between the crystals and spherulites is sufficient enough for bonding then semi- 
crystalline polymers are expected to be stronger than amorphous ones. 

To demonstrate the influence of crystallinity independent of the molecular weight, a 
syndiotactic and an atactic PS with the same molecular weight of 190 000 g/mol were tested 
in fatigue. The results are shown in fig. 2. In amorphous atactic PS (aPS) cracks propagate 
especially at low speeds, in the region of disentanglement, nearly two orders of magnitude 
faster than in the semi-crystalline syndiotactic PS. 

The rates of crack propagation per cycle da/dN at a constant amplitude of stress intensity 
factor (AK) are plotted in fig.3 as a function of the molecular weight My for aPS 
(AK=0.7MPa m'”) and HDPE (AK=1.0 MPa m’” ) respectively. The dependence follows 
roughly the relationship 


da/dN « 1/M>> 


which is very similar to the molecular weight dependence of the viscosity of polymer melts 
where reptation is the basis for understanding the flow behaviour. 
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Fig. 4 Applied stress versus the corresponding time to failure of notched specimens 
of cross linked HDPE in a surface active agent (Nekanil®) at 50°C. 


Cross-linking 

If disentanglement prevails in failure of polymers cross linking of the molecules should 
increase life time enormously because slippage is practically impossible. Fig. 4 shows the plot 
of the failure stresses over the corresponding time to failure of the notched specimens of 
HDPE in a surface active agent (Nekanil®) at 50°C. For these experiments 3mm thick 
notched dumbbell bars with a 0.7mm deep notch were stressed at various constant loads in the 
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Fig. 5 Time of failure as a function of the intrinsic viscosity of HDPE at 2 MPa 
tensile stress in a surface active agent (Nekanil®) at 50°C. 


liquid. The pure HDPE in air shows for comparison typical failure under creep, that is to say 
an increasing life time with decreasing stress. In the liquid surface active agent, behaviour of 
un-crossed or only slightly cross-linked polymer changes to the well known three-stage drop. 
At high stresses near the failure stress measured in air the failure time is not influenced by the 
agent because its diffusion time to the crack tip is too long compared to the failure time. In the 
middle region, failure time is reduced by the agent due to the relieved entanglement. At low 
stresses, relaxation caused by the agent determines the life time [4]. If the material is highly 
cross linked, failure time is enormously increased as expected for materials where 
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entanglement is suppressed. Therefore it is not surprising that in many applications e.g. for 
pipes in the heating industry the materials are cross-linked to reduce disentanglement at low 
stresses and high temperatures, thus extending their life times. 

In the low stress region where disentanglement dominates the failure in uncrosslinked 
polymers life time becomes strongly dependent on the molecular weight of the sliding 
molecules. Fig.5 shows for notched specimens of HDPE the plot of lifetime in the surface 
active agent Nekalin® at 50°C as a function of the intrinsic viscosity [n] of the polymer. The 
measurements were performed with 3 mm thick specimens with a 0.7mm deep notch at a 
creep stress of 2 MPa. Experimental values of the life times tg follow in this region of 
middle/low stress transition the relation 


tg x[n" 


and with the dependence of [n]«M°’ we are very close to the simple gliding model, without 
deformation of the surrounding, in which the quadratic dependence is expected [4]. 


Temperature 

On the basis of the disentanglement model it is to be expected, that crack propagation is 
dependent on the temperature at higher temperatures, because sliding molecules take time. At 
lower temperatures, in the brittle state, polymer scission predominates which only depends on 
the activation energy of the bonding in the main chain. In accordance with this model 
Hasegawa et al. [5] showed that the critical energy release rate Gc of PS increases with the 
molecular weight at higher temperatures. However at lower temperatures near 230K the 
critical energy release rate approaches a plateau at molecular weights where the molecules are 
sufficiently entangled to allow only scission. 

In tab.1 [6] the stress intensity factors for two PS with different molecular weights are shown 
for different temperatures. The measurements were performed with SENB specimens and at a 
5mm/min deformation speed. In the brittle state near 23°C the critical stress intensity factors 
are nearly independent of the molecular weight, whereas with increasing temperatures 
slippage also increases and the critical stress intensity factors increase more rapidly for the 
higher molecular weight PS. 


Test temperature | 23°C | 50°C 

Molecular weight 
| 185 000 1.75 1.30 0.95 0.5 
{333 000 2.0 1.55 1.45 1. as 


Tab.1 Critical stress intensity factors [MPaVm] of PS at different temperatures 














Deformation speed 

According to the correspondence principle of time-temperature the mode of low temperature, 
and low deformation speed corresponds to high speed deformation at high temperatures. 
Therefore transitions in failure are observed with deformation speed as well as temperature. 
As an example, fatigue crack growth rates in HIPS are plotted in Fig.6 as a 

function of the stress intensity factor amplitude [7]. The change of slope of this curve may 
indicate a transition in the resistance to crack propagation from the low to the high rates of 
crack growth. The fracture surface of the specimen are shown in fig.7. In the low speed region 
near AK=0.6 MPa m!” the blend morphology consisting of rubber particles in a matrix is 
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Fig.6 Crack growth rates in fatigue test as a function of the amplitude 
of the stress intensity factor for HIPS at 23°C and 10 Hz. 


clearly seen without bigger deformations (fig.7a). At higher speeds, however, the plastic 
deformation in the rubber modified material prevails (fig.7b). In this region the molecules had 
had no time to disentangle simply, but where forced to deform their surrounding by stretching 


before rupture or final disentanglement 





Fig.7 Fracture surface of the specimen of fig. 6 
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RATE DEPENDENT FRACTURE OF POLYMERS - APPLICABILITY 
AND LIMITATIONS OF FORCE BASED FRACTURE MECHANICS 
APPROACHES 


Z. MAJOR and R.W. LANG 


INTRODUCTION 


For many structural engineering applications of polymeric materials, fracture behavior under 
monotonic and impact loading conditions is of prime practical importance. Due to the 
viscoelastic nature of polymers, fracture properties are significantly affected by the loading 
rate, the test temperature and the local (if notches or cracks are present) and global stress 
state. As a result of the complex combination of the influence of these parameters, fracture 
values determined by conventional test methods (e.g., monotonic tensile test, standardized 
bending and penetration type impact tests, etc.) are only of limited use for advanced 
engineering design purposes based on finite element methods and numerical simulations as 
well as for a detailed and reliable material characterization to aid material ranking and 
selection for a given application. This is especially true for situations where parts or 
component are exposed to high loading rates. 


Due to the wide range of fracture behavior generally observed in plastics from brittle (i.e., 
quasi-brittle failure) to highly ductile failure, numerous fracture mechanics concepts have 
been proposed and applied to characterize the failure behavior of plastics in terms of specific 
fracture parameters [1]. The different concepts reflecting the various degrees of crack tip 
yielding generally were applied to specific engineering polymers at pre-defined single testing 
rates or in a rather limited testing rate regime, so that hardly any investigations were reported 
using various fracture mechanics methods for a given polymer type over a wide loading rate 
range. 


Considering the above, the overall objectives of this paper is to describe and discuss the rate 
dependent fracture behavior of polymers in terms of material specific property functions and 
to determine the applicability range of various force based fracture mechanics concepts as 
characterization tool for the generation of fracture parameters for various failure modes and 
regimes. The paper will be primarily concerned with the ductile and the brittle regimes (i.e., 
quasi-brittle) of rate dependent fracture along with the definition of limitations for the 
applicability of the associated fracture mechanics concepts. Furthermore, based on 
experimental results proposals will be made to define characteristic values for the lower and 
upper end of the rate dependent ductile-brittle transition. Having thus quantitatively 


40 Z. MAJOR AND R.W. LANG 


established the upper and lower plateau curves along with the relevant transition points, rate 
dependent fracture behavior of polymers may then be characterized over a wide loading rate 
range using material specific, specimen configuration independent fracture concepts. 


BACKGROUND AND SCOPE 
There are two main categories of fracture mechanics analysis. The force based analysis (FBA) 
requires only critical loads to determine a particular fracture parameter, while the energy 


based analysis (EBA) requires either the entire load-displacement record of a fracture 
experiment or directly measured critical energy values. 
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Fig. 1. Schematic illustration of rate dependent fracture property functions of polymers for 
various types of fracture behavior also indicating the appropriate fracture parameters and the 
lower (d/sb) and upper (sb/b) embrittlement transition points; FBA fracture mechanics 
concepts. 


For an FBA approach, based on the experimental findings [2], rate dependent fracture 
property functions in terms of an arbitrary FBA fracture toughness parameter may be 
expected as depicted in Fig. 1. The relevant fracture parameters in a force based analysis 
(FBA) are the limit load, Fzz, for highly ductile fracture behavior in the sense of cross- 
sectional yielding (PYFM concept) [3], and the critical stress intensity factor, Ke, or Kre, for 
brittle fracture behavior (LEFM concept). 


In terms of test procedure and measurement technique, the essential pre-requisites of an FBA 
approach is to determine material specific fracture toughness values, which requires a 
sufficient good quality of the load signal and the correspondence of the true specimen load 
with the experimentally determined external load. The relevant loading rate parameter 
controlling the failure mode is the local crack tip loading rate, dK/dt [4]. Also indicated in Fig. 
I are the limitations of the applicability of the various concepts on the loading rate scale in 
terms of relevant embrittlement transition points (ductile/semi-brittle transition point (d/sb) 
for the lower end of the embrittlement transition on the loading rate scale; semi-brittle/brittle 
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transition point (sb/b) for the upper end of the embrittlement transition on the loading rate 
scale). 


EXPERIMENTAL 


To examine the applicability of various fracture mechanics concepts to rate dependent 
fracture of polymers, monotonic fracture experiments were performed with various polymers 
over a loading rate range of up to 7 orders of magnitude from 10° to 8 m/s (corresponding to 
10° to 10* MPam!s"!). The polymers selected for the investigations were the amorphous 
thermoplastics poly(carbonate) (PC) and poly(vynilchloride) (PVC), and the semi-crystalline 
thermoplastics poly(ethylene) (PE), poly(oxymethylene) (POM) and various grades of 


poly(propylene) (PP). 


RESULTS AND DISCUSSION 


The applicability limits of force based fracture mechanics concepts on the loading rate scale 
along with a definition of the lower and upper embrittlement transition points are shown in 
Fig. 2 for B*-PP(H) as an example. First it must be noted that the FBA methods for ductile 
and brittle failure do not allow for a continuous function of fracture parameters over a wide 
loading rate scale due to the different mechanical concepts both fracture parameters are based 
upon. Hence, the diagram in Fig. 2 exhibits two ordinate descriptions, one being related to the 
LLA approach which is based on overall specimen loads (peak loads and limit loads), the 
other corresponding to the stress intensity factor concept which describes the local crack tip 
stress field. 


The lower transition point on the loading rate scale, termed ductile/semi-brittle transition 
(d/sb) point, is defined as the loading rate where significant deviations occur between the peak 
loads and the calculated, specimen specific limit loads using rate dependent yield stress 
values. In other words, the lower transition point refers to a loading rate above which crack 
growth commences prior to achieving full cross-sectional yielding of the remaining ligament. 
The upper transition point, termed semi-brittle/brittle (sb/b) transition is defined as the loading 
rate above which specimen configuration and geometry independent fracture toughness values 
Ke (plane stress) and K; (plane strain) are obtained. Both of these transition points 
simultaneously define the limits of applicability of the respective fracture mechanics 
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Fig. 2. Illustration of the loading rate dependence of the applicability of force based fracture 
mechanical concepts. 
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Limit Load Analysis Concept 


In the following, first effects of stress state - plane stress (pss) vs. plane strain (psn) - on the 
ductile/semi-brittle transition rates (i.e., dK/dtass? and dK/dtags?") will be discussed. 


Subsequently, various polymeric materials will be compared with regard to their ductile/semi- 
brittle transition rates. 
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Fig. 3. Influence of plane stress (pss) vs. plane strain (psn) conditions on the d/sb-transition 


over a wide loading rate for B’-PP(H); 2 mm thick DENT (near plane stress; dK/dta?") and 
CRB specimens (near plane strain; dK/dtasp”"). 
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Fig. 4. Comparison of the constraint dependence of the ductile/semi-brittle transition for 2 
mm thick DENT (near plane stress, dK/dtas™) and CRB specimens (near plane strain; 
dK/dtysP") for B’-PP(H). 
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Fig. 5. Loading rate dependence of plastic limit load-to-peak load ratio F,F11, of 2 mm thick 
DENT specimen (near plane stress) and of CRB specimen (near plane strain) for a-PP(H), B>- 
PP(H), and u-PP(RC). 


The ductile/semi-brittle transition point. 

The influence of plane stress (pss) vs. plane strain (psn) conditions on the d/sb-transition on 
the loading rate scale is shown in Fig. 3 for B*-PP(H). For near plane stress conditions a 2 mm 
thick double edge notched tensile (DENT) specimen and for near plane strain conditions a 
cracked round bar (CRB) specimen was used. As expected, for near plane strain conditions 
peak loads and limit loads are higher, and the d/sb-transition occurs at a lower loading rate. 
To be able to define the d/sb-transition region more precisely, the data of Fig. 3 are replotted 
in Fig. 4 in terms of the F,/F,,-ratio (relative limit load), and the d/sb-transition is now 
defined as the loading rate at which the F,/F/,-ratio is reduced by 5% and thus intersects with 
an F,/F 1, value of 0.95. This definition of the d/sb-transition yields values of 10° MPam's" 
for plane strain conditions and of 7*10° MPam!s" for plane stress conditions. 


Material comparison. 

In Fig. 5 various poly(propylene) (PP) materials (a-PP(H), B’-PP(H) and u-PP(RC)) are 
compared in terms of the loading rate dependence of their respective F,/F,,-ratios. Clearly, 
the materials investigated differ in terms of both the quantitative positions of the d/sb- 
transition points on the loading rate scale and the loading rate difference between plane stress 
and plane strain d/sb-transition points. More detailed numerical comparisons for all materials 
investigated see elsewhere [2]. 


Stress Intensity Factor Concept 

Analogous to the limit load analysis concept above, in the following first some examples and 
aspects related to the definition of the sb/b-transition point will be discussed. Furthermore, 
various polymeric materials will be compared with regard to their sb/b-transition rates and the 
loading rate sensitivity of crack tip stress field based fracture toughness values. 


The semi-brittle/brittle transition point. 

As to the stress intensity factor concept, the upper transition point, termed semi-brittle/brittle 
transition rate (dK/dt,o,) is defined as the loading rate above which specimen configuration 
and geometry independent fracture toughness values, Ky are obtained. Examples of results of 
fracture tests over a wide loading rate range in terms of K” vs. dK/dt and for various 
specimen configurations and geometries are shown in Figs. 6a to 6c for POM, PC and B’- 
PP(H). These examples were selected because they illustrate specimen configuration 
independent Ky values over the entire loading rate range investigated (i.e., POM in Fig. 6a), 
specimen configuration independent Ky values only above 2*10° MPam’”s" (i.e., PC in Fig. 
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6b), and strong specimen configuration dependent behavior over the entire loading rate range 
investigated (i.e., B’-PP(H) in Fig. 6c). Further examples of the influence of specimen 
configuration and loading rates on fracture toughness values are presented elsewhere [Major, 
2002].Values for dK/dts,,2 may be defined as local loading rates for which the scatter of K.”?? 
values for various specimen configurations is less than +20 % relative to the respective mean 
value. Above the so defined semi-brittle/brittle transition rate, K”? values may be interpreted 
as true Kr values. 





SENB-ps specimen, aW=0.5 
Charpy-ps specimen, aW=0.3 
Charpy-sg specimen, a/W=0.3 
C(T}-ps specimen, a/W=0.5 
SENT-ps specimen, a/W=0.5 





a 
POM hd 
A 
v 








fracture toughness K,™”, MPam” 





10 107 10 1 10' 10 10 10 10° 10" 
local loading rate dK/dt, MPa.m”s" 
(a) 


n 


65 @ SENB specimen, aW=0.5 
@ Charpy specimen, a/w=0.33 

A C(T)specimen, aW=0.5 

@ CRB specimen, a/W=0.5 






a4 Sa 


| 
2 
valid K,, + 


quasi-brittle fracture 











fracture toughness K,, MPa.m 


local loading rate dK/dt, MPa.m'’s* 


(b) 





© plane-sided specimens 
© side-grooved specimens 

















fracture toughness K,"?, MPam” 





local loading rate dK/dt, MPam’’s* 


(c) 


Fig. 6: Effect of local loading rate on fracture toughness for B*-PP(H) using various specimen 
configurations and data reduction schemes; (a) POM, (b) PC and (c) B*-PP(H). 


The good agreement of force based analysis Ky values and Ky values obtained from dynamic 
key curve (DKC) experiments in the high loading rate regime is shown in Fig. 7 for PC and 
POM. While in the DKC experiments only bending type specimens were used, tensile and 
bending type specimens were used in the FBA experiments. 
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Fig. 7. Comparison of loading rate dependence of fracture toughness values (FBA method) 
and dynamic fracture toughness values (DKC method) for, (a) PC, and (b) POM. 


Material comparison. 

Fracture toughness values, in terms of true Kyr values according to the above definition are 
plotted vs. loading rate in Fig. 8 comparing various materials. Each of the data points for a 
given material represents a mean value of all tests performed with different specimen 
configurations and geometries, including data of both the FBA and the DKC experiments (the 
latter of course only at high loading rates). Also indicated in Fig.8a by large full circles are the 
semi-brittle/brittle-transition points for each of the materials. With a value of about 5*107 
MPam'”s", POM exhibits the lowest sb/b-transition point, whereas B*-PP(H) reveals the 
highest sb/b-transition point with approximately 10* MPam!’s". In other words, the sb/b- 
transition rates of the materials investigated differ by more than 5 orders of magnitude. 
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Fig. 8: Fracture toughness, Kr, as a function of local loading rate on for all engineering 
polymers investigated in this study (average curves of all specimen configurations for a 
specific material type); (a) indication of sb/b-transition rates (dK/dtse*), and (b) indication of 
slopes and lower bound Kre values (Kicmin) values. 


Moreover, the rate dependence of the Ky values in the brittle failure regime of the various 
materials investigated also varies to a significant degree. As is shown in Fig. 8b, with values 
of -1.27 and -0.36 for PVC and PC, respectively, these materials exhibit the highest and 
lowest slopes in the semi-logarithmic diagram. Finally, also worthwhile noting is that rate 
dependent Ky values of all materials investigeted converge at about 10° MPam!s", reaching 
a lower bound fracture toughness (Kemin) in the range of 1.0 to 2.5 MPam!”. 
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CONCLUSIONS 


To examine the applicability of various fracture mechanics concepts to rate dependent 
fracture of polymers, monotonic fracture experiments were performed with various polymers 
over a loading rate range of up to 7 orders of magnitude from 10° to 8 m/s (corresponding to 
10° to 10* MPam'”s"'). In the brittle failure regime at high loading rates the critical stress 
intensity factor concept of linear elastic fracture mechanics (LEFM) may be applied. 
Depending again on the stress state, the relevant fracture parameters are the plane stress 
fracture toughness, Ke, and the plane strain fracture toughness, Kre, respectively. In contrast to 
the rate dependence of the limit loads in the ductile failure regime, the fracture toughness 
values decrease with loading rate before reaching a lower bound level. 
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CREEP CRACK GROWTH IN HIGH DENSITY POLYETHYLENE 


G. PINTER and R.W. LANG 


INTRODUCTION 


Since high density polyethylene (PE-HD) is increasingly used in long-term structural applica- 
tions (e.g., gas and water pipes, geo membranes or other mechanically, thermally and chemi- 
cally loaded components), in recent years considerable attention was paid to the effects of ma- 
terial parameters on failure behaviour under static loads. Thus it is well documented that at 
least two different types of time dependent failure modes are typical for PE-HD. While at high 
stress levels and correspondingly short failure times ductile failure occurs, controlled by shear 
yielding mechanisms on a larger scale, quasi-brittle failure involving the initiation and growth 
of creep cracks is frequently observed at lower stresses and correspondingly longer failure 
times, particularly when the materials are exposed to multiaxial stress fields at elevated tem- 
peratures. These creep cracks generally originate from pre-existing material defects (impurities, 
voids, etc.) or in areas of high stress concentrations (notches, etc.). Differences in failure times 
of various PE-HD types in the ductile failure regime are generally attributed to different yield 
stress values, which primarily depend on the material density and thus on the degree of crystal- 
linity. In other words, for a given degree of crystallinity the molecular structure, molecular 
mass distribution and supramolecular structure have at most only minor direct effects on failure 
behaviour at high stress levels (ductile failure regime). On the other hand, in the quasi-brittle 
failure regime at lower stress levels and longer lifetimes, all of these latter factors are known to 
play a significant role [1-7]. Whereas in recent years considerable attention was paid to the 
effects of various material parameters (average molecular mass and molecular mass distribu- 
tion, concentration and length of short chain branches, crystalline morphology, etc.) on the 
creep crack growth (CCG) behaviour of PE-HD, no detailed study exists on the influence of 
stabilisation on CCG kinetics. This is somewhat surprising, as it is well known that stabiliser 
type and concentration may significantly affect the lifetime of pressurised pipes in the quasi- 
brittle and brittle failure regime [8, 9]. 


It is the main objective of this paper to provide more insight into some of the details of long- 
term mechanical failure of PE-HD at elevated temperatures under static loads. Particular atten- 
tion is paid to effects of molecular and supramolecular parameters as well as the influence of 
stabilisation on the kinetics of CCG initiation and propagation in PE-HD. For this purpose 5 
grades of PE-HD with different molecular and morphological characteristics were selected and 
included in the investigations. One of the PE-HD types was stabilised in 3 different ways. Lin- 
ear elastic fracture mechanics (LEFM) methods were applied to obtain more comprehensive 
information on the micromechanisms and kinetics of CCG. 


EXPERIMENTAL 

Materials 

Five grades of PE-HD (linear copolymers designated PE-HD 1 to PE-HD 5) were supplied by 
Borealis AG (Linz, Austria). Except for PE-HD 4, which contained approximately 2 mass % 
carbon black, all other materials were provided in natural colours. PE-HD 1 was stabilised in 
three different ways. Stabiliser S is a sulfur containing secondary antioxidant (Santonox R; 
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Monsanto, Belgium) and was added at 0.1 mass % to the base polymer. The stabiliser system K 
is a mixture of a primary and secondary antioxidant (Irganox B225, Ciba Specialty Chemicals 
Inc., Switzerland) and was added at 0.1 mass % (formulation code K1) and 0.2 mass % (formu- 
lation code K2) It is specifically the primary stabiliser that protects the polymer against 
thermo-oxidative degradation during the application stage. All materials were compression 
moulded into plaques with a nominal thickness of 12 mm. Some of the relevant material prop- 
erties of the compression moulded plaques are summarised in Table I. 


Creep crack growth tests 

The crack growth experiments under static loads were performed at 60 and 80 °C with speci- 
mens of the compact-type (CT) in distilled water, in a test apparatus designed and constructed 
at the Institute of Materials Science and Testing of Plastics (University of Leoben, Austria) 
[10]. The specimens were loaded with dead weights, and values of the crack length at the 
specimen side surface and the crack opening displacement at the specimen front edge were 
measured with a travelling microscope at a magnification of 30X. 


Table I. Material properties of the investigated PE-HDs (My: weight average molecular 
mass, SCB: number of short chain branches, Xc: degree of crystallinity, Lc: lamella thickness, 
E: tensile modulus, oy: yield stress). 





material comonomer My SCB Xc Le E* o0,* 
code 
(kg/mol) _(1/1000C) (%) (nm) (N/mm?) N/mm? 
PE-HD 1 Hexene 80 1 83 24 1650 32.2 
PE-HD 2 Hexene 106 2 68 18.4 1140 26.5 
PE-HD 3 Butene 213 8.2 68 18.4 1100 25.5 
PE-HD 4 Hexene 290 4 60 13 950 24 
PE-HD 5 Butene 320 3.2 77 21.8 1400 30 





* tested at 23 °C and 50 % r. h. 


Based on concepts of LEFM the stress intensity factor Kı was calculated according to the fol- 
lowing expression [1]: 


F a 
k- lE) (1) 


where F is the applied load, B the specimen thickness, W the specimen width and a the crack 
length; f(a/W) is a non-dimensional correction function that accounts for the specimen configu- 
ration and geometry and the loading conditions. 


To study CCG initiation times tin, individual specimens were loaded to different initial stress 
intensity factor values Kgn. Values for tin were then determined from measurements of the 
crack opening displacement at the specimen front face (COD) as a function of loading time. 
By plotting COD, data as a function of loading time in a double logarithmic diagram, the point 
of crack initiation corresponds to the first deviation of these data from the linear base line. The 
CCG initiation times so determined were found to be in good agreement with travelling micro- 
scope observations of the immediate crack tip region. 


Following the CCG initiation period, crack growth rates da/dt were calculated by a method 
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analogous to that proposed in ASTM E647-93 for the determination of fatigue crack growth. 
Further details as to the test apparatus and the test and data reduction procedure are described 
elsewhere [10, 11]. 


RESULTS AND DISCUSSION 

Applicability of the LEFM approach 

In order to verify the applicability of LEFM, constant K; experiments were performed with all 
PE-HD types included in this investigation. The data depicted show remarkably constant crack 
growth rates with very little scatter over the entire a/W-range, thus providing good support for 
K; as the controlling factor of CCG rates in this material. Most importantly they indicate that 
CCG rates are indeed material specific properties uniquely related to the applied stress inten- 
sity factor and independent of specimen geometry and configuration. 


Effect of material parameters on creep crack growth kinetics 

Creep crack growth initiation behaviour. CCG initiation times tin as a function of the initial 
stress intensity factor Ky, are depicted in Fig. 1a for the five PE-HD types investigated at a test 
temperature of 80 °C (data for PE-HD 4 from [12}). In good agreement with previous findings 
(12, 13], the behaviour of all materials reflects a power law dependence of tin on Kiin. 


To gain more insight into the relevant material parameters controlling CCG initiation, tin values 
of the various PE-HD types are plotted for given values of Kiin as a function of the average 
molecular mass My in Fig. 1b. Clearly, CCG initiation values are seen to increase with My in 
the range from 80 to 290 kg/mol, which corresponds to the materials PE-HD 1 to PE-HD 4. On 
the other hand, for PE-HD 5 the material with the highest Mw value of 320 kg/mol, a sharp 
drop in CCG initiation time to a value corresponding to the behaviour of a material with about 
half the My value equivalent to PE-HD 2 to PE-HD 3 is observed. 
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Fig. 1. (a) Creep crack growth initiation times of the investigated materials as a function of the 
initial stress intensity factor at 80 °C; (b) Creep crack growth initiation times of the investi- 
gated materials at a constant value of Kyn (0.2 MPam’”) as a function of weight average mo- 
lecular mass at 80 °C. 


When comparing the relevant material characteristics of Table I, the increase in CCG initiation 
times from PE-HD 1 to PE-HD 4 may be explained as follows. The degree of crystallinity con- 
tinuously decreases from PE-HD 1 to PE-HD 4 (from 83 to 60 %) which results in a concomi- 
tant decrease of yield stress from 32 to 24 MPa. This in turn leads to the development of larger 
plastic zone sizes which more effectively blunt the crack. Moreover, it may also be deduced 
from Table I that the lamella thickness L, decreases from PE-HD 1 to PE-HD 4 (from 24 to 13 
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nm). With the simultaneous increase in the average molecular mass My in this order, this im- 
plies that the density of tie molecules and interlamellar entanglements also increases from PE- 
HD 1 to PE-HD 4. Particularly PE-HD 4 contains the highest fraction of high molecular mass 
polymer chains which are most favourable in developing effective tie molecules and inter- 
lamellar entanglements. All of these factors combined are believed to be the cause for the sig- 
nificant enhancement in CCG initiation times from PE-HD 1 to PE-HD 4. 


On the other hand, PE-HD 5 exhibits rather high values for the degree of crystallinity (77 %) 
and correspondingly for oy (30 MPa). Simultaneously it also contains lamellae with higher 
values of L, (21.8 nm) than in materials PE-HD 2 to PE-HD 4. In other words, the beneficial 
effect of increased molecular mass is apparently offset by a diminished ability to develop larger 
plastic zones and blunting and by a lower density of tie molecules and interlamellar entangle- 
ments. The high degree of crystallinity of PE-HD 5 - compared to, for example, PE-HD 4, a 
material with a roughly equivalent molecular mass and an approximately equal concentration 
of short chain branches (see Table F) - is undoubtedly related to the short chain branch length. 
PE-HD 5 with butene as comonomer and thus shorter chain length values crystallises to a sig- 
nificantly higher degree than PE-HD 4 with hexene as comonomer. 


Of particular relevance to any effects related to the concentration of short chain branches is a 
comparison of the materials PE-HD 3 (8.2/1000 C; My= 213 kg/mol) and PE-HD 5 (3.2/1000 
C; M,= 320 kg/mol), for both of which butene was used as comonomer (see Table I). Due to 
the higher concentration of short chain branches in PE-HD 3, this material exhibits a lower 
degree of crystallinity with lower values in the lamella thickness and consequently a lower 
yield stress. This in turn favours crack tip plastic zone development and hence increases the 
CCG initiation time (compare PE-HD 3 and PE-HD 5 in Figure 1a). An increase in the concen- 
tration of short chain branches, as is the case for PE-HD 3, is apparently more effective in en- 
hancing the CCG initiation resistance than increasing the molecular mass of a polymer with a 
low concentration of short chain branches, as is the case for PE-HD 5. This correlation is of 
great practical importance, at least within the range of materials investigated here. 


Interestingly, no clear differences in creep crack growth initiation times could be detected for 
the 3 stabiliser formulations of PE-HD 1. This may at least in part be due to difficulties in pre- 
cisely determining the point of CCG initiation, and further research is needed on examining the 
role of stabilisers in the creep crack growth initiation stage. 


Creep crack growth behaviour. Equilibrium CCG data for all 5 PE-HD types generated at 80 
°C are shown in Fig. 2a (data for PE-HD 4 from [12]). Again, significant differences are ob- 
served in the behaviour of the various materials. The fact that crack growth rates in all materi- 
als are higher at 80 °C than at 60 °C [11] indicates that creep crack growth may be considered 
as thermally activated process. 


Analogous to Fig. 1b for CCG initiation times, CCG rates da/dt are shown in Fig. 2b as a func- 
tion of the average molecular mass Mw for constant K; values of 0.22 and 0.33 MPam?”, Te- 
spectively. In terms of material ranking similar tendencies to those discussed above for CCG 
initiation can be inferred when considering that higher tin values should correspond to lower 
da/dt values for predefined stress intensity levels. Apparently all material parameters (degree of 
crystallinity controlling the yield stress and the plastic zone size; molecular mass distribution 
and lamella thickness controlling the tie molecule and interlamellar entanglement density) af- 
fect stable crack growth properties and crack growth initiation in similar ways. 
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To support the argument on the role of the crack tip plastic deformation zone as one controlling 
factor for CCG resistance, microscope pictures of crack tip regions are shown in Fig. 3 for the 
various materials (except PE-HD 4) at a testing temperature of 60 °C. All crack tip plastic zone 
photographs were taken from the stable CCG region at a predefined K; value of 0.4 MPam’”, 
The smallest crack tip plastic zones for a given K; value apparently occur in the materials with 
the highest yield stress, PE-HD 1 (32 MPa) and PE-HD 5 (30 MPa). Conversely, material PE- 
HD 3 with the lowest yield stress value of 25.5 MPa develops the largest plastic zone size. It 
should be recognised, however, that in a strict sense plastic zone sizes at the tip of slow grow- 
ing creep cracks should reflect the relevant time dependent yield stress values rather than those 
determined in a monotonic tensile test [14]. In other words, some part of the increased plastic 
zone sizes of PE-HD 3 is certainly also due to the slower crack growth rates developed in this 
material at given values of Kı. 
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Fig. 2. (a) Crack speed versus stress intensity factor for the investigated materials at 80 °C; (b) 
Creep crack growth rates of the investigated materials at constant values of K; (0.22 and 0.33 
MPam'”, respectively) as a function of weight average molecular mass at 80 °. 


When directly comparing PE-HD 3 and PE-HD 4, it is of interest to note that PE-HD 3 exhibits 
slower crack growth rates in the low crack growth rate regime (i.e., at small K; values), while 
PE-HD 4 reveals slower crack growth rates in the higher crack growth rate regime (i.e., at 
higher Kı values). Although an unambiguous explanation requires further investigations, it 
seems that the superior behaviour of PE-HD 3 at low K; values may be related to the existence 
of a higher concentration of short chain branches in PE-HD 3, despite its lower molecular 
mass, higher degree of crystallinity and larger lamella thickness (compare Table I). Thus short 
chain branches may act to delay the disentanglement process of the tie molecules within both 
the amorphous and crystalline domains and to enhance the energy absorption during crack 
growth. The higher slope of the crack growth curves of PE-HD 3 seems to indicate that the 
short chain branches are effective especially at low crack speeds, whereas at higher crack 
growth rates molecular mass and the density of tie molecules and interlamellar entanglements 
dominates CCG. 





(a) (c) 
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(b) ~ d) 
Fig. 3. Dimensions of surface near craze zones of the investigated PE-HDs (60 °C; K= 0.4 
MPam"”); (a) PE-HD 1 (da/dt= 2x10* mm/s), (b) PE-HD 2 (da/dt= 7x10° mm/s), (c) PE-HD 3 
(da/dt= 7x10 mm/s), (d) PE-HD 5 (da/dt= 2x 10° mm/s). 


Creep crack growth data for the differently stabilised PE-HD 1 formulations are shown in Fig. 
4 again for a test temperature of 80 °C. In the low creep crack speed region formulation S re- 
sults in considerably higher crack growth rates than formulations K1 and K2. As the charac- 
terisation methods used so far (i.e., average molecular mass and molecular mass distribution, 
degree of crystallinity, lamella thickness) could not detect any differences between the stabi- 
liser formulations, global ageing can be excluded in these fracture mechanical crack growth 
tests lasting only for a few days to a few weeks. Hence, the differences observed for the formu- 
lations at low creep crack growth rates are believed to be a result of the influence of the differ- 
ent stabiliser systems on local ageing around the crack tip related to the combined influence of 
time, the elevated temperature, the presence of oxygen and water, and the high mechanical 
stresses in the immediate crack tip region [15, 16]. As the time scale for local ageing is reduced 
at high crack speeds, the creep crack growth curves of the formulations in Fig. 4 converge at 
high Kı values. 


da/dt (mm/s) 








temperature: 80 °C 








0,15 0,2 0,3 0,4 
K, (MPa-‘m") 
Fig. 4. Creep crack growth behaviour of the formulations of PE-HD 1* under equilibrium con- 
ditions at (a) 60 °C and (b) 80 °C. 


Surprisingly, stabiliser K1, containing the same antioxidants as K2, but in a lower concentra- 
tion, showed the highest crack growth resistance. Changes in the molecular and morphological 
structure (i.e. branching, crosslinking, lamella thickness) during processing on an extreme local 
or molecular scale beyond the sensitivity of the characterisation methods used (i.e. high per- 
formance liquid chromatography, rheological analyses, thermo-analytical analyses, small angle 
X-ray scattering) may serve as possible explanations for the anomalous behaviour of com- 
pounds with K1 versus K2. In other words, it may also well be that the lower concentration of 
stabiliser in K1 compounds resulted in a somewhat higher density of effective tie molecules 
and interlamellar entanglements after exposure to the various processing conditions (compres- 
sion moulding plaques), leading to an enhanced crack growth resistance [4, 5]. 
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SUMMARY AND CONCLUSIONS 


Comparing the various PE-HD materials investigated in terms of CCG initiation times and 
CCG rates, the same material ranking was found especially in the slow CCG rate regime (be- 
low 10* mm/s), which implies that these two basic failure mechanisms are largely controlled 
by the same molecular and morphological material parameters. On the other hand some devia- 
tion in this ranking was observed for fast CCG rates (above 104 mm/s), indicating that a direct 
correlation of long-term properties controlled by CCG and short-term failure associated with 
rapid crack growth may not be granted in all cases. 


As to the molecular and morphological parameters, the average molecular mass and the mo- 
lecular mass distribution were found to be important factors controlling CCG, as expected. 
However, on the other hand, the experimental results also revealed that molecular mass effects 
may be outweighed by the influence of short chain branching for which both short chain 
branch density and chain length are of importance. The various effects of molecular structure 
on CCG initiation and CCG rates were first correlated with the resulting morphology in terms 
of degree of crystallinity and lamella dimensions, and then interpreted in terms of the effects of 
these morphological parameters on yield stress, which controls the crack tip plastic zone size 
(i.e. plastic zone development), and on the density of tie molecules and interlamellar entangle- 
ments, which control the plastic zone breakdown process. Both of these mechanisms (plastic 
zone development and plastic zone breakdown) are, of course, of prime importance in control- 
ling the overall CCG rates. 


Crack growth rates were found to depend on the stabiliser system, particularly in the low CCG 
regime, with diminishing stabiliser effects at higher CCG rates. No molecular and morphologi- 
cal differences between the formulations containing various stabilisers could be detected. 
Hence, the phenomena observed are explained in terms of local ageing processes in the imme- 
diate vicinity of the crack tip, which are controlled by the presence and content of various sta- 
bilisers. The concept of local crack tip ageing assumes that the high stresses approaching the 
materials yield and craze stress in the immediate vicinity of the crack tip assist and accelerate 
the thermo-oxidative degradation of the material. 
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PLASTIC ZONE CORRECTED LEFM: BENEFITS AND LIMITS 


C. GREIN, H.-H. KAUSCH, Ph. BEGUELIN 


INTRODUCTION : WHY USE PLASTIC ZONE CORRECTED LEFM? 


Compared to industrial standards (Charpy, Izod, Elmendorf), the application of fracture 
mechanics (FM) constitutes a notable progress in the assessment of mechanical properties of 
polymers because it provides intrinsic parameters. These allow the unequivocal ranking of 
materials and provide material properties for modeling work. However, the choice of a unique 
FM method to describe material properties over a range of test temperatures, test speeds and 
stress states is rather challenging. 

The information provided by conventional FM methods is sufficient when the material exhibits 
the same macroscopic mode of failure. Linear elastic fracture mechanics, LEFM, is suited for 
brittle behaviours, whilst elastic-palstic fracture mechanics accommodates ductile fractures in 
the form of the J-Integral for polymers exhibiting small scale yielding and Essential Work of 
Fracture, EWF, for ductile mode of failures. Therefore, when the material exhibits multiple 
modes of fracture then more than one FM approach is required. However, a strategy can be 
even more difficult if a ductile-brittle fracture transition is to be measured. 

To take into account these issues, an alternative approach that provides geometry independent 
materials parameters for both ductile and brittle fracture is proposed. It consists of determining 
experimentally the size of the plastic zone developed at a crack tip using specimens of different 
ligament lengths and LEFM as a tool for data reduction. The analysis will be restricted to the 
stress intensity factor, K, although the proposed plastic zone correction works also with the 
energy release rate, G. Our approach will be illustrated with two ethylene-propylene rubber 
toughened isotactic polypropylene blends (iPP/EPR) which differ only in the molecular weight 
of their matrix (M,(iPP/EPR-1) = 0.8 M,,(iPP/EPR-2)). 


DETERMINATION OF INTRINSIC TOUGHNESS VALUES USING A PLASTIC 
ZONE CORRECTED LEFM ORIGINAL APPROACH 


Materials under investigation were tested at between 0.001 and 10 m/s using a servo-hydraulic 
Schenk apparatus, an optical sensor for displacement assessment and Compact Tension (CT) 
specimens (24 x 24 x 4 m°). Further detail about the mechanical set-up can be found in 
references1-3. 


LEFM was chosen for data reduction. Using the classical approach, the location of a ductile- 
brittle fracture transitions, Ta, were assessed. A unique specimen geometry was utilized (a/W 
= 0.5 where a is the crack length and W the specimen width), toughness was calculated from 
equation 1 and Tg, was taken as the maximum of K (determined from equation 1) over the 
speed range under consideration (as in ref. [1, 4-5]). With this method, it was found that 
iPP/EPR-1 exhibited its ductile-brittle transition at 0.6 m/s, iPP/EPR-2 at 0.8 m/s. A classic 
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LEFM approach was, however, not suitable for providing intrinsic toughness values in the 
ductile range of material behaviour since (i) the K-values deduced from equation 1 were not 
independent of the crack length of the specimen (table 1) and (ii) the plane strain conditions, 
described by equation 2, were not satisfied up to 3-10 m/s as can be seen by the data in Table 2. 


Prox 
K,= PMI N (1) 
B,a,W -a 2 2%) (2) 
T; 


with K; = Kic, the critical stress intensity factor in mode I, when the LEFM fracture criteria are 
satisfied and K = Kimax when the global linearity criteria of LEFM is not satisfied. Fmax is the 
maximun of force on the force-displacement curves; B, the thickness of the specimen; W, its 
width; (W-a), the ligament length; oy, the yield stress obtained at loading times commensurate 
with those for determing fracture toughness; f(a/W), a function depending on the specimen 
characteristics and available for all standard geometries. 


Table 1. Evolution of the toughness, Kj, versus a geometry factor, a/W, for iPP/EPR-2 tested at 
room temperature. Tested at 0.1 m/s, K; was an apparent toughness, Kimax; tested at 6 m/s Kı 
was an intrinsic toughness, Kic. 





a/W 0.3 0.4 0.5 0.6 0.7 - 

Ky = Kima- 9.1 4.1 3.85 3.55 3.05 2.7 [MPa.m <] 
m/s 

Kı = Kıc - 6m/s 2.7 2.7 2.75 2.7 2.65 MPa.m 


Table 2. Evaluation of the plane strain required thickness, B, calculated after equation 2. If B > 
4 mm (the thickness of the tested samples), the plane strain criterion is not fulfiled. Material 
iPP/EPR-2 tested at 23 °C. 




















Test speed 0.001 0.01 0.1 1 3 10 [m/s] 
Komax 3.10 3.25 3.42 3.60 3.15 2.40 [MPa.m 
Oy 27.2 29.5 33.5 42.1 45.9 51.2 [MPa] 
B 42.2 36.8 27.2 13.4 5.5 1.2 [mm] 








According to equation 1, K can be determined graphically by plotting Fmax versus (BVW)/f for 
different crack lengths. 

In the case of linear elastic brittle behaviour (for which the distribution of the stress field in 
front of a crack tip is sketched in Fig. 2(i)), the straight line described by the experimental 
points runs through the origin (see Fig. 1(i)) and its slope gives Kjc [6-8]. 

In the case of ductile behaviour, microplasticity occurs at the crack tip, but Fmax and (BYW)/f 
exhibit also a linear correlation (Fig. 1(ii)). However, a line through the data does not pass 
through (0,0) because of the development of a plastic zone in front of the crack tip (see Fig. 
2(ii)). We propose to deduce numerically the size of this plastic zone, rp, in such a way that the 
straight line describing all data is forced through the origin (according to an Irwin-like model 
for small-scale yielding [9]). The related slope gives the effective toughness, Ke, and is a 
geometry-independent quantity. Practically the crack length, a, is replaced by a + rp in the 
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proportionnality factor f; f(a/W) becomes f((a+rp)/W) and the value of rẹ, is then adjusted 
iteratively until the straight line passes through (0,0). Furthermore, the values of rp found 
experimentally defines the radius of the equivalent Irwin damaged zone. 


Gi) 





Bw!2/f BW!?/f 
Fig. 1. Experimental determination (i) of Kic in case of linear elastic material behaviour; (ii) of 
Keg by correction with the radius of the plastic zone, present at the vicinity of the crack tip; 
Agrap refers to the crack length used for graphical determination of K. 







7 Keff 
{2n(r-rp)]1/2 





S Singularity r 


Fig. 2. (i) Normal stress towards the fracture plane in mode I for an elastic material; (ii) 
redistribution of stress by development of a plastic zone in front of a crack tip according to 
Irwin. 


An example of a plastic zone correction is given in Fig. 3(i) for iPP/EPR-2 tested at 0. 1 m/s 
and 23 °C. The excellent coefficient of linear regression (r° > 0.99) for both sets of data is an 
indication of the reliability of the applied Irwin-like proposed correction. The effective 
toughness, Kee, is higher than both the toughness measured by varying a/W without applying 
the plastic zone correction (Fig. 3(i), Kimax = 4.66 MPa.m"”) and the mean value of Kimax (Fig. 
3(ii), Kimax ~ 3.45 MPa.m! ?) directly calculated from equation 1 for a/W = 0.5. The fracture 
toughness of the material was therefore underestimated with the uncorrected values. 
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Fig. 3. (i) Graphical determination of the size of the plastic zone. (ii) Evolution of the 
toughness, K, with a geometry factor a/W before correction (Kimax) and after correction (Keer) 
with the size of the plastic zone. 

Material iPP/EPR-2 tested at 0.1 m/s and 23 °C. 


BENEFITS AND LIMITS OF THE PLASTIC ZONE CORRECTED LEFM 


The graphical determination of geometry independent parameters in both ductile and brittle 
ranges using the same data reduction tool constitutes an improvement for proper 
characterisation of these polymers. 

The calculation of toughness from the plastic zone corrected LEFM is presented now for 
iPP/EPR-1 and iPP/EPR-2. Table 4 shows that the size of the plastic zone, rp, is independent 
of the test speed as long as they remained ductile. Whereas for unstable crack growth, rp 
decreased and tended progressively to 0. , rp had t values of 2.15 mm for iPP/EPR-1 and 2.40 
mm for iPP/EPR-2 for stable crack propagation. The higher r, of iPP/EPR-2 up to 1 m/s 
seemed to reflect the higher intrinsic ductility of its matrix compared to that to iPP/EPR-1. 
Moreover, the rp of both materials near their respective ductile-brittle transitions (0.6 m/s for 
iPP/EPR-1, 0.8 m/s for iPP/EPR-2) were consistent with their ranking (grade 2 tougher than 
grade 1). 


Table 4. Size of the plastic zone, rp, as a function of test speed at room temperature for 
iPP/EPR-1 and iPP/EPR-2. Unstable crack propagation is marked in grey background.. 

















Test speed 0.001 0.01 0.1 1 6 [m/s] 
Ty- 2.28 +0.40 2.1+0.32 20720.29 0.74+0.27 0584047 [mm] 
iPP/EPR-1 
rp- 2.63 +0.29 2.43+0.25 2.34+0.24 1.56+0.58 0314034 [mm] 
iPP/EPR-2 





The evolution of the effective toughness, Key (deduced graphically), towards the apparent 
toughness, Kimax (calculated for a/W = 0.5 using equation 1), over five decades of test speed at 
23 `C can be summarised as follows according to Table 5: 

- a decrease of both Kimax and Keft occurred in the ductile-brittle transition region; 
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- Keg was always higher than Kjmax. In the ductile range, Kimax/Keff ~ 0.68 + 0.02 for 
iPP/EPR-1 and = 0.61 + 0.01 for iPP/EPR-2. In case of unstable crack propagation, 
Kimax S Kett; 

- the values of Ker(iPP/EPR-1)/Ker(iPP/EPR-2) for given test conditions were close to 
those of Kimax(iPP/EPR-1)/Kimax(iPP/EPR-2) when both grades exhibit the same 
macroscopic behaviour. In other words, Ktmax is a semi-quantitative toughness 
parameter, whereas Kett provides a quantitative description of the fracture resistance. 


Table 5. Evolution of the apparent toughness, Kimax, and the effective toughness, Ker, for 
iPP/EPR-1 and iPP/EPR-2 tested over a wide range of test speeds at room temperature. In grey, 
unstable crack propagation. 











Test speed 0.001 0.01 0.1 1 6 m/s 

Kimax - 1PP/EPR- 3.25 + 3.33 + 3.48 + 3.38 + 2.55 + [mm] 

1 0.08 0.07 0.06 0.07 0.10 

Keg -iPP/EPR-1 4.88 + 4.95 + 4.96 + 3.88 + 2.82 + {mm] 
0.33 0.23 0.24 0.15 0.12 

Kimas -iPP/EPR- 3.10 + 3.25 + 3.42 + 3.50 + 2.60 + 0.2 [mm] 

2 0.09 0.04 0.08 0.08 

Ker -iPP/EPR-2 5.17 + 5.36 + §.53 + 4.80 + 2.84 + {mm] 
0.41 0.28 0.25 0.35 0.09 


For conditions well removed from fracture in the ductile-brittle transition zone, it was possible 
to readily determine Ker. However, at fracture conditions near to the transition, the 
determination of Keg was more challenging.. Figure 4 shows the difficulty in determining a 
unique ductile-brittle transition test speed with the LEFM corrected parameters: the maximum 
value of Keg does obviously not correspond to any change in the macroscopic mode of failure 
and the inflexion of rp is difficult to localize precisely. Moreover, the testing of additional 
specimens (for rp and Keg) in this range would not be of any help. Indeed around 0.8 m/s (+ 
0.4 m/s), the crack grew in an unstable way for the biggest ligaments and in a stable way for 
the smallest ones. As a consequence, rp and Keg can not be assessed unambiguously there, 
especially because it has been remarked that the Fmax recorded for brittle behaviour were about 
7%-10% higher than the Fmax for ductile behaviours when both modes of failure occurred at 
given ligament length. Moreover, suppression of part of the experimental data would not be 
acceptable because rp is not totally independent of the ligament length as highlighed in Table 6 
for iPP/EPR-2 tested at 0.1 m/s. Consequently, the speed at which the ductile-brittle transition 
occurs can not be determined with precision over 0.5 decades of test speed with the plastic 
zone corrected LEFM approach. 


Table 6. Evolution of the size of the plastic zone, rp, and the effective toughness, Keg, as a 
function of the considered interval. Material iPP/EPR-2 tested at 0.1 m/s and 23 °C. 





03 < a/W < 03 < a/W < 03 < a/W < 0.4 < a/W < 0.5 < a/W < 

0.7 0.6 0.5 0.7 0.7 
Tp 2.34 +0.24 2.59+0.16 2.59+0.16 2.09+0.16 1.96 +0.16 [mm] 
Kerr 5.53 +0.25 5.75+0.13 5.88+0.14 5.18 +0.15 5+0.15 [MPa.m “] 











Speculation about the r, values near the transition is not acceptable for an accurate 
characterisation of viscoelastic materials. An alternative approach is therefore recommended, 
consisting of (i) definition of the speed at which the ductile-brittle transitions occur using the 
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conventional LEFM approach with one ligament length (i.e one a/W) and (ii) determinination 
of intrinsic toughness values in order to conduct some associated modelling work. 

It is apparent from both examples given in Fig. 4, that the transition (defined as the maximum 
of Kimax as a function of the velocity) could easily be determined to within 0.1-0.2 decades of 
test speed. Moreover, as the apparent values (Kimax) are always lower than the effective 
parameters (Kerr), none of the material paremeters would be overestimated. In addition, since 
Kimax-values have been shown to provide a semi-quantitative evaluation of fracture resistance 
parameters, a coherent material comparison would be possible over the whole investigated 
range. This remark remains true as long as the materials have comparable rp. For iPP grades, it 
should be checked (and considered with more caution) when materials exhibit different matrix 
and/or particles features. It should also be investigated in detail when different polymer 
families are compared. 














K [MPa.m!}, r [mm] 
6 4> 
s) Ker 
4 
34 Kima 
2 Tp t 
1 +> 
0 
0.0001 0.001 Cot [m/s 10 


Fig. 4. Size of the plastic zone (rp), of the effective fracture resistance (Kes) and of the apparent 
fracture resistance (Kimax) plotted against the logarithm of the test speed. Grey zone indicates a 
possible transition zone using either rp or Keg as material descriptor. The single arrow 
represents the speed at which the ductile-brittle transition occurs. Material iPP/EPR-2 tested at 
23.°C. 


CONCLUSION 


A new approach has been proposed for assessing for fracture resistance. It takes into account 
the high amount of plasticity of tough polymers and consists of determining experimentally the 
size of the plastic zone developed at a crack tip using specimens of different crack lengths. The 
effective fracture toughness Ker was determined from the slope of the plot Fmax over 
BW’ /f(acts/W) with deg = a + tp in such a way that the plastic zone radii, rp, were obtained 
numerically using an iteration procedure in such a manner all data fall on a line through the 
origin. This approach has been shown to provide geometry independent values for ductile and 
brittle fracture behaviour, except near the ductile-brittle transition. Since this transition is a 
key-parameter for toughness characterisation of polymers, we have combined the plastic zone 
corrected LEFM with a more conventional approach using the speed at which the ductile-brittle 
transition is determinated at given ligament length (typically a/W = 0.5). Since, both of the 
approaches provide complementary information about toughness, they are thought to give a 
complete picture of the fracture behaviour of any given material. Further details about this 
method and its extension to G can be found in ref. [10] 
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WHY DUCTILE THERMOPLASTICS SOMETIMES FRACTURE UNDER IMPACT 


P.S. LEEVERS 


INTRODUCTION 


Many crystalline thermoplastics such as polyethylene can be relied on for exceptional 
toughness and ductility when stressed or strained at moderate rates. Under impact (i.e. when 
loaded fast enough to challenge their strength in less than one second) the same materials can 
be vulnerable to the initiation and rapid propagation of brittle cracks. 


Impact fracture test methods developed by ESIS register a significant reduction in Ge or Ke as 
loading rate increases up to 1 m/s (using ISO 17281) and beyond [1]. More specialised test 
methods [2] also indicate a relatively low dynamic fracture resistance Gp or Kp at crack speeds 
of 100-300 m/s [3], a finding which is important for the tough thermoplastics used to extrude 
pressure pipe. The effects of impact and of rapid crack propagation (RCP) seem to be related, 
but to bring the relationship to light one needs a physical model of the underlying mechanisms. 
If the model is correct, impact fracture resistance data can then be interpreted as RCP 
resistance data, and obtained more easily using more familiar methods. This article will show 
that Linear Elastic Fracture Mechanics is able not only to translate material property data into 
performance predictions but also to provide the framework for such a model. 


LEFM can be approached from ‘K’ or ‘G’ directions. K defines the applied crack-opening 
stress field around a crack for comparison with some critical value (Ky etc.) for the material. 
The K approach presupposes an infinitely sharp crack and infinitely high stresses around it — 
i.e. it is rather ‘unphysical’. However, it is more useful for design since it uses concepts which 
correspond to applied stress o and strength. It adapts these quantities to a particular shape of 
cracked component through a geometry correction factor Y: 
K, = 0¥ Va = o¥(aWaw (1) 

where a is the crack size. W is a component size parameter; the crack breaks out to a free 
surface when a=W ,i.e. a= 1. 


G defines the virtual force (per unit width) which a loaded component develops to drive a 
crack front in a specified direction. The effect of G depends on its magnitude relative to some 
critical value G, defining fracture resistance. G can be calculated directly from the increase in 
the elastic compliance C at the load point as the crack length a increases: 
2 2 5 
oe, i Lt ge gC (2) 

2WB, E'B da 2WB,  C”(a) da 
Here B, is the crack path width, P the applied external load and v = CP its displacement. We 
have defined a dimensionless compliance C’(a)= E'BC, where B is the component thickness; 
it depends only on @ and the component or specimen shape. 





The K and G approaches are interchangeable through the equation K? = E'G, where the plane 
stress tensile modulus £’ = E is replaced by E’ =E Ñ- v’) for plane strain conditions. If 


C(a) or C` (a) is not already known, it can therefore be derived from Y(a): 
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Fig. 1. The Dugdale-Barenblatt cohesive zone model, which provides a good representation of 
the crack-tip process zone in craze-forming polymers. 


Historically, the G approach preceded the K approach. Because it was based on the physics of 
how materials resist fracture, it remains a more useful approach for physical modelling. In this 
article we start from Dugdale’s model of a cohesive zone (Fig. 1) which describes the crack tip 
region in a craze-forming polymer [4] rather better than it did in the steels for which it was 
originally devised. Opening of the crack surfaces is assumed to be resisted by a cohesive 
stress, Oc, which acts uniformly within a distance c ahead of the stress-free ‘physical’ crack. 
The cohesive zone supports all of the load which would otherwise be concentrated at the 
physically unrealistic crack-tip singularity of the K representation. On this basis its length c 
and thickness can be determined in terms of the applied crack driving force G using the two 
equations 


a E' 
=——d 3 
ae 6) 
and 
G=0 ð, (4) 


where 6 is the crack opening displacement, the separation of the cohesive surfaces at the crack 
tip (Fig. 1). As G increases œ remains constant but both c and ô increase. When 6 reaches 
some critical value & cohesion fails at the tip of the crack, which extends. If we can predict or 
measure œ% and & then we can predict G, = 0,6, and hence Ke. This will now be attempted, 
for the two cases referred to in the introduction: 

1 impact: a driving force G is rapidly applied to an existing, stationary physical crack, and 
2 rapid crack propagation: a crack extends at high speed under a constant driving force 

Gp. 
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ADIABATIC HEATING AND DECOHESION 


As a craze thickens under load, the cohesive stress draws polymer chains from the surrounding 
bulk material into the craze fibrils. The picture of craze thickening built up by Lauterwasser 
and Kramer [5] and others visualises all of the necessary deformation and chain 
disentanglement taking place within a thin active layer. The fibrils which emerge into the 
craze are highly orientated and relatively stable. 


Deformation in the active layer generates frictional heat on the cohesive surface. Since 
symmetrical drawing at both surfaces seems unlikely we can assume that only one cohesive 
surface is active. At any point in the material on this active surface, heat will be generated at a 
rate per unit area which is the product of fo, (£ being the proportion of work converted to 
heat, 0.8-0.9 for most polymers) and the speed 7 at which the craze thickens. At a point fixed 
in the polymer and lying on the cohesive zone, this heating occurs either as the load on a static 
craze increases, or as the craze carried at the tip of a rapidly propagating crack sweeps past. 


Polymers have very low thermal diffusivity, and if the craze thickens rapidly the active layer 
gets hot. The model proposes that in crystalline polymers the decohesion mechanism, in both 
impact and rapid crack propagation, is the disentanglement of polymer chains within a melt 
layer formed by this adiabatic heating. The melt layer has been assumed to separate 
catastrophically when it grows too thick to be spanned by an extended weight-average polymer 
chain, of length sy (1-2 um). However, we will treat the critical layer thickness as a 
generalised structural dimension se: in principle, the model could just as well be applied using 
any other temperature-time or temperature-space criterion more appropriate to another class of 
polymers. 


IMPACT FRACTURE 
Impact is usually better represented as a load-point displacement rate v (e.g. the pendulum 


speed in a Charpy test) than as a loading rate. Thus the displacement is v = vf and Eqns. (2) 
and (4) can be used to show that 





E'| 1 “| B. 
ô =— aes yy i? (5) 
a,|C(a) da | 2WB, 
so that the craze thickening rate 
ba | a St © 
o. |C (a) da |WB, 


increases linearly with time (unless the craze grows long enough to affect the compliance [6]}. 


Thermal conduction analysis can now be applied to determine the time taken for the active 
layer to heat adjacent polymer to the melt temperature T= 7, throughout a layer s, thick. 
Assuming constant density p, specific heat Cp and thermal diffusivity x, there is an 
algebraically awkward but apparently general solution. Ge has a minimum value 

G, min = 3.0645 C (Tp - Ty); (7) 


c min 
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where Tp is the initial bulk temperature. Since pC, is far from being temperature independent 
in the materials of interest, the term pC, (T, - T,) can be approximated as the total heat to melt 
unit volume of polymer. 


a 

© 
— 
o 


(a) (b) 


~ 


Dimensionless impact fracture resistance 


Dimensionless dynamic fracture resistance 


04 1 0.1 1 10 
Dimensionless impact velocity Dimensionless crack propagation velocity 


2 
S 


Fig. 2. The predicted dependence of the fracture resistance of a crystalline thermoplastic on (a) 
impact speed and (b) crack propagation speed (normalisations are defined in the text). 


The dependence of G. on v is plotted in Fig. 2(a) as a general function G,/G, min YS- ¥/¥,, 
where the reference impact speed is given by 


3 
E'sif, 
Figure 2 predicts an impact fracture resistance minimum at an impact speed of ~0.2¥,, which 


for a Charpy-like impact bend specimen is a few metres per second — i.e. a typical pendulum 
speed. At lower impact speeds adiabatic heating becomes more diffused, the dependence of G, 
on the structural dimension s, becomes insignificant, and 


ee Beep tr -T| (ae Pe wa wi 32/7 (9) 
where W (a) = Erla” is a geometry function (about 2.5 to 3 for a typical impact-bend 
specimen). 


v -6322 oC, = metal ; (8) 


Equation (9) suggests that G, decreases with the -2/3 power of impact speed, which had 
already been observed for pipe grade polyethylenes [7] and would be for other thermoplastics 
including even those for which a structural ‘melting’ temperature cannot be defined [8]. Ata 
given impact speed it decreases with increasing tensile modulus, increases with the heat to melt 
per unit volume and increases weakly with specimen size. However, at some speed G, must 
fall to the minimum value given by Eqn. (7). Although the exact magnitude of the predicted 
Ge value is sensitive to the detail of assumptions made about non-linear properties, it is often 
correct to within a factor of two. 
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Fig. 3: The rate of craze thickening due to passage of a moving Dugdale cohesive zone 
RAPID CRACK PROPAGATION 


In the case of rapid crack propagation, the rate of craze thickening (which determines the 
intensity of the active surface heat source) is determined by the thickness profile of the passing 
cohesive zone. For a Dugdale zone this profile has the cusp shape suggested in Fig. 1, meeting 
the crack tip at a tangent which implies infinite rate. The thickening rate at any point 0< E<c 
from the craze tip is plotted in Fig. (3): 





1/2 
ELARA a Aa | (10) 
aE 1-(E/c) 
It can be seen that an adequate and very useful approximation is 
nS S28 b, (11) 
mE c 


If this quadratically-profiled craze sweeps past a fixed point in the material at a constant speed 
a, € =at and we obtain, using Eqns. (3) and (4), 


80, 0 
j = 2| =— | åt. 12 
7 (2 ze) G (12) 
Equation (12) gives 7 the same linear dependence on time as Eqn. (6) gives 6. A point fixed 


in the material at the tip of a crack loaded in impact will, therefore, experience a similar 
thermal history as a fixed point passed by a craze driven at force Gp if 


2 ; . 
4{2:) Eres ee ae (13) 
aE’) G, o.| C”? (a) da | WB, 
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Since (according to this theory) the crack tip will then suffer decohesion at the same time, we 
can write G, = G, and simplify the expression to 


2 1/2 
E’ 7 G 
PTE pe anol, Ae ? (14) 
16\o,} \|C?(a) da |WB, E 
in which all of the geometrical parameters refer to the impact configuration. 


If the underlying idea is correct Eqn (14) achieves the objective outlined in the introduction: it 
allows data from an impact G. test to be interpreted in terms of an equivalent resistance to 
rapid crack propagation. Impact Ge tests, even at the high speeds required, are less 
complicated than dynamic fracture toughness tests, and much more work has been put into 
refining experimental methods for them [2]. 


The broader picture of how rapid crack propagation resistance might depend on crack speed 
can again be presented as a general function Gp/Gp min YS- @/a, , where the reference crack 
speed is given by 
E'pC K 
a, «443° KX 7 -T,), (15) 
Ss 


c c 





and is of the order of 100 m/s. This function is plotted in Fig. 2(b). The most inaccessible 
parameter in Eqns. (14) and (15) is the cohesive stress œ, although Clutton [9] and Leevers et 
al. [10] have used craze size measurements to measure it for polyethylene. However, the most 
important result is the minimum dynamic crack resistance Gp.min and this is expected to be 
essentially equal to Ge min- 


CONCLUSION 


Impact tests are widely used for the mechanical characterisation of polymers. The results seem 
to represent some basic ‘brittleness’ property, and the refinement of instrumented sharp-notch 
impact fracture tests has already shown how fracture mechanics can be used to express this 
property quantitatively. However, without some physically based understanding of the fracture 
mechanism, there is a danger of applying impact data to fracture by entirely different modes, 
e.g. slow crack growth. Even the application of impact fracture data to rapid crack 
propagation, which is phenomenologically similar, is still under discussion. This article has 
shown how the physical models which underlie fracture mechanics can be used to guide such 
discussion, in this case arriving at a specific relationship between impact fracture resistance 
and rapid crack propagation resistance. 
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RATE AND TEMPERATURE EFFECTS ON FRACTURE TOUGHNESS OF 
POLYSTYRENE AT VARYING MOLECULAR MASS 


L. CASTELLANI, S. COLOMBARINI and R. FRASSINE 


INTRODUCTION 


Fracture behaviour of polymers may differ significantly from that of more 
conventional structural materials, mainly because of their viscoelastic nature. This may 
imply, for example, that the strain energy dissipation mechanisms taking place during 
fracture at different positions inside the body may vary at varying the loading time 
scale. Very complex interaction may develop between the deformation of the linear 
viscoelastic continuum surrounding the crack and the highly non-linear and/or yielding 
phenomena occurring at the crack tip, which are more likely to be influenced by the 
molecular structure of the material. 

The fracture process in polymeric materials is almost invariably characterised by two 
stages: the initiation stage, in which a damage zone (“process” zone) progressively 
develops ahead of the crack tip until the crack starts to propagate, and the propagation 
stage, in which the material inside the process zone breaks creating new surfaces. 

The polystyrene (PS) here examined is an amorphous polymer well below its glass 
transition at room temperature, and shows an intrinsically brittle fracture behaviour 
when tested at normal loading and temperature conditions. Its fracture toughness 
depends on molecular mass, although the effect is hardly apparent from test results 
obtained with conventional tests such as tension, bending or impact (either Charpy or 
Izod). 

Testing using Double Torsion (DT) geometry clearly evidenced such dependence on 
the crack propagation stage. Scanning electron microscopy of the fracture surfaces has 
shown that different deformation micromechanisms develops at the crack tip at varying 
crack speed and temperature. 


EXPERIMENTAL DETAILS 


Two PS homopolymers having different molecular mass (Mw) and, to a lesser extent, 
different molecular mass distribution (Fig. 1 and Table 1) were kindly supplied by 
Polimeri Europa (Italy). In the remainder of the text, the material with lower My will 
be referred to as PS-B, while the other as PS-A. 

DT specimen (Fig. 2a) is a rectangular plate having in-plane dimensions of 200 x 60 
mm. The thickness, B, was varied between 2 and 10 mm. Specimens were edge- 
notched at 60 mm depth by saw-cutting with a razor blade. In some cases, the 
specimens were also been V-grooved to a depth of about 0.2 B in order to drive the 
crack to propagate along the symmetry axis of the sample. For testing, specimen is 
supported on two cylindrical rollers of radius 3 mm and spaced 50 mm apart. Two 
hemispheres of radius 3 mm and spaced 13.5 mm apart are placed across the notch and 
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forced to move at constant displacement rate (Fig. 2b). This loading configuration 
results in a torsion of the two arms separated by the notch and drives the crack to 
propagate at a constant speed. Testing temperature was varied between 0° and 80°C 
with displacement rates ranging from 0.01 and 100 mm/min. 


Arbitrary units 





3 4 5 6 7 
Log (molecular mass) 


Fig. 1: Molecular mass distribution of the two materials 


Table 1: Molecular parameters for the two materials examined 














Propert PS-A PS-B 
My 312000 177000 
Mn 134000 104000 





Mw/ Mn 2.33 1.70 
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Fig. 2: Schematic of Double Torsion testing geometry 


DOUBLE TORSION ANALYSIS 
The strain energy release rate during crack propagation can be calculated using: 


_P2dC 
Oe" Oda (1) 


in which P, is the load during crack propagation, C is the specimen compliance and a 
is the crack length. The crack speed is proportional to the applied displacement rate as 
follows: 


a= ŽŽ 

P.dC / da (2) 
Theoretical analysis predicts that, for linear elastic materials, the specimen compliance, 
C, should be linearly dependent on the crack length, a. Therefore, if the test is carried 
out at a constant displacement rate, and Gic is a monotonically increasing function of 
crack speed, the theory also predicts that fracture will take place at constant load, Po, 
and constant crack speed. 
Due to experimental difficulties encountered in measuring the shear modulus of the 
materials at varying strain rate and temperature, direct experimental compliance 
calibration was adopted to calculate the value of dC/da for each testing condition. 
Corrections for crack front curvature (Fig. 3) and load moment arm reduction at large 
displacements were also applied for data analysis [1, 2]. 
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CRACK FRONT 
PROFILE 


CRACK PROPAGATION 
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Fig. 3: Crack front in Double Torsion 


Fig. 4 shows a typical load-displacement diagram obtained in DT. After an initial 
transient, the load stabilises at a nearly constant value for most of the test. Equation 2 
therefore predicts that the crack will propagate at constant speed. Since the material is 
highly transparent, such prediction could be experimentally verified by direct optical 
observation of the crack front during the test [3]. The experimental steps were as 
follows: one side of the specimen was metallographically polished, the videorecording 
was synchronised with the load recording and the propagating crack was shooted 
perpendicularly to its plane through the polished face. 

Results indicate that, after an initial transient corresponding to the maximum observed 
in the load curve of Fig. 4, a constant crack speed is reached and then maintained for 
most of the propagation. The videorecordings were also used to derive experimental 
calibration curves of specimen compliance vs. crack length, such as that shown in Fig. 
5. Data indicate that the linear dependence is approximately verified for most of the 
crack growth, in agreement with the above observations and previous findings [3]. 
Moreover, the crack lenght range in which the crack was observed to propagate at 
constant speed is always contained inside the compliance linearity range. 

It may therefore be concluded that the simplyfied theoretical analysis briefly recalled 
above is suitable for data reduction, at least for the two materials examined. 
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Fig. 4: Load diagram obtained in DT for PS-A at room temperature and 2 mm/mm 
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Fig. 5: Specimen compliance vs. crack length obtained on a 9.8 mm thick DT 


specimen 
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RESULTS 


Figure 6 shows the master curves of fracture toughness vs. crack speed for PS-A and 
PS-B, obtained by shifting Gic data obtained at different temperatures along the crack 
speed axis until superposition. This procedure has been previously successfully applied 
by one of the Authors to either polymers and composites [4, 5]. The relevant shift 
factors derived empirically from the above procedure are shown in Fig. 7. 
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Fig. 6: Fracture toughness vs. crack speed master curves for the two materials 
examined (reference temperature: 23°C). 
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Fig. 7: Temperature shift factors relevant to Fig. 6 
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A good agreement is observed with shift factors obtained from small-strain tensile 
creep testing on PS-A, suggesting that fracture and deformation processes are 
controlled by the same kinetics. Data reported in Fig. 6 indicate that fracture toughness 
is very sensitive to My, especially at low crack speeds. The values obtained on the two 
materials differ by more than one order of magnitude for crack speeds less than 0.2 
mm/min. At much higher crack speeds, however, the curves appear to converge at the 
same asymptotic value (approx. 2.5 kJ/m’), and this is in agreement with the 
observation that conventional impact testing cannot discriminate between the two 
materials. The different slope of the toughness vs. crack speed master curves in the 
lower crack speed range could arise from different dissipative mechanisms occurring 
either in the bulk (due to the viscoelastic behaviour of the material under load) or in 
the neighbourhood of the crack tip (in the so-called “process” zone, where a highly 
stressed, relatively small volume of material progressively accumulates damage until 
failure). Dynamical-mechanical testing conducted on the two materials, however, has 
shown that the loss tangent, tan ô, is roughly the same for the two materials (0.016 for 
PS-A and 0.018 for PS-B at 1 Hz and room temperature), indicating that molecular 
relaxation mechanisms associated with the f-transition are not affected by My. 
Therefore, the observed difference in slope cannot be attributed to the viscoelastic 
behaviour of the material in the bulk and should be interpreted in terms of fracture 
micromechanisms. 


SEM microscopy 

The failure micromechanisms have been investigated using scanning electron 
microscopy (SEM) of the fracture surfaces. 

PS-A shows two distinct features at varying crack speed: for lower speeds, where the 
toughness is also lower, the fracture surface appears very smooth and perfectly 
transparent. Only at very high magnification (10000x) some characteristic features 
could be evidenced (Fig. 8): the fracture surface shows very thin marks, approximately 
perpendicular to the crack front, which probably indicates that microfailures occurs 
inside the single craze preceding the crack front. 





Fig. 8: Fracture surface obtained on PS-A at low speed 
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For higher speeds, the surface appears considerably rougher (Fig. 9) and reflects the 
incident light assuming the characteristic “silvered” appearance of the multiple craze 
process zone. 


so ur 


< 





Fig. 9: Fracture surface obtained on PS-A at high crack speed 


For material PS-B, however, fracture surfaces are significantly different, and no 
fundamentally distinctive features could clearly be identified. Tests conducted at high 
crack speeds again produced “silvered” fracture surfaces (Fig. 10), which, even under 
lower magnification, are considerably rougher than those observed on PS-A. The crack 
is propagating on different planes, which indicates a “multiple craze” crack growth 
mechanism. 





Fig. 10: Fracture surface of PS-B at high crack speed 


Lower crack speeds produced smooth and transparent surfaces, which at high 
magnification (Fig. 11) again appear considerably rougher than those observed on PS- 
A (Fig. 8) with no marks to indicate the crack growth direction. 
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Fig. 11: Fracture surface of PS-B at intermediate crack speed 


For much lower crack speeds, multiple craze “silvered” features appear starting from 
the bottom side of the specimen, which are considerably rough (Fig. 12a), while the 
upper side surface remains essentially unchanged (Fig. 12b). 





Fig. 12: Fracture surface obtained on PS-B at low crack speed on the upper (a) and 
lower (b) portion of the DT specimen 


For very low crack speeds, most of the fracture surface is again smooth and 
transparent, but some bands appear having the characteristic shape of the curved crack 
front (Fig. 13). Closer observation of a single band shows three distinct zones: a first 
one, in which fracture occurs on different planes (Zone A), a second one, which 
reflects the incident light and is significantly rougher (Zone B), an a final one, which 
appears dark and smooth (Zone C). 

Under higher magnification (Fig 14) the morphology of the three zones appears 
significantly different. 
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Fig. 14: Detail of the three zones in Fig. 13 


DISCUSSION 


Craze growth in PS has been shown to occur by drawing new material into the craze 
fibrils from an “active zone” at the craze-bulk interface [6]. This process requires a 
loss of entanglement density [7], and evidence has been given by Kramer and coll. [8] 
of two mechanisms being involved in it: chain scission and chain disentanglement. The 
entanglement network has been shown to play a key role in determining the stability of 
crazes. Only craze fibrils having significant entanglement density can survive to allow 
craze widening and extension. Extensive work [8] on monodisperse PS samples has 
shown that craze stability sharply increases from My = 50000 up to 200000, then 
levelling off for further increase of Mw. Greater stability of disentanglement crazes is 
also to be expected as a consequence of the lower stress they require to grow with 
respect to scission crazes. 

The transition observed in PS-A from smooth (Fig. 7) to rough (Fig. 8) fracture surface 
for increasing crack rate well corresponds to the transition from disentanglement to 
chain scission crazing. At low crack speeds a single, large and highly stable 
disentanglement craze forms at the crack tip, due to small amounts of chains with 
M<M., giving rise to a smooth failure surface. At high propagation rates, however, 
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chain scission crazes are favoured, and they break into micro-cracks soon after 
formation. New crazes are then generated at the crack tip and the whole process is 
repeated. The great number of small crazes on different planes gives rise to the 
observed rough fracture surface. 

In PS-B the entanglement network is “diluted” by a significantly larger fraction of 
molecules having M<M, with respect to PS-A. Transition from scission to 
disentanglement will therefore occur at higher propagation rates and craze stability will 
be lower because of the lower molecular weight. It is therefore not surprising that, 
even at intermediate crack speeds, smooth portions of the fracture surfaces are 
obtained. The gradual transition from scission to disentanglement and the repeated 
occurrence of craze breakdown give rise to the various different zones shown in Figs. 9 
to 11. At very low crack rates, the disentanglement regime is presumably well 
established and the fibril breakdown probability is constant during the entire test. A 
phenomenon similar to the “retarded crack growth” observed in fatigue experiments 
[9] occurs, with the development of the growth bands shown in Fig. 12. It may be 
assumed that, when crazes reach a critical size, fibril breakdown occurs and the crack 
jumps through the growing craze. When the crack finally comes to stop, a new craze 
forms and the process repeats giving rise to the observed bands, the size of which 
reflects the critical size for craze breakdown. 
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APPLICABILITY OF LINEAR ELASTIC FRACTURE MECHANICS 
TO FATIGUE IN AMORPHOUS AND SEMI-CRYSTALLINE POLYMERS 


R.W. LANG, W. BALIKA and G. PINTER 


INTRODUCTION 


Due to the increasing interest in engineering plastics for structural components exposed to cy- 
clic loads, many research efforts have focused on the investigations of their fatigue behaviour 
[1-11]. Of particular importance, among all mechanical loading modes (monotonic, static, cy- 
clic), fatigue loading is the most detrimental to the material’s performance. Moreover, many 
structural failures of load bearing plastics components are related to fatigue. 


Depending on the viscoelastic state of the polymeric material and on the test conditions, fatigue 
failure may occur either by hysteretic-heating-induced thermal failure or via a mechanically- 
induced crack propagation process. Regarding the latter mechanism it is generally accepted 
that the fatigue process, as for any other engineering material, may consist of at least three dif- 
ferent stages. These involve the initiation of a micro-crack, stable crack growth at a measurable 
growth rate, and unstable crack growth (catastrophic fracture) or ductile tearing in the last load- 
ing cycle. 

Unfortunately very little evidence exists that would indicate how much of the fatigue life of 
polymeric components and test specimens that fail by a fatigue crack propagation (FCP) 
mechanism may be attributed to crack initiation and crack propagation, respectively. However, 
since many components contain stress raising defects or inhomogeneities that are characteristic 
of the material (e.g., composites), or are introduced during the fabrication process (e.g., voids, 
inclusions, flaws, microcracks) or subsequently by mechanical handling (e.g., scratches, 
cracks), cracks may be easily initiated and fatigue crack growth may become the service life 
determining factor. 


GENERAL BACKGROUND AND OBJECTIVES 


Kinetics of Fatigue Crack Growth 

From the several different approaches that have been suggested to describe fatigue crack 
propagation in polymeric solids, linear elastic fracture mechanics (LEFM) has received the 
widest application [1, 2, 5, 7, 9, 10, 11]. Thus, it is increasingly recognised that fatigue crack 
growth experiments based on LEFM provide a powerful and effective tool for material charac- 
terization in terms of basic data generation for material ranking and material selection for spe- 
cific applications, and for the development of novel polymeric materials via a better under- 
standing of structure-property-relationships. Compared to other fatigue approaches (e.g., S-N- 
approach as originally proposed by Wöhler (compare [1])), potential advantages of the LEFM 
approach include a reduction in testing time and the number of specimens to be tested, a re- 
duced data scatter and a high sensitivity to changes in the material micro-structure. Most im- 
portantly, however, if applicable LEFM provides a material specific, specimen configuration 
and geometry independent fatigue failure criterion in terms of the kinetics of fatigue crack 
growth. 


According to LEFM principles the growth rate of a fatigue crack, da/dN, under a given set of 


84 R.W. LANG ET AL 


test conditions is governed by the variations in the elastic stress intensity factor, AK, independ- 
ent of specimen geometry and configuration. However, the unique dependence of crack growth 
rates on the stress intensity factor range may not necessarily hold for viscoelastic materials. 
Two of the factors that could cause deviations and which are the subject of this paper are the 
path or history dependence of mechanical properties even in the linear viscoelastic range, and 
the occurrence of pronounced nonlinearity in the viscoelastic stress-strain response. 


For example, consider a center-cracked viscoelastic body experiencing a constant-AK loading 
situation in the tension-tension range. Assuming conditions for crack advance at a stable 
growth rate it is readily apparent that the time under load, or the number of loading cycles, ex- 
perienced by each material element in the crack plane of the uncracked ligament increases with 
the distance from the original crack tip. As a result the crack essentially moves continuously 
into a region of material that has been exposed to a different loading history before separation 
by the propagating crack. Such changes in loading history originating in the so-called far-field 
region may at least in principle not only introduce continuous changes in the viscoelastic state 
of the material away from the crack tip, but may subsequently also affect the local yielding 
behavior of each material element as it is approached by the crack. Accordingly, if the far-field 
history component influences the mechanical response to any significant degree, macroscopic 
fatigue crack growth rates even under constant AK conditions should change. 


Crack tip plastic deformation 

For elastic-plastic materials it is generally acknowledged that plastic deformation takes place in 
a region around the crack tip wherever the elastic stresses meet the yield or flow criterion of 
the material. In this context a number of models have been proposed to describe the size or the 
shape of crack tip plastic zones or both [2, 12-15]. 


For a first estimate it is frequently assumed that the plastic zone, due to stress redistribution, 
should extend over roughly twice the distance at which the y-component in the elastic stress 
field equals the effective yield stress of the material. The effective yield stress is generally 
taken as the product (mp‘oy;), where Oys is the yield stress under uniaxial tension, and mp is a 
measure for the amount of constraint on the plastic zone; mp essentially accounts for the in- 
crease in the stress necessary for yield to occur under the crack tip stress conditions in com- 
parison to the case of uniaxial tension. The size of the plastic zone, rp, is thus given by: 


2 
r, -H5 D 
a |m, Oys 


where K; is the stress intensity factor under pure tensile loading. While m, equals 1 in the case 
of plane stress, a value of V3 has been estimated for plane strain [16]. 


In polymeric solids two principal mechanisms of crack tip plastic deformation - crazing and 
shear yielding - may occur. Although the actual shape of the plastically deformed region at the 
crack tip varies depending on the plastic deformation mechanism, plastic zone dimensions are 
also frequently assumed to be proportional to (Ky/oo)’, where Gp is either the yield or craze 
stress, whichever is relevant. Of course, history related phenomena before yielding or crazing, 
pronounced viscoelastic nonlinearity, and hysteretic crack tip heating may also influence crack 
tip plastic deformation processes by affecting the materials craze or yield stress. 


Objectives 
The major objective of this paper is to discuss the applicability and potential limitations of 
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LEFM concepts to fatigue in engineering plastics. A first sub-objective is to evaluate the poten- 
tial influence of the path or history dependence of mechanical properties on the macroscopic 
FCP behavior of polymeric materials. The role of far-field history effects will be analyzed 
based on fatigue crack growth data generated under constant-AK conditions and based on FCP 
results obtained from various specimen types with vastly different distributions in their far- 
field stresses. A second sub-objective of this study is to present results of plastic zone size 
measurements over a wide range of fatigue test conditions and to examine these results in 
terms of their agreement with fracture mechanical predictions. 


EXPERIMENTAL 


Materials and Specimen Preparation 

The polymeric materals investigated included amorphous plastics such as polycarbonate (PC), 
poly(methyl methacrylate) (PMMA) and unplasticized poly(vinyl chloride) (PVC-U), and 
semi-crystalline materials such as various grades of high density poly(ethylene) (PE-HD), and 
poly(1-butene) (PB). Four types of specimen configurations including center-cracked tension 
(CCT), single-edge-notched (SEN), compact-type (CT) and wedge-open-loading (WOL) 
specimens were used to perform the FCP experiments (Fig. 1). 


Fatigue Crack Propagation Testing 

FCP testing was performed using servo-hydraulic closed-loop testing systems. Environmental 
conditions were laboratary air at 23 + 1 °C and 80+ 1 °C, respectively. The applied waveform 
was sinusoidal with a constant load amplitude and a minimum/maximum load ratio, R, of 0.1. 
Values for the stress intensity factor range, AK, were obtained as 


AK = K mar — K min = Kya, ‘(1-R) (2) 


where Kmax and Kmin are the maximum and the minimum stress intensity factors, respectively, 
in a loading cycle. To avoid any effects of larger-scale hysteretic specimen heating, test fre- 
quencies were selected in the range from 1 to 10 Hz. 


Two types of experiments were conducted. In the constant-AK experiments the loads were ad- 
justed manually in crack increments of 0.1 to 0.2 mm, usually without interrupting the experi- 
ments. In the second set of experiments different specimen configurations were tested under 
constant load-range conditions. In this case the crack length was monitored after typical incre- 
ments of 0.2 to 0.4 mm. Crack length measurements were performed with a travelling micro- 
scope. 


Plastic zone size measurements 

Craze dimensions in PMMA under fatigue loading conditions have been measured using 
miniature CT specimens and the optical interference method [2, 18]. For all other materials 
plastic zone dimensions were determined using optical microscopy on fracture surfaces (shear 
lip measurements in PC) [2] or on specimen side surfaces (craze or process zone measurements 
in PE-HD, PP, PB) [10]. In order to obtain information on cyclic effects on plastic deformation 
at crack tips, these experiments were performed at various R-ratios (R = Kmin/Kmax). 


Further details as to the materials and the test procedures and the data reduction schemes are 
described elsewhere [2, 9, 10]. 
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Fig. 1. Specimen types and configurations for FCP experiments (a - crack length, W - speci- 
men width). 


RESULTS AND DISCUSSION 


Kinetics of Fatigue Crack Growth 

Typical results of the constant-AK experiments with PC and PMMA are illustrated in Fig. 2 as 
log (da/dN) versus the normalized crack length a/W for various values of AK. The fact that 
macroscopic FCP rates under constant AK conditions are apparently unaffected by changes in 
the normalized crack length, gives a first indication of the validity of LEFM to these polymeric 
systems. Similar results in terms of the a/W-independence of da/dN values were obtained for 
PVC-U and PE-HD (PE 80 type) (Fig. 3). In the latter case, experiments were performed with 
CT specimens under constant load conditions. Equal AK levels for different a/W-ratios were 
obtained by using several specimens, each of which was tested at different load levels. 
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Fig. 2. Fatigue crack growth rates under con- Fig. 3. Fatigue crack growth rates for equal 
stant AK conditions for PC and PMMA. AK conditions at various a/W-ratios for PVC- 
U and PE-HD. 


Additional evidence for the applicability of LEFM to describe the kinetics of fatigue crack 
growth of the materials investigated is shown in Fig. 4 where the results of constant load-range 


Applicability of Linear Elastic Fracture Mechanics to Fatigue 87 


experiments are plotted in the conventional way as log (da/dN) verus log (AK) for different 
specimen configurations. Again, crack growth rates are seen to be uniquely related to the stress 
intensity factor range independent of specimen type. 
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Fig. 4. FCP behavior of PC, PMMA, PVC-U and PE-HD for various specimen configurations. 


Based on these results several important conclusions can be drawn. The fact that crack growth 
rates under constant AK conditions remain essentially unchanged for a/W values from around 
0.2 up to about 0.8 clearly implies that even for very long cracks most of the then relatively 
short unbroken ligament still experiences stresses and strains in the linear viscoelastic range. In 
other words, viscoelastic nonlinearity which invariably exists in the high stress region outside 
the plastic zone, seems to be confined to a very small area around the crack tip. Moreover, even 
though the applied load levels for the various specimen types differed by as much as (and un- 
der some conditions even more than) an order of magnitude, the requirement for small-scale 
nonlinear viscoelasticity, which is crucial for the validity of LEFM to polymers, appears not to 
be violated even in the CCT and SEN specimens which experienced the highest overall 
stresses. 


Of major importance, however, the results indicate that far-field memory effects in these mate- 
tials have no influence on fatigue crack propagation rates. This conclusion is supported by both 
the FCP results obtained from different specimen types which obviously involved different far- 
field stress and deformation histories, and by the circumstance that growth rates under constant 
AK conditions remained unchanged despite the several hundred thousand loading cycles that 
were experienced by some specimens in the course of a single test. 


And yet, possible changes in the thermodynamic and viscoelastic state of the material as it is 
being cycled in the far-field can still not be discounted. Rather these results suggest that far- 
field memory effects are erased entirely as a material element becomes part of the high stress 
region of the advancing crack, regardless of the number of cycles experienced before in the far- 
field. This hypothesis is consistent with the concept of fading memory that is frequently used 
in derivations of nonlinear theories of viscoelasticity [19, 20]. 


Finally it should be emphasized that these findings do not preclude any history related phe- 
nomena originating from a region in the immediate vicinity of the crack tip. Since the FCP 
results indicate that no additional requirements beyond the one that demands "linear viscoelas- 
tic - small-scale nonlinear viscoelastic behavior” are needed, it is clear, however, that any such 
memory effects have to originate from an extremely localized region within the crack tip near 
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field over which K describes the stress distribution. Such localized memory effects and their 
influence on crack tip plasticity are discussed in more detail elsewhere [2, 17 ,18]. 


Crack tip plastic deformation 

As pointed out above, two principal modes of plastic deformation - crazing and shear yielding - 
may occur in polymeric materials. A typical situation where craze formation and shear defor- 
mation at crack tips coexist, is during fatigue crack growth in PC (Fig. 5a). In the specimen 
interior associated with plane strain conditions, craze formation predominates. On the other 
hand, near the free surfaces where plane stress conditions prevail, crack propagation occurs via 
the formation of shear zones commonly referred to as shear lips. According to suggestions by 
Irwin [21] for metallic materials, several attempts have been made to relate the shear lip width, 
ws, to half the plane stress plastic zone size, ry, as follows: 


2 

1 1 K 
w =r, =>r_ =—-| — 3 
Ae DOE Z(E) 6) 
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The results of shear lip measurements on FCP fracture surfaces of PC tested at different R- 
ratios are plotted in Fig. Sb as a function of Kmax. The data are seen to be in reasonable agree- 
ment with predictions based on equation 3 when using the maximum stress intensity factor as 
the relevant correlation parameter, which reflects the irreversible nature of plastic deformation 
in a loading cycle. The experimental values of the shear lip width apparently fall just between 
the plastic zone size estimates based on equation 3 when using the cyclic yield stress value of 
37 MPa and the monotonic yield stress value of 65 MPa, respectively, of PC reported in [22]. 
Hence the consistent decrease in shear lip dimensions with increasing R-ratio is apparently 
related to the magnitude of unloading in a fatigue cycle which affects the cyclic softening be- 
havior of the material deformed plastically by shear yielding at the crack tip [2]. 


In the case of PMMA craze formation occurs at crack tips during fatigue loading over the en- 
tire specimen thickness. As the shape of single crazes frequently assumes a wedge-like con- 
figuration similar to the line plastic zone considered by Dugdale [23], several authors have 
adopted the Dugdale plastic strip model to describe craze formation [17, 24, 25]. According to 
the Dugdale model we can expect the following form for the craze length, le, under cyclic load- 


ing conditions: 
Kay 
m 
Į =—.| irna 4 
-s | = (4) 


where g. is the material’s craze stress (i.e., the stress level necessary to induce crazing). A 
schematic representation of a crack tip craze indicating the Dugdale stress distribution is illus- 
trated in Fig. 6a. 
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a) b) 
Fig. 5. a) Schematic representation of fracture surface in PC; b) Shear lip width in PC for R- 
ratios as a function of Kmax and comparison with plastic zone size predictions (Y.S. - yield 
stress). 
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Fig. 6. a) Schematic representation of a single craze at the tip of a crack showing characteristic 
geometrical parameters along with the crack tip stress profile according to the Dugdale model; 
b) Effect of R-ratio on the craze length at the crack tip in PMMA. 


Experimental data for the craze length in PMMA as a function of Kmax for various R-ratios are 
shown in Fig. 6b. Although the slope of the curves in the double logarithmic plot appears 
somewhat less than 2, no consistent or significant influence of R on the measured craze dimen- 
sions can be established. This finding is in sharp contrast to the above results for PC and ap- 
parently implies that crazing is less prone to cyclic softening than shear yielding. The inferred 
craze stress for PMMA from the results in Fig. 6b is about 90 MPa. For a more detailed discus- 
sion on local stress history effects in cyclically loaded PMMA see [2, 17, 18} 


Plastic zone size results obtained from side surface observations (i.e., plane stress region) dur- 
ing FCP experiments with the semi-crystalline polymers PE-HD (PE 100) and PB are depicted 
in Figs. 7 and 8. While single crazes were observed in PE-HD (Fig. 7a), a crack tip process 
zone consisting of multiple crazes and/or shear bands was characteristic for PB (Fig. 8a). In 
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terms of the plastic zone size dependence on Kmax, for both materials slopes of larger than 2 
were found on double logarithmic scales (Figs. 7b and 8b). The inferred craze or process zone 
stresses of about 49 MPa and 19 MPa, respectively, for PE-HD and PB are not entirely, unrea- 
sonable considering the cyclic nature of the loading mode. 
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Fig. 7. Crack tip craze formation at the specimen side surface during FCP in PE-HD; 
a) Macrophotographic example of the crack tip region; b) Craze length as a function of Kmax 
and comparison with plastic zone size predictions. 





- 


process zone length, mm 





Kpa MPam"® 


a) b) 


Fig. 8. Crack tip process zone formation at the specimen side surface during FCP in PB; 
a) Macrophotographic example of the crack tip region; b) Process zone length as a function of 
Kmax for various R-ratios and comparison with plastic zone size predictions. 


CONCLUSIONS 


Both macroscopic and microscopic aspects of the applicability of the linear elastic fracture 
mechanics (LEFM) approach to fatigue crack propagation (FCP) in polymeric solids have been 
investigated using several amorphous (PC, PMMA, PVC-U) and semi-crystalline polymers 
(PE-HD, PB) as model materials. In good agreement with expectations, the FCP response of 
these materials was found to be independent of specimen geometry and specimen configura- 
tion. Based on these observations it is concluded that viscoelastic nonlinearity is confined to a 
very small region around the crack tip, and that far-field memory effects have no influence on 
the FCP resistance of these materials. 
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On the microscopic scale, plastic zone size measurements have been performed, the results of 
which have been compared to predictions by appropriate crack tip plastic zone models. Based 
on experiments at various R-ratios it was found that the plastic zones in the cyclically loaded 
polymers were controlled rather by Kmax than by AK, although some R-dependent tendency for 
cyclic softening was observed for shear yielding in PC. Moreover, plastic zone dimensions 
appeared to be in reasonable agreement with predictions of the relevant plastic zone size mod- 
els (at least to a first approximation). However, the power exponent relating the plastic zone 
size to the ratio of the maximum stress intensity factor to the relevant plastic deformation stress 
level (Kmax/O0) was found to be somewhat smaller than 2 for PMMA, at around 2 for PC and 
larger than 2 for PE-HD and PB. While these deviations for PMMA and the R-ratio effects on 
plastic zone sizes of PC are discussed and interpreted in more detailed manner elsewhere [2, 
17, 18], a clarification of the findings for PE-HD and PB needs further investigations. 


Finally, it should also be mentioned that the LEFM approach to fatigue in engineering plastics 
may be limited for certain polymer types and for specific test conditions. For example, the 
phenomenon of fatigue crack growth retardation in certain types of poly(propylene) (PP) was 
observed and reported by these and other authors [7, 8, 10, 26, 27]. While some data reduction 
and data presentation procedures have been proposed also for this case, no investigations pro- 
viding clear evidence of specimen configuration independent FCP results have been reported 
so far. Furthermore, using different specimen configurations and test frequencies in experi- 
ments with poly(amide) 66 (moisture content of 4.7 m%), it was shown that nonlinear viscoe- 
lasticity and hysteretic heating on a larger scale result in a violation of basic assumptions of 
LEFM [2, 28]. Under these circumstances, which may in principle arise for any polymeric 
solid for certain combinations of crack size, and specimen or body configuration and loading 
conditions, macroscopic crack growth rates are no longer uniquely related to AK. 
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COMPARISON BETWEEN MATERIAL TOUGHNESS AND 
COMPONENT TOUGHNESS 


D.R. MOORE 
INTRODUCTION 


The application of fracture mechanics to the measurement of toughness for polymeric 
materials is now well advanced. Its use compared to more conventional measurements 
of toughness can be shown to provide advantages and additional insights. The 
European Structural Integrity Society (ESIS technical committee 4) has developed 
many protocols in the form of test methods [1]. Each of these protocols provides an 
experimental route to the measurement of material toughness. 

Polymeric materials are used in the manufacture of components in the plastics, 
adhesives and composites industries. Therefore, it is worth asking the question as to 
whether there is a difference between polymer toughness and component toughness. 
Of course, the difficulty of this distinction is readily envisaged when a polymer is 
used as an adhesive or in a composite. In these circumstances, the component will be 
in the form of metal laminate, or structural joint or an engineering structure with fibre 
reinforcement and as such will be quite different from the properties of the polymer 
on its own. But what of those situations when the polymer is simply used in order to 
manufacture some particular geometric structure? For example, unplasticised poly 
vinyl chloride (PVC-U) can be used to prepare a plaque for a linear elastic fracture 
mechanics test and the same material can be used to extrude a pressure pipe that can 
be used in the water industry. Is there a correspondence between material and 
component toughness under these circumstances? 

A singular or isolated view of this issue is seldom of interest. However, a comparative 
view is a significant issue and has relevance to material selection in that application. 
Consequently, a more pertinent question might be that of whether the comparative 
toughness of two materials is reflected in the comparative toughness of those 
materials in component form. This is the issue that will be discussed in this article. It 
is a further instance where application of fracture mechanics provides clarity and 
resolution. 

The topic will be addressed first in a general sense and then by considerations of 
material selection for pressure pipe applications. It will also be noted that clarity and 
rigour are treated as conjugate variables in this article. As one is developed to assist 
the argument, the other tends to lose focus. 


FRACTURE IN COMPONENTS 


Components are designed not to fail in service! For a specific application the 
geometry and loading details of a structure are defined and then a stress analysis will 
establish a critical component dimension (e.g. thickness) in order to ensure that the 
article is strong enough for service. Usually, this prevents ductile failure in service. It 
is seldom the case that all contingencies are accommodated in such design since this 
would not be cost effective. Moreover, there are circumstances that can lead to crack- 
like fracture in plastics if a relatively simple approach is given to the engineering 
design of the component; circumstances such as dynamic loading, inadvertent 
scratching of a surface or perhaps an environmental attack following an unscheduled 
exposure to some chemical. 
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Consequently, it is of relevance to consider the general scenario that might lead to 
brittle fracture, even when an article has undergone a “strength of materials” approach 
to design. If such a component is subject to loading then linear elastic fracture 
mechanics (LEFM) suggests a simple criterion for failure by consideration of the size 
of the plastic zone associated with a deformation zone in the material: 


Ductile fracture can occur when the plastic zone radius (1p) is relatively large. 
Brittle fracture can occur when the plastic zone radius is relatively small. 


For these conditions to apply, it is implicit that the “flaw” size is small compared with 
the smallest specimen dimension or the size of the plastic zone. If this is not the case, 
then the article by Marshall on the application of fracture mechanics to plastic pipes 
describes the alternatives. For the purposes of this article, we will assume that the 
plastic zone and smallest specimen dimension are the critical parameters. 

In the development of the LEFM test protocols, these relative sizes relate to the 
specimen dimensions that have been selected in order to provide plane strain fracture 
toughness conditions [e.g. 2]. Components are not designed to the same criteria and 
therefore the smallest dimension (for example, a thickness 2) is selected instead. 
Therefore: 

Brittle fracture occurs when r, <<t 


Ductile fracture occurs when r, ~ t 
This leads to the conditions: 


F 
For brittle fracture z is small e.g. < 0.1 


F 
For ductile fracture T is large > 1 


r . . . 
Consequently the term a is a measure of component toughness. When its value is 


large (>1) the component is tough enough, when its value is small (< 0.1) brittle 
r 
fracture may occur. In addition, if the value of Pe is the same for two components but 


made from different materials, then their component toughness is similar. 
Plastic zone radius is given by a number of different expressions of the form: 


r, = ACRE)? (a) 

Jy 
The coefficient A can have a number of values depending on the stress field 
conditions. However, in this illustration we are primarily concerned with a 
comparison of component toughness. Therefore, the value of A need not matter so we 
will give it the value of unity. 
The square of the ratio of fracture toughness to yield stress is called the ductility 
factor (DF) for a material. It is time and temperature dependent and can be used to 
describe material toughness; the larger the ductility factor, the tougher the material. 


DF = (Ke (2) 
Co 


y 
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Therefore, by invoking this further simplification it is possible to equate plastic zone 
size with ductility factor. Naturally, the qualifications associated with doing this need 
to be clear. 


PRESSURE PIPE TOUGHNESS AND TOUGHNESS FOR PRESSURE PIPE 
MATERIALS. 


Pressure pipes can be made from polymeric materials; PVC-U and polyethylene (PE) 
have been popular contenders. Suppose that it was necessary to comment on the 
relative toughness of pressure pipes manufactured from these two plastics. A specific 
size of pipe helps illustrate the discussion, so let us consider a 150 mm diameter class 
C pressure pipe. For the purposes of illustration only temperatures of 23 °C are 
accommodated and loading for short durations only will be considered. Needless to 
say, this makes this example somewhat academic, because long term loading is a key 
issue for pipes that are required to have lifetimes of up to 50 years. However, 
simplification of the service conditions will assist the principal focus of this article. 
(See The Use Of Fracture Mechanics To Assess Plastics Pressure Pipe Materials by 
G.P.Marshall and J.G.Williams for a more detailed description of the performance of 
pressure pipe in the context of the application of fracture mechanics.) 


The first step is to establish the wall thickness required for each pipe. Assuming a 
thin-walled pipe, this is calculated as follows: 


PD 


20, 


t (3) 





P is the pipe pressure, D its diameter and g, is the yield stress for the pipe material. 


The relationship between P and D is given in standard documents (e.g. British 
standard BSI 3505). Therefore, if the polyethylene is a medium density material 
MDPE (density of 945 kg/m*) and the PVC-U is an extrusion grade material, then the 
yield stresses at 23 °C and at Instron type test speeds (e.g 10 mm/min.) might be 28 
MPa and 64 MPa, respectively. 

This leads to two quite different pipe wall thickness values: 

tpyc-u = 6.6mm 


tuppe =14.2mm 


The fracture toughness values (K,) for these materials are taken as 5.2 MPam’” for 
PVC-U and 3.4 MPam?” for the MDPE. To some extent, these are artificial values. 
Although they are typical for those reported in the literature [e.g. 3] the failure 
mechanisms at Instron-type speeds of about 10 mm/min are not the same as those for 
long term loading. Of course, it is long term loading conditions that are important for 
pressure pipe applications. However, the purpose in this example is to highlight a 
concept, not to cite a specific practical case. Therefore, we will adopt the values 
above but with the warning that they should not be used for a real material selection 
case. In any case, the choice of actual plastic pipe grades is much wider than the 
specific instances discussed here. 

By adopting the values of Ke and a, above the following values are determined for 


ductility factor from equation 2 and in turn the values to be used for plastic zone size. 
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DF pycu = 6.6 mm =(F, Jeye_y 
DF mpre = 14.2 mm =(r, ype 


The ductility factor is a measure of toughness; the higher its value the greater the 
toughness of the material. Therefore, the MDPE material is significantly tougher as a 
material than PVC-U. (This is in contrast to the simple measurement of fracture 
toughness!) 

The component toughness for the two pipes can now be calculated: 


ry 
( oe PVC-u pipe = 1.00 


r, 
( Pas MDPE pipe = 1.04 


In other words the toughness of the pipes (within the conditions that have been 
defined) is the same, even though the material toughness of MDPE is significantly 
larger. Therefore, it should not be assumed that material toughness and component 
toughness are necessarily the same for plastics. 


CONCLUDING COMMENTS 


Linear elastic fracture mechanics has been used to provide a method for the definition 
of material toughness and component toughness for plastics. In both cases geometric 
complications in these assessments have been accommodated. Material toughness is 
linked to two material properties, namely fracture toughness (Ke) and yield strength. 
Component toughness also uses these two material properties together with an 
additional critical component dimension (usually the smallest dimension). It should 
not be assumed that comparative material toughness reflects the comparative 
component toughness. 
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THE ENGINEERING DESIGN OF WATER STORAGE TANKS 


D.R. MOORE 


INTRODUCTION 


Linear elastic fracture mechanics (LEFM) describes fracture in polymers and metals. 
This implies that with the knowledge of specimen geometry together with the loading 
conditions then the conditions of crack growth are fully described. Therefore, it 
should also be possible to apply LEFM to the avoidance of such fractures in 
components manufactured with polymers. Although this seems a reasonable notion it 
has proved a difficult task in practice. 

Nevertheless, many artefacts are manufactured with polymeric materials and often an 
engineering requirement relating to significant load-bearing capability is required. It 
is important for safety and economic reasons that these artefacts should not fracture in 
service. In particular, the avoidance of a sudden fracture is especially important. 
Water storage tanks, as used in domestic applications, that are cylindrically shaped is 
one such example. Polyethylene is used in the manufacture of these tanks by 
application of a rotational casting process. In this article we will examine how such 
tanks can be designed, in engineering terms, by the use of linear elastic fracture 
mechanics and also by standard strength of materials considerations. 


ENGINEERING DESIGN OF CYLINDRICAL TANKS 


The way in which a vertical cylindrical tank distorts when filled with a liquid can be 
investigated by a number of approaches. It would be possible to use a numerical 
approach, such as finite element analysis but it is also possible to use an analytical 
approach such as that determined by Timoshenko and Woinowsky-Krieger (1). This 
analysis was simplified by Forbes et al (2) when they applied it to the design of large 
liquid storage tanks fabricated from extruded sheet. With a modest degree of over 
design the engineering equation reduces even further to: 


Sry Bhre 
p d 





(1) 


where op is a design stress, p is the density of the liquid to be stored in the tank, d is 
the tank wall thickness, 4 the height of the liquid level and r the tank radius. 


Moore and Gotham (3) used this equation in the design of rotationally cast 
polyethylene tanks for cold-water storage. The engineering problem was to define a 
magnitude for design stress for the polyethylene and hence determine the appropriate 
wall thickness for the tank of known height and radius in order to avoid the tank 
breaking during a required 5 years lifetime. 


A “STRENGTH OF MATERIALS” APPROACH 


The materials science aspects of the problem were tackled by a combination of creep, 
creep rupture and fatigue experiments on rotationally cast polyethylene samples. 
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Figure 1 shows tensile data for unnotched specimens (specimen geometry is also 
illustrated in the figure). Creep data are also included in the form of isometrics i.e. as 
stress versus log time at constant strain. The creep rupture experiments all indicate 
ductile fracture in the polyethylene samples, but cyclic loading was shown to 
introduce embrittlement after a few weeks testing. The cyclic loading involved 8 
hours on load and 16 hours off load and the data are plotted as total time under load. 
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Figure 1 Fatigue (crosses), creep rupture (circles and triangles) and isometric 
creep data (dotted lines) for rotationally moulded polyethylene at 20°C and 40°C 


The prospect of crack initiation in service could reduce the lifetime of the tank to less 
than 5 years and therefore additional fatigue experiments, involving notched 
specimens, gave an indication of the level of brittle strength. These data are shown in 
Figure 2. They show that a blunt notch (tip radius 250 um) does not precipitate 
severe embrittlement but that as the notch severity is increased (to a sharp crack of tip 
radius 10 um) then a ductile-brittle transition in fracture may occur. The brittle 
strength value was commensurate with a strain level of about 0.025, which had earlier 
been adopted as a limiting value for safe load-bearing design for many grades of 
polyethylene. Therefore that value was used in this particular case to obtain the 5 
years design stress and a value at 20°C of 1.7 MPa is obtained. 
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It is possible that temperatures above 20°C will need to be accommodated in the 
service use of the tanks. Therefore, the 20°C design stress will have to be de-rated for 
temperature. Service use up to 40°C will be accommodated and reference 3 indicates 
how to adjust the design stress for temperature. A general design stress value of 1.13 
MPa emerges. 


This design stress (1.13 MPa) was applied to the engineering design formula of 
equation 1. Tank wall thickness was then established for a wide range of tank sizes. 
For liquids other than water the wall thickness would have been different according to 
the density of the stored liquid but additionally the possibility of environmental stress 
cracking would have been investigated. 


This particular approach to solving the design problem, an approach that we have 
termed “strength of materials”, provides an acceptable solution. However, there is a 
need for a significant experimental work programme together with a broad and 
detailed knowledge of polymer engineering. 
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Figure 2 Fatigue (squares and circles) on notched rotationally moulded 
polyethylene at 20 °C (8 hours on load: 16 hours off load), together with 
isometric data (dotted lines). 
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DESIGN WITH FRACTURE MECHANICS 


Griffith (4) introduced fracture mechanics concepts to describe the brittle strength of 
glass. He postulated that materials contain intrinsic flaws that act as crack-like defects 
in an appropriate stress field. For quasi-brittle materials, Orowan (5) and Irwin (6) 
modified the theory in order to accommodate the plastic deformation that could occur 
around the intrinsic flaw. They expressed the now well known relationship between 
fracture toughness (Ke), flaw size (a) and fracture stress (oF): 


K, =6,Y(a)'? (2) 


This can be applied to rotationally cast polyethylene tanks where the fracture stress is 
a hoop stress and is designated as the design stress (op), Paris and Sih (7) suggest that 
Y=2 and a becomes the intrinsic flaw size. Design of the tank should ensure no crack- 
like fractures and field experience with tanks in successful service for a number of 
years with a wall thickness of 2.1 mm suggests that an intrinsic flaw size of 2.1 mm 
should be helpful (8). Therefore, adapting equation 2 in order to calculate the design 
stress gives: 


K, 
Op <a [3] 


K. should be obtained on rotationally cast polyethylene samples under long term 
loading where brittle fractures are observed. This can be achieved from the results in 
Figure 2 for the notched specimens (tip radius 10 wm) where a value of brittle 
strength of 2.5 MPa is observed. The results in Figure 2 show some scatter therefore 
some confirmatory experiments were conducted on some compression moulded 
samples of a lower molecular weight polyetheylene grade in an air and silicone oil 
environment (3). In these experiments a ductile brittle transition was observed for 
both the air and silicone oil environments and a common value of brittle strength at 
long times under load was observed. The confirmatory experiments gave confidence 
in using the data of Figure 2 for the calculations of K, but also suggested that 
accelerated tests at 20 °C may be possible for other routes in the determination of Ke. 
Returning to the brittle fracture strength value of 2.5 MPa from Figure 2 with the aim 
of calculating Kc. Reference 7 suggests the following equation for the determination 
of the critical value for the stress field intensity factor (fracture toughness): 


2b na a 

K, =o, (ma)? {— tan(—)}""* hO) [4] 
na 2b b 

where og is a stress at fracture remote from the double notch, a is the notch depth, b is 

half the specimen width and IG) is a function of specimen dimensions (7). 


We used og = 2.5 MPa, a = 2 mm and b = 12.7 mm. This generated a value of K, at 5 
years under load (which is commensurate with K; for plane strain fracture) of 155 
MPam!”. 

The design stress at 20 °C is then calculated from equation 3 using a K, value of 155 
MPam'” and a flaw size (a) of 2.1 mm giving a value of 1.7 MPa. This agrees with 
the value at 20 °C from the “strength of materials” approach. If a temperature de- 
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rating factor needs to be applied then a similar approach to that discussed earlier 
should be used. 

An alternative approach for the determination of K, might reduce the effort in 
application of fracture mechanics in this design problem. For example, a relatively 
large thickness beam specimen should enable K, to be determined at short loading 
times and still provide plane strain conditions. Compression moulding technology 
will provide large thickness specimens of polyethylene. A time de-rating factor will 
then need to be applied to the short-term value of K, and ample time dependent 
strength data are available for polyethylene. 


CONCLUDING COMMENTS 


It has been possible to demonstrate the successful application of fracture mechanics 
concepts to the design of cylindrical water storage tanks. In the calculation of design 
stress for 5 years loading times, LEFM provides a similar value to that obtained from 
consideration of the creep, creep rupture and fatigue behaviour of the polyethylene 
used for the application. In this particular example, a comprehensive approach has 
been used in generating long-term properties for both approaches. However, it is 
possible to envisage that the fracture mechanics approach could be conducted in a 
much more time efficient manner for other similar applications. 
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CRITICAL PRESSURE for RAPID CRACK PROPAGATION in THERMOPLASTIC 
WATER PIPE 


P.S. LEEVERS and C.J. GREENSHIELDS 


INTRODUCTION 


Tough polymers such as those used for water pipe pose a real challenge to Linear Elastic 
Fracture Mechanics. Under constant crack driving force, glassy polymers, e.g. PMMA, sustain 
stable crack propagation which is slow enough to be observed directly using simple methods, 
but fast enough to provide data within the duration of a research project. For this reason they 
served a vital role in the development of LEFM for plastics, but are seldom used for load- 
bearing components. The ductile crystalline polymers used for many engineering components 
and structures do sometimes suffer LEFM-compatible brittle crack propagation at stresses well 
below yield, but they usually do so only at very short or very long loading times. In both cases 
the mechanism is probably a combination of disentanglement and of crystalline disintegration 
around tie chain anchor points. At low temperatures and short times this seems difficult to 
believe, since any Eyring-type slip process would be frozen. However it has been argued [1, 2] 
that the separation process is mobilised by adiabatic heating so localised that the surrounding 
bulk polymer remains cold and the crack remains sharp. 


For crystalline polymers the adiabatic decohesion model yields a prediction of the dynamic 
fracture resistance, Gp, under which a brittle crack will propagate, as a function of crack 
speed. At less than 10 m/s or more than a few hundred m/s this resistance becomes very high. 
At some intermediate speed Gp passes through a minimum value given simply [2] by 


Go min =, 3.068, 0H ; ? (1) 


where sw is the size of a structural unit within the polymer melt (interpreted as the extended 
length of a weight-average chain), ø is the mass density of the polymer and H; is the total heat 
to melt unit mass of polymer from the test temperature. Note that earlier developments [1] 
used an expression in which specific enthalpy and latent heat contributions were treated 
separately, but less rigorously. 


The model is restricted to conditions sufficiently deep inside the material for plane strain 
conditions to generate a flat, brittle fracture. Nearer to the free surfaces, plastic flow is less 
constrained and the polymer is effectively tougher. To devise a conservative test method it 
may be necessary to score the surfaces along the crack path so that this free-surface region is 
removed. 
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Fig. 1. If a liquid-pressurised pipe (a) fractures rapidly, the wall hoop stress can relax only 
either (b) with axial flow or (c) with circumferential contraction. 


Under these conditions we can also write, as usual, 


Kymin = (EGonin) > (2) 


so that the model can be used to provide equally conservative predictions of failure loads, 
stresses or pressures. In practice, there are few situations to which Gp is directly useful for 
predicting failure, because most loaded plastic components are small. It is not worth worrying 
about stopping a running crack rather than avoiding its initiation. A pressurised pipeline is an 
exception, as first shown by Irwin [3] in an unpublished report dealing with the problem of 
rapid crack propagation (RCP) in steel pipelines carrying pressurised gas. The analysis was a 
classical application of LEFM and we will review it in full. 


THE CRACK DRIVING FORCE IN WATER-PRESSURISED PIPE 


The pipe section shown in Fig. 1 has an outside diameter of D and a wall thickness B, the ratio 
of these being D’ (whose nominal value is the standard dimension ratio or SDR of the pipe). 
The wall material has a dynamic modulus E and, if D’ is large enough to define the pipe as 
thin-walled, an internal pressure p will give rise to an average hoop stress 


o =+} p - 2) 
The strain energy stored by this hoop stress per unit volume of pipe wall is given by 

a _ PO -2f 

2E 8E 
and since the volume of the pipe wall per unit length is 
DY f 
D) (D - 1) 
we find that the strain energy stored per unit length of pressurised pipe is given by 

2 2 

ap(D\ 7. F 

——\|—zv| (ID -2} W -1 

T 
Now if a crack runs axially along unit length of pipe wall as in Fig. 1(b) and releases all of this 
energy, it will have cut through an area B.D/BD’ of material, where B, s B may be reduced 


by surface notching as described above. The crack driving force G generated by release of all 
(and only) the stored elastic energy is therefore given by 





f 
‘ 
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Ga pr? -27 (D-1). (3) 


It is true that some of the released strain energy is converted to kinetic energy. However, a 
unusual and convenient feature of this system is that for a long pipe section a steady state will 
develop in which the kinetic energy of the region around the crack remains constant. 


For a pipe wall material of known crack resistance Gp, the critical pressure needed to sustain 


steady axial crack propagation can now be predicted by setting G = Gp: 
1/2 


=) — 22 = __ CO" 4 


A pipe pressurised by gas contains an enormous reservoir of energy, some proportion of which 
can contribute to sustaining the crack driving force by driving the cracked pipe wall outwards. 
Determining what this proportion is — and hence what is the resulting reduction in critical 
pressure — is a daunting problem. However, if the pipe is pressurised by water the contained 
energy is much smaller and its contribution can, if necessary, be accounted for. On the other 
hand, if the fractured pipe wall simply contracts in the hoop direction without contracting 
radially (Fig. 1(c)), it contains some bending strain energy which is also unaccounted for. On 
balance, Eqn. (4) is probably more than sufficiently accurate. 


THE PLUGGED S4 TEST 


In practice, the critical pressure calculated using Eqn. (4) is doubly conservative for a pipe 
filled only with water. When a crack has extended far enough along such a pipe, the wall can 
move outwards slightly to relax the internal pressure, even before there is any leakage. A 
decompression wave will now propagate axially through the water, overtake the crack, rob it of 
its driving force and arrest it. It has been shown by Greig [4] using full-scale testing and 
Greenshields [5] using small-scale testing that the case of most concern for water pipe is an air- 
water mixture, in which there is enough air in the pipe to slow down the decompression wave 
and hold up the pressure, but not enough to contribute substantially to driving the crack. 


Greenshields devised a method of RCP testing for water pipe by simulating this situation in a 
well controlled and conservative test, without introducing pressurised air. The method was 
based on the ISO 13477 ‘S4’ (small scale steady state) RCP test method for pipe. A loose- 
fitting internal solid (steel) mandrel is inserted into the pipe, and the annular space between 
pipe and mandrel is pressurised with water (Fig. 2). This reduces the fluid decompression 
wave speed to about 150 m/s, at which the crack easily outstrips it. 
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Fig. 2: The ‘Hydrostatic S4’ pipe test: the pipe specimen contains a close fitting solid mandrel 
and is pressurised by only a thin skin of water. 


In a pipe the plane-stress surface layer referred to above forms primarily at the bore, sometimes 
because the material there has cooled at a different rate and partly because it is differently 
stressed during fracture. The ductile bore layer thickness tends to remain independent of pipe 
wall thickness, so that thinner pipe walls benefit more. This layer is removed, when necessary, 
by notching the bore to a depth of 1-2 mm, and accounting for the effect through the ratio 
B./B in Eqns. (3-4). 


The pipe is pressurised and fracture is initiated from one end, as in a conventional ISO 13477 
S4 test, by impact of a sharp, chisel-ended striker. To establish conservative test conditions the 
crack must run for a one-diameter length even if the pipe is unpressurised, but at all pressures 
below a well-defined critical value p. the crack hardly propagates any further. Only at 
pressures above pe is the wall stress able to drive the crack on to the end of the specimen. A 
series of tests at various pressures and constant temperature — here 3°C, regarded as a 
standard worst-case condition for buried water pipe — can determine p. to any required 
precision. 


RESULTS 


The results of this test method are interesting in several respects. Firstly, once the effect of any 
inner notch has been accounted for they provide what is arguably an absolute minimum critical 
pressure for a water-pressurised pipe. Secondly, the Irwin-Corten analysis suggests that this 
critical pressure can be scaled in a conservative way to other sizes through the assumption that 
Gp is a material constant. Finally, they allow the calculated Gp to be compared with the Gpmin 
value predicted using the thermal decohesion model. Materials not used for pressurised pipe 
but available as 50 mm diameter tube (the size of the main test rig) were therefore tested, while 
for the principal pipe materials (PE and PVCu) other pipe sizes were available and these were 
tested as well. 


The critical pressure results have been discussed in detail elsewhere [5]. Amongst the pipe 
materials PVCu and PVDF do not come out of this test well: both sustain RCP below their 
rated pressures. PE of both strength classes, on the other hand, must be notched in order to 
sustain RCP at all in these sizes, and even then they resist RCP above their rated pressures. It 
is important to re-emphasise that this test represents what is absolutely a worst case scenario in 
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every respect: the pipe has been impacted at high speed, its decompression has been 
artificially prevented, the wall material is at its minimum service temperature and in some 
cases any residual plane-stress ductility has been suppressed by notching. It certainly seems 
unnecessary to apply any further safety factor to the results. 


Table 1 shows the results of Greenshields’ [5] tests on pipe extruded from a number of 
polymers: polyethylene (PE) of two strength classes, unplasticised PVC (PVCu), an undefined 
polypropylene copolymer (PPco), polyvinylidene fluoride (PVDF), polybutene (PB), nylon 6 
(PA6) and amorphous polycarbonate (PC). The structural dimension shown in Table 1 is 
derived from the weight-average molecular weight, as determined by gel permeation 
chromatography, using the molecular weight and fully-extended length of a repeat unit. The 
molecular weight of PVDF could not be determined and a manufacturer’s estimate was used. 
The decohesion temperature is taken to be that of the glass transition for PC and that of full 
crystalline phase fusion for the other polymers, including PVCu. The enthalpy Hs from 3°C to 
the decohesion temperature can usually be inferred from readily available DSC data (here, each 
material was independently tested) and from PVT (pressure, specific volume, temperature) 
plots. 








Pipe dimensions Extended Decohesion Mass Enthalpy RCP resistance, 
Go min 
diameter, SDR, chain temp- density to Tac predicted measured 
Material D D length, erature, p H; (kJ/kg) = (Eqn. (1) [Eqn. {(4)] 
(mm) Sw (um) Tac (°C) (kg/m? (kJ/mô) (ku/m?) 
PE-80 50 11 1.6 130 944 480 2.2 2.6 
PE-80 125 11 1.6 130 942 480 2.2 2.3 
PE-100 50 11 1.8 138 960 490 2.6 3.4 
PVCu 50 13.5 0.4 231 1350 270 0.45 0.64 
PVCu 114 19 0.4 231 1420 290 0.50 0.64 
PPco 50 17 3.6 165 905 420 4.6 3.1 
PVDF 50 17 0.3 174 1785 274 0.45 0.40 
PB 50 t1 3.1 127 939 323 2.9 4.1 
PA6 50 10 0.4 220 1135 436 0.61 1.9 
PC 50 25 0.1 138 1253 180 0.69 0.64 








Table 1: Pipe specimen dimensions, structural and physical parameters and predicted and 
measured fracture resistance for several thermoplastics. 


DISCUSSION and CONCLUSIONS 


At first sight, the Irwin-Corten analysis for axial fracture in pressurised pipe provides an 
unusually clear-cut demonstration of the power and value of fracture mechanics. The outcome 
of the analysis is a simple closed-form equation for critical pressure: Eqn. (4). These long- 
running fractures can only occur at high speeds, at which most of the polymer grades used are 
indeed linearly elastic. 


For the two materials available at different pipe sizes, the assumed material property Gp does 
indeed emerge as a geometry-independent material property. However, if Eqn. (4) is used only 
to scale for pipe diameter and thickness then neither E nor Gp need even be evaluated. If not, 
things get rather more complicated: it would be tempting to use G. data from an impact 
fracture test method such as ISO 17281, but experience and the arguments presented in a 
companion paper [2] suggest that this would be non-conservative. 
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For materials available in tube form, the Hydrostatic S4 serves as a very convenient test 
method for rapid crack propagation resistance Gp. This opens up a wider field of applications. 
Here we have gone on to demonstrate correlation between the measured Gp and that predicted 
from very basic properties using a thermal decohesion model. The correlation is not perfect 
and (for example) the use of extended weight-average chain length as a structural dimension is 
contentious. However, there are few problems in which such a leap in scale from 
microstructural parameters to infrastructural integrity can be made with such an encouraging 
outcome. 
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THE USE OF FRACTURE MECHANICS 
TO ASSESS PLASTICS PRESSURE PIPE MATERIALS 


G.P. MARSHALL and J.G. WILLIAMS 


INTRODUCTION 


Thermoplastics pressure pipes have been in common use for nearly 50 years in a wide 
variety of applications. Materials such as PVC-U and Polyethylene (PE) have long 
been used for water and sewage transmission and distribution all over the world. Both 
materials are relatively ‘cheap’ in terms of raw materials costs and can be readily 
processed from powder and granular feedstock using straightforward extrusion 
equipment. In both cases pipes up to 1m diameter may be made and in the case of PE, 
pipes up to 1.6m diameter have been installed. They are almost ‘commodity’ 
materials for pressure pipes and are certainly the most widely used polymers in the 
pipe industry. 


Traditionally, water utility applications have been dominated by the use of cast iron 
(CI) and asbestos cement (AC) pipes and in many areas of the world, ductile iron (the 
modern successor to CI) is still used as the main choice of pipe material. In most pipe 
‘systems’, the availability and ease of assembly of pipe fittings is of prime 
importance. Plastics materials may readily be moulded into a wide range of complex 
shapes with ease and fittings are generally more widely available. This has made 
plastics a very attractive alternative to C] or DI and Polyethylene in particular has 
found great favour since the flexible nature of PE allows pipes to be bent around 
corners etc without the use of transition fittings. Whilst the pipe material itself may be 
more expensive, the lower installation costs often compensate. With PVC-U, the main 
selling point is the inherent low cost of the raw material combined with a relatively 
high strength which allows the use of thinner pipe walls. 


Where there is danger of pipe failure causing major safety problems — as with 
compressed air and gas pipelines — the materials most commonly used are ABS (for 
air lines) and PE (for gas). In both cases, a prime reason for use has been the ability to 
weld the pipe lengths together and so ensure a leak-free joint since gas leakage from 
socket a spigot cast iron systems has historically led to a number of major gas leaks 
which have subsequently led to explosions. The downside of having a continuously 
welded pipeline is that if a pipe failure were to occur by unstable rapid crack 
propagation (RCP) then the crack may run at high speed for many hundreds of metres. 
Thus high toughness and excellent resistance to both slow crack growth and RCP are 
prime requisites for pipe materials for such critical applications. Most gas utilities in 
the world use PE pipes as their preferred material for distribution systems. 


Whilst failures of water and sewage pressure pipes are generally held to be less 
critical than failures of gas pipes where there is always a risk that lives may be lost if 
there is an explosion, there can be serious consequences. Pipes are frequently laid 
under main roads and motor accidents can occur. There is also major inconvenience 


110 G.P. MARSHALL AND J.G. WILLIAMS 


associated with loss of service of trunk mains — a factor which caused many utilities 
to shun the use of PVC-U in the U.K. when pipes laid in the 1960-70 period failed 
with great regularity. The lack of appreciation of the causes of failure by the pipe 
suppliers and in particular the reasons for transitions in the failure mode from the 
expected ductile yielding to highly brittle crack growth followed by RCP created a 
situation where there was confusion. The standard tests employed by suppliers were 
made on perfect pipes which contained few defects and used loading conditions which 
did not simulate what actually happened in service. Pipes are seldom subject to only 
pressure loading. Variations in installation can create many situations where bending 
moments are applied and under such loading, even small defects can generate critical 
stress intensity factors which subsequently may cause slow crack growth. 


The use of Fracture Mechanics testing methods and analysis provides the only rational 
basis for assessment of pressure pipes which must be sufficiently robust to withstand 
the rigours of installation and operation in the real world. 


MECHANICAL PROPERTIES RELEVANT TO PRESSURE PIPE DUTIES 
The three main mechanical properties that are relevant for pipe applications are: 


Strength: This is clearly of major consequence because low strength materials such 
as plastics generally need larger wall thicknesses than their metallic counterparts. This 
has a major cost implication since plastics pipes costs are directly proportional to the 
weight of material used. 


The long-term strength that a given plastic pipe may sustain without rupture is 
determined using standard long-term pressure tests where pipes are held under 
different pressures/stresses until rupture occurs. A power law relationship is then used 
to predict the value of stress to cause failure after 50 years pressurisation. This value 
of stress is then adjusted using a safety factor to derive a design stress which is used 
to calculate the wall thicknesses required to sustain different values of constant 
pressure. For PVC-U materials, standard bodies throughout the world have generally 
used a safety factor of 2. With PE pipes, safety factors of as low as 1.25 are used. The 
reasons for favouring PE are not transparent. There has been a general feeling that PE 
is a more predictable, ductile material. 


Impact Resistance: This is particularly relevant for PVC-U pipes where there have 
been frequent reports of pipes being damaged by impacts caused during initial 
installation and subsequent excavations onto mains by 3" party contractors. However, 
most PVC-U standards use the drop weight test not to simulate practical 
circumstances but as a process control test. If a pipe is made containing small defects 
in the bore region they will propagate in an unstable manner in the impact test. It is 
almost impossible to cause PE pipes to fail in standard drop weight impact tests and 
no standards specify this type of test. However, in the U.K., the Water Industry has 
specified a notched Charpy impact test for many years (ref. 1) — in the belief that a 
high toughness (Gc) indicates good resistance to RCP. 


Crack Growth Resistance: In early standards for pipes for water and sewerage 
duties, there was perceived to be no need to show that products had any resistance to 
crack growth. It was simply assumed that there was no need and even in 2003, CEN 
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committees composed largely of pipe suppler representatives tend to resist the 
imposition of Fracture Mechanics testing for either PE or PVC-U pipes. In the USA, 
no such tests have ever been proposed or accepted for inclusion in standards for water 
duties. 


With the gas industry the attitude has always been different. The consequences of 
RCP in an all-welded PE system are dramatic. There could be loss of life in heavy 
urban areas if gas mains explode. With the PE systems, British Gas and their 
Engineering Research Station (ERS) carried out fundamental RCP assessment before 
launching PE pipes as the prime distribution system. They also persuaded their pipe 
materials suppliers to carry out their own R&D into the slow crack growth resistance 
of different PE materials — although the Fracture Mechanics tests and requirements for 
high fracture toughness were never codified in standards. Instead, the standards 
required pressure testing at 80°C, which had historically been shown to discriminate 
materials with different levels of ESC resistance. 


FRACTURE MECHANICS APPROACH 


The long-term ductile-brittle transition in failure mode which undoubtedly can occur 
with a number of thermoplastics, can be explained more rationally by invoking a 
Fracture Mechanics approach (ref. 2). The analysis considers the conditions which 
control the initiation and subsequent growth of a crack and has two major benefits: 


(a) If the material fails in a brittle manner at stresses well below that which is needed 
to cause ductile yielding, then a ‘Toughness’ (Kc) can be determined which can be 
used to determine the critical conditions required to produce cracking. The toughness 
can also be used as a useful parameter to compare different materials. 


(b) If the result of testing notched samples is that the material fails in a ductile 
manner, then the exercise has generated confidence that the pipe is capable of 
withstanding failure from the worst-case scenario. 


The way in which cracks affect the strength when acting as stress concentrations 
(generating brittle failure) and alternatively as a means by which the net section is 
reduced (generating ductile failure) is illustrated in Figure 1. 
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Figure 1: Effect of Crack Size on the Stress needed for Brittle and Ductile Failures 


There are two major effects of cracks on the pressure bearing properties of pipes: 


1) 


2) 


The presence of a crack clearly reduces the cross section of the pipe wall; 
since less material is present to sustain the pressure the stress needed to cause 
failure will decrease. For tensile loading (pressure), the wall decreases 
linearly with crack size and so does the gross failure stress, as shown in Figure 
1. This is the net section yielding locus. 


A stress concentration is produced at the crack tip which causes the crack to 
grow when the stress in the general pipe is at a modest level. For a constant 
stress intensity factor at the onset of failure, the stress to cause brittle crack 
growth decreases with 1/V(crack size), shown as the curves in Figure 1. By 
altering the processing conditions for PVC or the basic raw material for PE, it 
is possible to alter the resistance to cracking. This gives different levels of 
stress intensity needed to initiate cracking which are defined by the levels of 
the curves and in turn characterised by single values of the ‘Fracture 
Toughness’ Ke. 


The mode of cracking will generally be brittle for failures controlled by the stress 
concentration. Where it is the reduction in net section which causes low stress failure, 
the material will yield across the ligament ahead of the crack and the mode will be 


ductile. 


There is clearly a critical crack size (ag), where for cracks smaller than a, there will 
be failure by ductile net section yielding and for larger cracks there will be brittle 


failure. For PVC-U, ag will be 2mm if the Fracture Toughness is 3.75MN/m 


3⁄2 Tf the 
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Toughness is raised to 5 MN/m a2 (e.g. via better control of processing) there will be 


no value of ag which will cause brittle failure. 


If the strength of a polymer is increased without a commensurate increase in 
toughness, the net section yield locus alters. There is then a risk that there will be a 
brittle regime for a wider range of initial crack sizes-since the brittle locus will be 
below the yield condition. Hence, ‘strong’ materials are generally found to be more 
prone to brittle failure. 


It should be noted that total ductility of a PE pipe grade may be achieved with a 
modest value of Toughness (approx 1.6 MN/m 32 in the example shown in Figure 1) - 
because of the low yield stress of PE. Such a low level would give serious problems 
for a PVC-U material and indeed such low levels have been measured on PVC-U 
pipes which have failed in service. 


ACCELERATION OF BRITTLE FAILURE OF PE AT 80°C 


World-wide standards committees consistently require the specification of accelerated 
tests at 80°C - even though there are few theories which can rationally explain the 
transition from ductility to crack growth in terms which relate to service conditions. 
It is difficult to translate rate process theories and activation energy explanations into 
terms which are explicable to the average water engineer. What in effect happens is 
that all brittle failures are initiated from tiny ‘inherent’ defects which may be present 
with the feedstock granules. These stay in the molten phase and eventually are located 
close to the pipe bore, since this is the last place to cool during production (e.g. see 
lower RHS photo in Figure 2). At ambient temperatures, these defects are so small 
that they cannot generate a critical stress intensity factor unless the gross stress is 
raised above the yield stress. Thus, brittle failure is unlikely. When the pressure test 
temperature is increased however, both the yield stress and the fracture toughness of 
the PE decrease. With PE, the toughness decreases at a greater rate than the yield 
stress and with some higher density materials, small flaws are above the critical size 
and are able to grow at a critical stress intensity factor which is generated by gross 
stresses below the yield stress. 


It is to be noted that it is possible to accelerate the onset of a ductile-brittle transition 
in PE by introducing larger sizes of cracks into pipe samples — this gives a better 
reflection of the material performance, since there is less sensitivity to variation in 
defect size and location. Also, creating ‘artificial ‘damage’ is far more likely to 
represent the real situation where pipe is scored during handling and installation. This 
procedure was adopted as standard procedure in the mid 1980s by the UK water and 
gas industries in specifications for PE pipes (e.g. ref. 1). This was one of the first 
moves towards using concepts of Fracture Mechanics for materials evaluation by a 
specifying authority. Whilst Fracture Mechanics analytical procedures have not been 
applied to try to predict critical pressures of pipe containing defects, the testing 
methods using notched samples has allowed suppliers and clients to be confident that 
damage commensurate with that likely to be found in service will not compromise 
long term performance. There is much greater confidence that long term ductile-brittle 
failure mode transitions will not occur. 
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USING FRACTURE MECHANICS TESTING FOR PIPE APPRAISAL 


The first changes in standards towards the use of a F.M. approach were made 
following a high profile series of failures of large diameter PVC-U pressure pipes in 
the UK in the 1970s. The common characteristics of the pipe failures was that the 
mode was always a period of slow crack growth initiated from an ‘inherent’ defect in 
the pipe bore — followed by RCP cracking through the complete length of the pipe 
(usually 6m or 12m). Typical failures are shown in Figure 2. 





Figure 2: Origins of Failures and Subsequent Consequences of Brittle Failure 
in PVC-U (top) and PE Pipes (bottom) 


Top: LH: PVC-U origin and slow crack growth: RH: RCP Failure - PVC-U Pipe 
Bottom: LH: Slow crack growth in HDPE. RH: RCP of large diameter HD PE Pipe 


Also shown are examples of relatively rare brittle failures of PE pipes which have 
occurred in service. There is clearly concern that slow crack growth from small 
inherent flaws in pipe walls or in butt fusion welds may subsequently cause failure by 
RCP. The risk that an RCP failure may propagate along complete welded sections 
which may be some hundreds of metres in length is not to be ignored — especially for 
gas distribution systems (see Figure 2, lower RHS photo). 


With PVC-U, conventional pressure tests did not show any significant differences 
between pipes that subsequently failed and those which have remained in service 
without problems. The initial thoughts were that ‘surge and fatigue’ problems had led 
to failures (ref. 3), but a programme of work undertaken by Joseph (ref. 4) showed 
that although the long-term properties of PVC-U were seriously reduced by cyclic 
loading, there was no evidence to show that any one pipe would be more sensitive to 
failure than another (see also ref. 5). This was a major drawback for the argument that 
cyclic loading was the source of problems especially since PVC-U pipes performed 
very well elsewhere in the world where pumping of water was far more commonplace 
than in the UK. Also, it was noted that the UK failures occurred just as frequently on 
gravity mains which are seldom subject to major pressure cycles. There was clearly a 
case that processing of the pipes had a major influence on critical toughness/crack 
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resistance properties and in ‘conventional’ standards there were no tests or analyses in 
common use to discriminate a poor pipe from a good one. 


From on-site forensic investigations, it was determined that the prime cause of failure 
was overloading caused by laying of pipes on stones and boulders which generated 
localised high stress concentrations via loading in bending — a situation not modelled 
in any of the standard tests. Following a long work programme involving testing of 
many new and exhumed PVC-U pipes made by different suppliers (ref. 6), it was 
found that: 


1) The only tests that discriminated between pipes that had known poor service 
history and those that performed satisfactorily were those where the long-term 
toughness properties were determined using pre-notched samples. 


2) The derivation of a Fracture Toughness Kc based on LEFM was the best way to 
assess performance characteristics in short term quality control testing. 


3) The most suitable test was to pre-notch a ring sample, cut a section from the ring 
opposite to the notch and then load the system in bending by applying a dead 
weight load at the cut section (C Ring test). 


It was concluded that for successful service experience pipes should be required to 
have sufficient toughness to withstand at least three factors which may go awry. 


1) It must be assumed that pipes will be damaged and defects will be introduced. 


2) The service loading will seldom be static pressure alone, since additional 
bending moments are frequently applied. 


3) Backfill, bedding and surround materials may differ from those specified and 
will often be compacted inefficiently. There may also be adverse ground 
conditions with waterlogged trenches. 


The UK Water Research Centre (WRC), acting on behalf of the UK water industry, 
introduced the C ring test into UK water industry Specifications (WIS) in 1982 and 
this test was subsequently adopted in BSEN 3505 (ref. 7) 


C RING ASSESSMENT OF LONG-TERM CRACK GROWTH RESISTANCE 


Although it is realistic to model pressure failures using notched pipes which are 
pressurised, it is also possible to closely simulate the actions of point loads etc by 
testing the C-shaped ring specimen (ref. 7). Such samples can be used to measure the 
toughness Ke and typical results on pipes made from various plastics are shown in 
Figure 3. All the samples were subjected to dead weight loading at different loading 
levels until failure occurred. It can be seen that the modified MPVC material has 
higher resistances to crack growth than PE. Indeed, poor PVC-U has almost identical 
fracture toughness characteristics as good HDPE pipe. It was also found that when 
PE pipes are made from some HDPE materials which have low intrinsic toughness, 
the data from this simple test show that problems of brittle crack growth may be 
expected to be worse in such grades of PE than poor PVC-U materials. 
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Figure 3: Toughness data from Notched C ring tests for PVC and PE materials 


That PE appears to be always less tough than PVC-U is, in fact an illusion. PE is 
always less ‘strong’ than PVC and will thus tend to yield and deform in a ductile 
manner at lower stress levels. When the toughness has been increased to a level 
where the stress on the net section ahead of the notch exceeds yield before the brittle 
condition can be initiated, then the sample will eventually fail by ductile collapse. 
Because PE materials have lower yield stresses than PVC, the net section yield 
condition occurs at lower gross stress levels. It is thus not possible to measure a very 
high true toughness since any result is invalidated by yielding. This is the situation for 
all the data shown in Figure 3 except for the cases labelled “Poor PVC/Poor HDPE” 
where as noted above, both these pipes were indeed of inferior quality. 


All pipe which has been identified as having poor crack growth resistance by this type 
of test has been found to have poor service performance. Conversely, very few PVC 
-U pipes discerned to be of high toughness have failed in the UK as a consequence of 
long-term slow crack growth. This is shown in burst data statistics gleaned from a 
U.K. Water Company where details of the burst behaviour of pipes were collected as 
a function of the year in which pipes were laid. The burst rates shown in Figure 4, 
clearly illustrate that there was a very significant decrease in burst rates for PVC-U 
pipes laid after 1982 — which coincides with the date at which all suppliers were 
required to test pipes to ensure that they had a high level of toughness via the 
introduction of the C ring F.M. test in B.S. 3505. 
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Figure 4: Burst Rates of PVC-U Pipes in a UK Water Company (1998 data) 


CRACK RESISTANCE, J-R CURVES 


When either the strength has been reduced or toughness increased such that the crack 
grows in a ductile manner, conventional analysis to determine a Fracture Toughness 
(Kic) by measuring stresses to cause failure, is no longer a valid approach. Rather, it 
is necessary to measure the energy needed to promote a given increase in crack 
growth. The energy/unit area parameter is known as the Crack Resistance (J) and the 
resistance curve is J versus the crack growth Aa. 


Often increasing toughness by altering processing is hard to achieve, and it may be 
more rewarding to reduce the yield stress so as to lower the net section yield line 
below the brittle locus (Figure 1). This could be considered the case with both 
modified PVC and MDPE and for both materials it is not possible to verify whether 
there has also been a commensurate toughness increase using Linear Elastic Fracture 
Mechanics methods, since net section yielding intervenes. The failure mode in 
notched sample tests is via ductile tearing and thus a J analysis is necessary to 
characterise crack growth. 


Much effort has been expended during recent years in developing appropriate test 
methods by working groups in universities and industry throughout Europe and the 
USA via ESIS and ASTM joint programmes. Results from notched 3 point bending 
tests to the new procedure (ref. 8) are shown for a CPE modified PVC in Figure 5. 
Considering the wide range of test centres, the consistency of data is excellent and it 
is to be noted that no group managed to induce embrittlement. 
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Figure 5: Crack Resistance Data for a CPE modified PVC Pipe Material 


Similar results for three types of PE pipe grades are shown in Figure 6. In this case, 
the test was successful in distinguishing differences between the different grades of 
material. The MDPE pipe has markedly better crack growth resistance than either of 
the two HDPE materials. For short lengths of crack extension, the initial sharp crack 
tip in the MDPE becomes blunt as the material at the crack tip deforms and yields — 
forming multiple crazes in the process. 


Where an initial sharp crack becomes blunt because of crack tip yielding, analysis 
(ref. 2) predicts that the slope of the R curve should be proportional to the material’s 
yield stress. That MDPE has a higher slope is indicative of a higher yield stress. 
However, in simple tension, MDPE has a lower yield stress than HDPE. This 
contradiction can be rationalised by proposing that there is an increase in constraint 
on yielding caused by the triaxial stress field at the crack tip. With the HDPE 
materials, there is only marginal constraint because the formation of a single craze at 
the crack tip relieves the triaxial stress field and the slope is close to that expected 
from the yield stress. This is a potentially dangerous condition, since slow crack 
growth can readily occur via void coalescence in the craze. The HDPE 2 material for 
which results are shown in Figure 6 had been known to suffer a number of brittle 
service failures at stress concentrations generated at changes of section in stub flanges 
and so the test results are not inconsistent with field behaviour. 
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Figure 6: Crack Blunting Data for PE Pipe Grades 
A MOVE TO PERFORMANCE SPECIFICATIONS 


The research that has been conducted to determine the mechanisms that produce 
failures in plastics pipe systems over the last 30 years, has shown that pressure alone 
is seldom the cause of problems. Additional bending loads are frequently applied and 
these must be considered and catered for in establishing performance specifications. It 
has also been established that ‘perfect’ products seldom fail. All pipes and fittings 
will be subjected to some degree of ‘damage’ during handling and installation. Stress 
concentrations arising from defects or sharp changes in section represent the most 
common cause of problems with pipes and moulded fittings. It is believed that the 
client needs to be able to specify the provision of products that are fit for purpose and 
for plastic pipe systems. 


A Fracture Mechanics approach using pre-notched samples to assess whether ductile- 
brittle failure modes can be induced and to measure acceptable levels of Ki, is 
believed to provide the most rational approach for identifying plastic materials which 
are likely to have superior service performance. 


When new materials are being considered for pipe applications, Fracture Mechanics 
assessment is the most useful method of predicting whether long term properties will 
be compromised by ductile-brittle failure mode transitions. Test samples are simple to 
make and the loading conditions can be varied with ease to simulate real-life 
situations. The limits of satisfactory performance for a pipe can be assessed quickly 
and both the client and supplier can have confidence that the worst case conditions 
have been simulated. It is to be hoped that the current drive by standards committees 
to simplify all testing in order to achieve consensus does not mean that pipe 
assessment will return to the unsatisfactory state which existed 30 years ago. 
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MATERIALS SELECTION USING FRACTURE MECHANICS 


DONALD D. HUANG, STEPHEN LI and J. GORDON WILLIAMS 


INTRODUCTION 


Materials selection in the design process is determined by many criteria but that of 
toughness is important in many applications. It is in such cases that Fracture 
Mechanics (FM) has a role since it provides a sound basis for choosing the material 
that is least likely to fracture. The methods embodied within FM are capable of 
providing detailed design schemes to define safe loads and limiting flaw sizes [1] but, 
to date, most experience has been with ranking materials by toughness. In order to 
properly rank materials, the end use conditions must be considered. This may require 
testing, for example, at high rates, at non-ambient temperatures or under fatigue 
loading [2]. 


This article describes the use of FM in the materials selection process in finished 
parts. The first case describes the evaluation of several toughened nylons as possible 
replacements for a filled phenolic resin used in making commercial casters. In the 
second, three short glass fibre filled nylon resins are compared for a chair base 
application. In the third case Ultra High Molecular Weight PE (UHMWPE) is 
examined for use in artificial hip joints. These examples illustrate some of the 
considerations that must be taken into account during laboratory testing as well as the 
limitations in data interpretation. 


CASTERS [3] 


Commercial casters can be made in very thick moldings using burlap filled phenolic 
resin. A typical size can be 20 cm in diameter and up to 5 cm thick. Four nylon 
materials of different toughness were explored as possible replacement materials in 
this design. They were nylon 6 (N6), nylon 6,6, (N66), a medium toughened grade of 
nylon 6,6, (MTN66) and a rubber toughened nylon 6,6 (RTN66). Casters were 
injection molded from these materials and then tested along with the phenolic caster, 
by dropping a 445N weight onto the rim from a height of 70 cm. The phenolic 
specimen passed the test but, as shown in Table 1, two of the nylon samples passed 
and two failed. Also shown in Table 1 are the conventional mechanical property test 
data for the materials. 


Table 1. Mechanical Properties and Impact Test Results 
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There is no apparent correlation of any of these properties with the caster Impact Test 
results since the two materials with the lowest and highest properties (N6 and RTN66) 
both passed (as did the phenolic) while the middle two did not. In fact the N6 caster 
was partially damaged and in reality should be counted as a failure. Thus only the 
strongly toughened material passed the test along with the phenolic which would 
usually be regarded as a relatively brittle material. Some light was thrown on this 
when the moldings were sectioned. The phenolic was sound throughout but all the 
nylon parts contained fabrication voids approximately 2 cm in length. These voided 
moldings would require very high fracture toughness to prevent failure, as was 
observed. 


These phenomena are embodied in the Linear Elastic Fracture Mechanics (LEFM) 
relationship, 


K? = EG, = 0}Y’a (1) 


where K, is the critical stress intensity factor 
E is Young’s Modulus 
G, is the fracture toughness 


a, is the critical stress 


Y is a geometrical factor (~ 4) 
and a is the flaw size. 


The toughness appears in the left hand side of the equation while the failure stress, 
and hence energy, appear with the inherent flaw size on the right hand side. The 
voided samples have a high a and hence a high G, (or K,) is required to give a 


sufficiently high energy, proportional to o7/2E , to prevent failure. 


LEFM may be applied to N6, N66 and the phenolic composite and tests were 
performed according to appropriate standards [4,5] on all three. The values are given 
in Table 2 and show a clear ordering of N6 > N66 > phenolic. Since the fracture 
toughnesses of the nylons were higher than the phenolic, one route to fracture 
prevention would be through optimized molding conditions to decrease the void size. 
Using (1) and the finding that the N6 caster was marginal in performance, FM 
predicts that a reduction of void size by 1/3 in the N66 caster should lead to successful 
impact performance. 


Table 2. LEFM Results 





| Material | K.,MPaNm | Gp kJ Im? 
6.9 
4.5 
1.1 
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The toughened materials undergo plastic deformation prior to fracture which results in 
stable crack growth and non-linearity which violates the LEFM criteria. The 
toughness in these circumstances can be evaluated using Elastic-Plastic Fracture 
Mechanics (EPFM) through the use of the J integral [6,7]. In this case the toughness 
is characterised by J, as a function of crack growth which is usually expressed in a 
power law form, 


J=J,(Aa/Aa,)", Aa,=imm, J ink//m’, Aainmm. (2) 


Generally N ~ 0.6 for these tough materials so the curve is initially steep and tends to 
level off at higher Aa values. For less tough materials N is smaller leading to an 
earlier plateau and for N =0 there is a single value, J,= G,, the LEFM parameter. 
Because of the rising curve it is difficult to define an appropriate initiation value of J 
to compare to G.. The current ISO standard arbitrarily selects the J value at a growth 
of 0.2 mm, Jo2, for comparative purposes. These values along with the values of J, 
and N are given in Table 3 to illustrate these concepts. Note that the Joz values 
correctly rank the toughness of the two toughened nylons. However, both Jp,2 values 
are much higher than G, for N6 yet the MTN66 failed the impact test suggesting that 
the direct comparison between Jo.2 and Ge does not appear to be useful. 


An alternative is to define initial blunting via a blunting line given by [8], 


J =20,.Aa, (3) 


Table 3. EPFM Results 


Mecid TS, [Sea [a Ta 











and to find where this intersects the J-Aa curve and define this as the initiation 
toughness. This is given by, 


J rN 
Fee | 
inir | (20,)" | (4) 


and the appropriate values with the values of Aa, at initiation are also given in Table 


3. The initiation using this definition is at a much lower apparent crack growth, i.e. 
about 0.05 mm compared to the 0.2 mm used in the standard. Although the ranking 
of the Jinx and G. values correspond with the impact test results of the nylon 
materials, it is an open question whether the EPFM values can be used quantitatively 
for fracture prevention. 
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CHAIR BASES [9] 


A set of chair bases was made from three types of glass filled resins (GFR). These 
were a 33% GFR nylon copolymer (GNCOP), a 33% GFR nylon 6,6 (GN66) and a 
30% GFR PET (GPET). The bases were mounted on a screw driven Instron testing 
machine and loaded at 2.5 mm/min until they failed. The failure was typically in a leg 
near the central boss in a section about 4 mm thick and in a direction transverse to the 
flow direction. Table 4 shows the average failure loads for each material. Also shown 
are those loads normalised to the value of the GNCOP material. 


Table 4. Average failure loads 





Material Load kN Normalised Tensile Izod 
























Strength (J/m) 
15.3 100 183 120 
13.2 86 186 117 
10.4 68 158 | 101 








Also shown in Table 4 are tensile strength values and Izod numbers measured on 
standard 3 mm thick specimens. The results are similar with no strong correlation to 
the chair base failure loads. 


It is well known that there is a strong thickness effect in these materials in terms of 
structure. Because of the flow during moulding, there are highly oriented surface 
skins and an isotropic core. The ratio of surface to core thicknesses can be measured 
by sectioning and Table 5 gives values for the three materials for 3, 6 and 12 mm 
thicknesses in addition to the chair bases. 


Table 5. Surface/Core ratio % 














| Material | 3mm | 6mm 12mm | Chair Base 
GNCOP Pan | 50/50 50/50 50/50 
GN66 90/10 ae 45/55 50/50 

| GPET | 30/20 50/50 25/75 25/75 








Although the chair bases were around 4 mm thick the structures are more closely 
approximated by the 12 mm thick plaques. 


LEFM K. tests were then performed on 12 mm thick samples in the transverse 
direction and the values are given in Table 6 together with their normalised 
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Table 6. Average K, values (MPa Vm ) 

















Material 12 mm Transverse direction 
Normalised value % 
NCOP 7.2 100 | 
. 86 | 
PET 4.4 61 





form. Comparison with the normalised loads in Table 4 shows that K, is a good 
predictor of failure providing the appropriate crack orientation and specimen 
thickness are used. 


HIP JOINTS [10] 


The socket, or cup part of artificial hip joints are now mostly made of UHMWPE. 
They generally perform well in practice and failures are uncommon. When failures 
occur, they are often attributed to excessive wear and sometimes cracking. Although 
the primary loading mode is compression, local tensile stresses can lead to fatigue 
cracking. Improved materials based on UHMWPE have been proposed to overcome 
these problems. The prediction of in-vitro performance is very difficult involving 
long time scales and environmental effects, so various mechanical property tests have 
been evaluated as possible predictors. Screening parameters such as Young’s 
Modulus, Yield Stress, Failure Strain from tensile tests, and density have not been 
particularly successful. The most promising test appears to be J-4a tests and fatigue 
tests performed on the cups. 

The J; tests are performed on compression molded samples and used to explore such 
variables as radiation dosage. An example is given in Fig. 1 in which J-4a curves are 
given for a range of dosage levels. A pronounced trend is apparent with drastic 
reductions in toughness with increased dosage. 








Fig. 1 Resistance curves for UHMWPE with difference radiation dosages [10] 

Fatigue crack growth tests were performed on experimental hip cups by inserting a 
sharp crack in a high tensile region and then subjecting it to cyclic loading. The 
amount of crack growth per million cycles was then measured. This is a semi- 
empirical test in that neither K nor G is computed. Since the original crack lengths, 
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test loads, and specimen geometry are nominally constant, the initial applied K is also 
constant. Under these conditions, this test provides a useful comparison of crack 
growth performance. Table 7 gives a set of data exploring the effect of radiation 
dosage and a subsequent heat treatment (HT) process of 5 hrs at 150°C. The basic 
material showed a growth of 0.32 mm/cycles x 10° for a load of 4.2 KN. A dosage of 
2.5 MRad increased this slightly, as expected from the J data, but the heat treatment 
caused a huge increase of a factor of 10* suggesting that such a process is best 
avoided. Similar effects are seen at higher dosage rates. 


Table 7 








[ Treatment Load (KN) | da/dN mm/cycle x 10° 
i None 4.2 0.32 
2.5 MRad 42 









2.5 MRad HT ; 
5 MRad 2.2 





















5MRadHT | 22 
10 MRad 











10 MRad HT 


25,900 


CONCLUSIONS 


The three examples given demonstrate the utility of the FM parameters Ke, Ge and Je 
in materials selection. The need for Je is determined by the level of ductility in the 
material and it is possible to gain some insight from the J-Aa, or resistance R, curves 
as they are sometimes known. Such R curves can be measured for LEFM conditions 
as, for example, in composite laminates, but usually an initiation value is determined. 
When there is a range of materials being assessed which span the LEFM-EPFM range 
then it may be useful to have initiation values for J; , as illustrated for the nylons. For 
the glass filled systems only, Ke was needed and for the UHMWPE, only a 
comparison of the resistance curves was necessary. 


It is also apparent from these examples that great care must be taken to include all the 
relevant factors. For the nylons the presence of voids was crucial to the performance 
and for the glass filled systems the structure is a vital ingredient in the performance. 
When such factors are included, however, the FM parameters work well. 


In these examples the fracture data was reviewed after the event. In practice, of 
course, such test data would be of value in deciding on materials at the design stage. 
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PEEL STRENGTH AND ADHESIVE FRACTURE TOUGHNESS 


D.R. MOORE 
INTRODUCTION 


Peel strength is commonly used in order to monitor adhesive strength. This relates to 
adhesives in many applications and a number of test methods have been used, including 
fixed arm peel [1], T-peel [2], climbing drum peel [3] and floating roller peel [4]. As 
industrial tests, the measured peel strength is used synonymously with adhesive strength. 
However, a global energy analysis [1] using fracture mechanics concepts indicates that a 
number of energy contributions make up the input energy used in pulling apart the 
laminate in a peel test: 


G Wy, WU, Wy Wy (1) 
€ Bda Bda Bda Bda 


where G, is adhesive fracture toughness (adhesive strength), U is an energy term with the 
suffixes ext, s, dt and db relating to external energy, strain energy, dissipated energy in 
tension and dissipated energy in bending, respectively. B is the specimen width and da is 
an increment of crack extension (by peeling in this case). 

In defining peel strength as the adhesive strength, several of the terms in equation (1) are 
removed leaving: 


G. =S (2) 


Therefore an important issue to resolve is whether equation (1) or (2) is needed in order 
to define adhesive strength. Alternatively, the issue is whether the application of fracture 
mechanics concepts contributes value to analysis of the measurement of adhesive 
strength. 

It would be a vast study to examine this issue comprehensively and to include all of the 
geometry configurations referred to in the references above [1-4]. Therefore this article 
will limit consideration to a fixed arm peel test conducted on a polymeric laminate 
system. 


FIXED ARM PEEL OF A PETP/PVC LAMINATE. 


The polymeric laminate. 


A polyethylene teraphthalate/ polyvinyl chloride (PETP/PVC) laminate system based on 
125 um coated PETP film, an ink and a PVC plastisol (500 um) is used for this study. 
(The ink is used for pattern printing). A fixed arm ("L-type") peel test is used as a quality 
control in assessing the peel strength of this system where it is usual for peel fracture to 
occur between the PETP and the ink. In this industrial test, the PVC arm is fixed and the 
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PETP arm is the peel arm. Overall, there is a desire to achieve adequate adhesion 
between the PETP and the ink/PVC system. 


Fixed arm peel test. 


The configuration of the fixed arm peel test is shown in Figure 1. An analysis of the 
energy associated with peel is given elsewhere [1]. 


Peel arm 


(thickness h) Peel force 


P 







Laminate of width B 
0 Peel angle 


Fixed arm of laminate 


Figure 1 Configuration in a fixed arm peel test. 


Peel strength (P/B) is measured in the test for a specific peel angle 8. It is possible to 
obtain equipment that enables the peel angle to be varied in the range 30° to 180° [5]. 


The fixed arm peel test can be supplemented by a tensile stress-strain measurement on the 
peel arm in order to calculate the elastic and plastic deformations that occur in the peel 
arm [1, 5]. 

If there is no strain in the peel arm (known as a peel arm of infinite modulus) then 
Kinloch et al [1] show that the interfacial work of fracture is given by:- 


e 


GG s Ea- cos0) 3 


In practice however, this condition is not realised. If there is elastic deformation in the 
peel arm and dissipated tensile deformation, then the interfacial work of fracture is given 
by:- 


G, =G," = (1+ -cos8) -h fode (4) 
0 


Where h is the thickness of the peel arm and gand € are the stress and strain in the peel 
arm. 
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When there is dissipated energy in bending as well then the interfacial work of fracture is 
given by:- 


G, =G,” -G,” (5) 
Where the dissipated energy term is given by:- 


dU 
G,” =—* 6 
ete (6) 
The dissipated energy term is a complex function but has been derived analytically by 
using elastic-plastic large displacement theory [1]. 


The details of these calculations are given elsewhere [1,5] but essentially conform to the 
global energy analysis concepts in equation (1). 


Peel strength of the PETP/PVC laminate. 


Using a fixed arm peel apparatus the peel strength was measured on laminates of width 
20 mm at a test speed of 5 mm/min. First, the PVC material was fixed to the peel table 
and the PETP film was the peel arm (designated PETP/PVC) and second the PETP film 
was fixed to the peel table and the PVC was the peel arm (designated PVC/PETP). In 
these preliminary experiments, two peel angles were used, namely, 45° and 90°. Peel 
strength (i.e. P/B) measurements are shown in Table 1, where in all cases the peel 
fracture occurred between the PETP and the ink. 


Peel Strength (N/mm) | Peel Strength (N/mm) 
45 ° Peel angle 90 ° Peel angle 


PETP/PVC 
PVC/PETP 











Table 1 Peel strength measurements at 23° C & 5 mm/min on PETP/PVC laminates 


The results in Table 1 demonstrate the problem in attempting to use peel strength to 
monitor adhesive strength. At a specific peel angle the peel strength of the laminates is 
not the same; it depends on which arm of the laminates is the peel arm. In other words, it 
depends on the deformational properties of the peel arm. In addition, for a specific 
laminate (either will do), it is apparent that the peel strength is dependent on the peel 
angle. 


Therefore, peel strength is not an adequate measurement of the adhesive strength and 
consequently equation (2) is an inadequate description of adhesive fracture toughness. 
Expressed in different terms, equations 2 relates to the energy required to pull the 
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laminate apart, whilst what is required is a measure of how well they are bonded together. 


Adhesive fracture toughness from the fixed arm peel test. 


The fixed arm peel test, with PETP as the peel arm, has been conducted for a wide range 
of peel angles. Peel strength has been measured as well as the tensile stress versus strain 
behaviour of the PETP peel arm. Consequently equations 3-6 can be used in order to 
calculate the input energy with and without elastic corrections, the dissipated energy and 
the adhesive fracture toughness. These four terms are plotted against pee! angle as shown 


in Figure 2. 
2500 qpe 
2000 - 


1500 - 


G J/m? 


1000 - 


500 





Peel angle ° 


Figure 2. Fracture toughness (G) versus peel angle for PETP/PVC laminates with PETP 
as the peel arm. Total input energy, input energy adjusted for elastic deformation, plastic 
energy and adhesive fracture toughness values are included. 


Several important observations emerge from these results. 


(i) The elastic corrections are very small since the terms Ga” E and Ga” are virtually 
the same. 


(ii) The terms Ga“ E and G4 are both strongly dependent on peel angle. It would be 
unreasonable for adhesive fracture toughness to be peel angle dependent and 


therefore neither of these terms can be adequate measurements of adhesive 
fracture toughness. 
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(iii) Ga ® is also peel angle dependent. 


(iv) The use of equation 5 where the plastic energy is subtracted from the input energy 
(with corrections for elastic deformation) provides an adhesive fracture toughness 
that is independent of peel angle. This is an objective measurement of adhesive 
fracture toughness. 


(v) The plastic contribution to the input energy is up to 70% (from the data in Figure 
1). Therefore, to peel apart the laminate, the level of correction necessary to 
convert input energy to true adhesive fracture toughness can be large. 


Adhesive fracture toughness for different peel arms 


The PETP/PVC laminate can be tested in a manner so that either the PETP can be the 
peel arm or the PVC can be the peel arm. Peel strength results for these two conditions 
were shown in Table 1 and peel strength was not the same despite the plane of fracture 
being the same. 














1000 
800 
“g 600 
S + PETP peel arm 
S 400 @ PVC peel arm 
200 
0 
0 50 100 150 
Peel angle ° 


Figure 3 Adhesive fracture toughness versus peel angle for PETP/PVC laminate, with a 
PETP peel arm and then a PVC peel arm. 


However, the tensile stress versus strain behaviour for both peel arms can be measured. 
Then equation 5 can be used to subtract the plastic energy from the input energy (with 
elastic corrections) in order to determine the adhesive fracture toughness. Figure 3 shows 
this adhesive fracture toughness (from equation 5) plotted against peel angle. 


It can be seen that the adhesive fracture toughness is now the same and independent of 
which arm of the laminate is used as the peel arm. The adhesive fracture toughness is also 
independent of peel angle. 


This is further and convincing evidence for why it is important to account for plastic 
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deformation in the input energy required to peel apart a laminate 


CONCLUDING COMMENTS 


Although peel strength has been used widely for many years as a measurement of 
adhesive strength, the application of fracture mechanics concepts has shown that this 
historic approach is potentially in error. The fracture mechanics approach has shown for 
fixed arm peel measurements on a flexible polymeric laminate system, that correction 
must be made for the plastic deformations in the peel arm. When this is done an objective 
determination of adhesive fracture toughness can be made. 


It is probable that this principle will apply to many other forms of peel geometry although 
not all of the evidence has yet been compiled. 
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PREDICTION OF DUCTILE-BRITTLE TRANSITIONS IN COATING 
MATERIALS. 


D.R. MOORE 


INTRODUCTION 


Polymeric resins are widely used to coat various substrates. The paint industry is the 
biggest single example for which there are decorative and functional applications. The 
use of polymers to provide protection is a particularly important functional application 
and this can only be effectively achieved if the coating does not crack. 


A description of brittle fracture (cracking) is the domain of linear elastic fracture 
mechanics (LEFM) for polymeric materials [1]. Therefore the application of LEFM to 
situations where brittle fracture is to be avoided would seem to be a likely topic for 
discussion. Surprisingly, reality does not bear out this logic mainly because a wide range 
of practical assessments ensures that pragmatism wins over persuasion. 


Nevertheless, there are cases where the application of LEFM can be particularly helpful. 
Consider the requirements of predicting the thickness of a protective polymeric coating 
over a wide temperature range where brittle fracture had to be avoided in impact loading 
situations. The large number of variables implies many practical assessments and the use 
of LEFM can considerably shorten a long programme of practical tests. 


A common scenario to address for fracture of a coating material relates to the possibility 
that it can behave in either a ductile or a brittle manner, dependent on the service 
conditions. When the coating is required to provide protection, then it will be important 
to design the laminate in such a way that brittle fracture is avoided. 


Impact loading of a laminate on the non-coated surface is such a case. The requirement 
is for the coating to be applied at such a thickness that brittle cracks do not occur over a 
range of laminate temperatures. There are four specific issues to solve:- 


(a) Will the coating fracture in a ductile or brittle manner? 
(b) How will the thickness of the coating influence this? 

(c) How will temperature influence this fracture scenario? 
(d) Can one predict when a transition will occur from ductile 


to brittle fracture in the coating material? 


In order to illustrate how application of LEFM can be used to solve this problem, we 
have conducted work on a polycarbonate substrate with an epoxy coating. These 
materials have been used for illustration purposes only. The polycarbonate provides a 
ductile substrate under impact loading whilst the epoxy coating can render both ductile 
and brittle fracture dependent on the test conditions (its thickness and the test 
temperature) 


THE CONCEPTS OF DUCTILE AND BRITTLE FRACTURE 


The general case for ductile- brittle transitions in the coating material is given in Figure 1. 
Absorbed impact energy versus temperature is shown in the top diagram, where it can be 
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seen that low energy absorption accompanied by brittle fracture will occur at low 
temperatures. On the other hand, high energy absorption with ductile fractures will occur 
at high temperatures and a ductile-brittle transition will occur at some intermediate 
temperature. We now require to convert this to an energy versus coating thickness plot at 
some fixed temperature. This is achieved in the lower diagram in Figure 1. 


Brittle fractures can be expected in the coating material when the coating thickness is 
large. This is because the thickness will be large compared with the plastic zone around 
any inherent flaw in the coating material. This maps the low energy and high thickness 
portion of the diagram. As the coating becomes thinner a stage will be reached when the 
plastic zone size around an inherent flaw will be comparable with the coating thickness. 
For such conditions, ductile fracture can be expected. This maps the high energy and low 
coating thickness portion of the diagram. Therefore, a ductile- brittle transition in the 
fracture of the coating material can be expected between these two regions at an 
intermediate thickness. The lower diagram in Figure 1 shows the full shape of energy 
versus coating thickness plot, at a specific temperature. 


In the energy versus thickness diagram, it is known that the thickness of the coating at the 
start of brittle fractures will be at least an order of magnitude larger than a plastic zone 
size. Moreover, under impact conditions it can be expected that the laminate will 
experience relatively large out-of-plane deflections. Therefore, we can associate the 
fracture with plane stress conditions for which the plastic zone radius (r, ) is given by:- 
tp = A ( Ke 2 (1) 
2m Gy 


where K, is a plane strain value for fracture toughness and Oy is a tensile yield stress. 


With a knowledge of those two material properties for the coating material it would be 
possible to calculate the plane stress plastic zone radius and from that determine the 
thickness condition for a ductile-brittle transition in the coating material, when the 
laminate is impacted on the substrate side. If that is known at one temperature it can also 
be made available at a range of temperatures and hence the temperature dependence of 
the laminate in impact can be predicted. 


PREDICTION OF COATING THICKNESS AND COMPARISON WITH 
EXPERIMENT 


Table 1 summarises the fracture properties for an epoxy coating material for a range of 
temperatures. These fracture properties can be obtained using existing test methods [2]. 
Yield strength is measured in compression [3] and then converted to tension by dividing 
by an empirical factor of 1.3. 


Prediction of Ductile-Brittle Transitions in Coating Materials 139 


Criterion for Ductile/Brittle Transition 


Ductile 


U (J) 


Temperature 












U (J) Ductile 


F (°C) 
Brittle 


t epoxy 


| 
| 


t= Wrp 


Figure 1 Criteria for ductile-brittle transitions in coating material. 
Top curve on the basis of energy versus temperature. 
Bottom curve on the basis of thickness versus temperature. 
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Temperature Ke Yield strength 
(c (MPam!/2) (MPa) 


82 


Table 1. Fracture properties at 1 m/s for the epoxy coating material. 





Laminates with different thickness of coating have been impacted under drop weight 
conditions at a range of temperatures. The polycarbonate side was impacted and various 
impact energies were used in order to achieve coating fractures that ranged from ductile 
to brittle. Impact energy versus coating thickness is plotted in Figure 2. The plane stress 
plastic zone size is determined from the fracture data in Table 1. A vertical line at (10 x 
Ip) is drawn onto the graphs in Figure 2 at the various temperatures. These lines mark the 
transition to brittle fracture for the coating material. A comparison between measurement 
and calculation for the transition to brittle fracture (and the coating thickness at which 
this occurs) is shown in Figure 2 and the agreement between measured and predicted 
coating thickness for the ductile - brittle transition is encouragingly good. 


CONCLUDING COMMENTS 


LEFM has been used with considerable success in order to calculate the coating thickness 
(as a function of temperature) for avoiding brittle fracture in the coating material under 
impact conditions. The alternative approach to LEFM involves a large and specific 
experimental programme on coated laminates. Such an experimental study would be 
considerably more costly compared with the LEFM predictions and entirely specific to a 
set of stress and environmental conditions. On the other hand, the LEFM material 
properties and approach are comprehensive and adaptable. 
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Impact Behaviour of PC/Epoxy System 
(Impact Data from Cranfield) 





Energy 40°C 


() Brittle 
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Thickness of Epoxy (mm) 


Figure 2 Energy versus coating thickness at various temperatures where a 
comparison is made between predicted and experimental ductile-brittle transitions 
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THE DURABILITY OF ADHESIVE JOINTS IN HOSTILE ENVIRONMENTS 


B.R.K. BLACKMAN & A.J. KINLOCH 


INTRODUCTION 


The strength and toughness of adhesively bonded joints is known to be very sensitive to 
environmental exposure, especially the presence of moisture [1, 2]. Indeed, joint strength and 
toughness values can decrease significantly upon exposure to water and, as this represents the 
most common service environment, techniques to assess the long term performance of joints in 
this environment, i.e. to assess the durability of the joint, are clearly needed. Such techniques 
should allow engineers to assess the level of deterioration of adhesive joint performance with 
respect to the service environment and to enable the optimisation of an adhesive joint system, i.e. 
the combination of the substrate, adhesive and surface pre-treatment, to provide the best 
durability in a given environment. 


Fracture mechanics has proved to be a very valuable tool in the study of adhesive joint 
durability. In such an approach, well defined toughness parameters may be measured before, 
during and after exposure to the hostile environment. Any deterioration in joint toughness can 
thus be quantified and this information can be coupled with a detailed examination of the 
fracture surfaces after the test to identify the failure path and the likely mechanisms of 
environmental attack. Two approaches followed to assess the durability of adhesive joints using 
fracture mechanics methods are briefly described here. The first is a residual toughness 
approach, where an adhesive joint is manufactured and then immersed in distilled water in an 
unstressed state. Joints are then periodically removed from the immersion tank and tested using 
standard fracture mechanics tests, e.g. DCB or TDCB, and the residual toughness determined 
together with the locus of joint failure. Such tests are frequently accelerated by increasing the 
temperature of the immersion tank to a value greater than would be expected in service, to 
increase the rate of water diffusion into the joint and thus accelerate the degradation. Some 
dangers are introduced by this temperature acceleration, and it very important that different 
failure mechanisms are not induced by the higher temperatures that would not exist at the service 
temperature. The second approach described here is the use of cyclic-fatigue tests using a 
standard fracture mechanics TDCB test specimen with the test performed in the service 
environment. Such an approach has the advantage that it is not necessary to increase the 
temperature greatly above that expected in service, as the fatigue loading ensures that long term 
data can be obtained in a relatively short time period e.g. weeks rather than the months or years 
required for ‘accelerated unstressed ageing.’ Also, by the use of a Paris-Law approach in which 
the rate of crack growth per cycle is plotted against the maximum value of G, i.e. Gmax, usually 
on a logarithmic scale, then a threshold value of G, termed Gn, can be identified, below which 
no crack growth occurs. Such a parameter has obvious potential for predicting the service life of 
joints [3, 4]. 


ACCELERATED FRACTURE MECHANICS DURABILITY TESTS 
Objective 


In this example [5], an accelerated durability test was performed using bonded unidirectional 
carbon-fibre reinforced composite joints in order to compare the performance of four different 
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adhesive joint systems. Both an epoxy based composite (U/C epoxy) and a thermoplastic 
polyetheretherketone based composite (U/C PEEK) were employed. 


Experimental 

The U/C epoxy substrates were lightly abraded and wiped with an acetone soaked cloth prior to 
bonding to manufacture double cantilever beam test specimens. Bonding was effected using 
either a rubber toughened epoxy-paste adhesive (EA9309) from Hysol Dexter or by using a 
rubber toughened epoxy-film adhesive (FM73M) from American Cyanamid. The U/C PEEK 
substrates were lightly abraded and wiped with an acetone soaked cloth and additionally were 
surface treated using a corona discharge apparatus [6] to a level of 20J/mm* prior to bonding 
with the epoxy-paste adhesive and to a level of 10J/mm? prior to bonding with the epoxy-film 
adhesive. These levels have been established to be sufficient to yield a tough, cohesive in-the- 
adhesive failure path in the unexposed joints. Joints were submerged in distilled water at 50°C 
for periods of up to one year. Joints were periodically removed from the environment and tested 
at a constant displacement rate of 2mm/min to measure the value of G, for the joint, and to 
observe the locus of joint failure. The testing procedure and data analysis was as outlined in the 
recently published British standard [7] The values of G. measured for these joints were then 
expressed as a % retention of the 50°C “dry” G. value. A number of unexposed “dry” joints had 
been post-cured at 50°C for periods of up to 18 days to determine the fully post-cured values of 
Gec- These joints were then tested at 23+1°C and 55% relative humidity. 


Results 

The results for the joints bonded with the epoxy-paste adhesive and exposed for periods of up to 
one year are shown in Figure 1(a). All failures remained cohesive in-the-adhesive layer and the 
retained toughness values after one year of exposure were 70% for the U/C PEEK substrates and 
50% for the U/C epoxy substrates. The equivalent results for the epoxy-film adhesive are shown 
in Figure 1(b). All failures in the joints manufactured with the U/C epoxy substrates were 
cohesive in-the-adhesive layer, and the retained toughness values after one year of exposure 
were 50% for these joints. However, the joints employing the U/C PEEK substrates showed a 
much steeper decline in toughness values and this decline was accompanied by a change in the 
locus of failure from cohesive in-the-adhesive to interfacial along the adhesive-substrate 
interface. The approximate % cohesive failure observed on the fracture surfaces are indicated in 
Figure 1(b). After just five months of exposure, the retained toughness was 28% for these joints, 
after which no further deterioration was seen and fully interfacial failure (0% cohesive) was then 
always subsequently observed. 


These results clearly demonstrate the very deleterious effect of water immersion on the 
toughness of all joints studies here. What is also evident from this limited study is that the 
relative dependence of the durability upon substrate material was clearly different (and reversed) 
for the two adhesives employed here. The results allow the identification of combinations of 
adhesive-substrate-surface pre-treatment which yield the poorest durability in this most 
demanding exposure condition. Effects such as adhesive plasticization, swelling, irreversible 
chemical ageing and the breaking down of the intrinsic adhesion forces across the 
adhesive/substrate interface may all contribute to the durability of the joints in a complex 
manner. However, what is clear is that there is a strong need to reduce the time required for 
durability testing, without introducing failure mechanisms that are not observed in-service. The 
cyclic fatigue test discussed below represents one such attempt to overcome this problem. 
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CYCLIC-FATIGUE FRACTURE MECHANICS DURABILITY TESTS 


Objective 

In this example [8], cyclic-fatigue tests were performed using adhesively-bonded aluminium 
alloy TDCB specimens to order to determine the optimum surface pre-treatment for the 
aluminium alloy prior to bonding with a hot-curing, rubber toughened adhesive and prior to 
exposure in a wet environment. 


Experimental 
An aerospace grade of aluminium alloy was employed (BS EN 2014A) and this was bonded with 
a hot-curing toughened epoxy adhesive (EA9628 UNS) from Hysol Dexter Inc. Four different 
surface pre-treatments were employed, as typically used in the aerospace industry. These were: 
(i) grit blasting followed by degreasing (GBD), (ii) chromic-acid etching (CAE), (iii) 
phosphoric-acid anodising (PAA) and (iv) phosphoric-acid anodising followed by the application 
of a primer (PAAP). Tapered double cantilever beam specimens were then prepared with 
substrates pre-treated as described above. Initially, specimens were tested monotonically, with a 
constant rate of displacement of 1.0mm/min being employed. The test environment was 23+1°C 
and approximately 55% relative humidity. The value of G, for the joint was determined, as now 
outlined in the British standard [7]. Joints were then loaded in cyclic fatigue on a servo- 
hydraulic testing machine. Tests were conducted using both a “dry” environment, 23+1°C and 
approximately 55% relative humidity and a “wet” environment, by immersing in distilled water 
at 28+1°C . Tests were performed using a sinusoidal waveform at a frequency of 5Hz and a 
displacement ratio Synin/Smax=1/2. A range of maximum displacement values were employed to 
cover the complete range of applied Gmax values. The growth of the crack was monitored by 
visual examination through an optical microscope at various intervals during the test and thus the 
crack growth per cycle, da/dN, was determined. The corresponding values of Gmax were 
determined via: 
Prax „dC 

G max TN 2b da (1) 
where Pmax was the maximum applied load in the fatigue cycle, b the width of the joint, C the 
compliance (displacement/load) and a the crack length. 


Results 

The values of the adhesive fracture energy measured from the monatomic tests are shown in 
Table 1 for joints prepared with substrates subjected to the four different surface pre-treatment 
techniques. These results indicate that the failure path in the joints consisting of the GBD 
substrates was a mix of interfacial and cohesive and the value of G, measured was 600J/m?, 
However, all the acid based pre-treatments resulted in cohesive failure through the adhesive 
layer, with a correspondingly higher value of G. approximately equal to 1650J/m’. 


Table 1. Values of the adhesive fracture energy, Ge 


Surface Ge Range Locus of 
Pre-treatment (J/m?) (J/m’) failure (*) 
GBD 600 +100 M 
CAE 1550 +50 c 
PAA 1650 +100 C 
PAAP 1700 +50 C 


(6) Visually assessed locus of joint failure: M mixed- via cohesive fracture through the adhesive layer and via 
fracture along the adhesive/substrate interface; C: cohesive fracture through the adhesive layer. 
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The results obtained from the cyclic-fatigue tests in either a “dry” or “wet” environment are 
shown in Figures 2-3. In these figures, the experimental relationship between da/dN and Gmax 
are shown. It is clear that for each condition, a threshold strain energy release rate, Gm, exists, 
below which no cyclic fatigue crack growth occurs. The value of Gm was shown to be dependent 
upon the choice of surface pre-treatment used for the aluminium alloy prior to bonding, and the 
test environment. The “dry” cyclic fatigue results indicate that the values of Gy, are low when 
compared to the values of Ge. However, the locus of failure in these dry fatigue tests was always 
the same as observed in the monotonic tests. Values of Gm measured were 125J/m? for the GBD 
joints and approximately 200-240 J/m’ for the acid-based pre-treatments. The effects of testing 
the joints in an aqueous environment was very pronounced, as clearly seen in Figures 2(a) and 
3(a) for the GBD and the PAA surface pre-treatments. For these joints, the linear region of the 
da/dN versus Gmax plot is shifted towards the left, so that for a given value of Gmax, the rate of 
crack growth is far more rapid in the presence of water, compared to the “dry” environment. In 
addition, the threshold values for the GBD and PAA joints are greatly reduced. This reduction in 
the value of Gy, was accompanied by the locus of failure becoming completely interfacial (as 
assessed via visual inspection). For the CAE joints (Figure 2(b)), the wet environment had 
negligible effect on the value of Gn and the locus of failure, which remained cohesive through 
the adhesive layer. Also, for the PAAP joints (Figure 3(b)), no reduction in the fatigue threshold 
value was measured, although the locus of joint failure was found to have changed from 
cohesive in-the-adhesive to along the primer/adhesive interface. 


CONCLUSIONS 


In the two examples described in the present work, fracture mechanics tests have been used to 
assess the performance of adhesively bonded joints in a wet environment. Fracture mechanics 
parameters, i.e. Ge in the monotonic accelerated durability tests and Gy, in the cyclic-fatigue 
durability tests, have been determined. These parameters were shown to depend strongly on the 
test environment and also upon the adhesive joint system employed, i.e. the combination of 
adhesive, substrate and surface pre-treatment used. The measurement of these parameters, when 
combined with detailed surface analytical techniques, enables considerable progress to be made 
towards identifying the mechanisms of environmental attack. 
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Figure 1. Retention of the 50°C dry Ge values versus ageing time for: (a) the joints bonded with 
the epoxy-paste adhesive and (b) joints bonded with the epoxy-film adhesive. Square points 
indicate U/C epoxy substrates; Diamond points indicate U/C PEEK substrates. (All failures for 
(a) were 100% cohesive failure in the adhesive. The % values indicated on (b) are the % 
cohesive failure observed on the fracture surfaces). 
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Figure 2. Logarithmic crack growth rate per cycle, da/dN, vs logarithmic Gmax for the: (a) GBD- 
pre-treated joints and (b) CAE-pre-treated joints. (“Empty” symbols are for tests conducted in 
the dry environment at 23°C and 55% RH and “filled” symbols for tests conducted in a “wet” 
environment of distilled water at 28°C [8]. 
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Figure 3. Logarithmic crack growth rate per cycle, da/dN, vs logarithmic Gmax for the: (a) PAA- 
pre-treated joints and (b) PAAP-pre-treated joints. (“Empty” symbols are for tests conducted in 
the dry environment at 23°C and 55% RH and “filled” symbols for tests conducted in a “wet” 
environment of distilled water at 28°C [8]. 
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THE INFLUENCE OF ADHESIVE BOND LINE THICKNESS ON THE 
TOUGHNESS OF ADHESIVE JOINTS 


A.J. KINLOCH and D.R. MOORE 


INTRODUCTION 


The use of substances to bond materials together is well established. Egyptian carvings 
dating back more than 3,000 years show the gluing of thin veneers to planks of sycamore. 
Bitumen, tree pitches and beeswax were used as sealants and adhesives in ancient and 
medieval times. The gold leaf of illuminated manuscripts was bonded to paper by egg 
white and wooden objects were bonded with glues from fish, horn and cheese. The 
technology of animal and fish glues advanced during the 18" century. In the 19” century 
rubber and nitrocellulose-based adhesives were introduced. However, decisive advances 
in adhesives technology awaited the 20" century, during which time natural adhesives 
were improved and many synthetic polymers were developed. The demand for adhesives 
that had a high degree of structural strength and were resistant to both fatigue and 
environmental conditions led to the development of many high-performance materials. 
Throughout these times there was always a requirement for adequate adhesive strength 
albeit that these requirements varied widely. Application of the adhesive substance 
always provided choice in terms of the amount required for satisfactory performance. 
This was a pragmatic and variable process driven by a compromise between economics 
and “good” design. There would certainly be a knowledge in experienced hands that too 
much adhesive did not necessarily lead to good performance. 

The growing demands of high performance for structural applications and the use of 
relatively expensive speciality products in high technology components (aerospace, 
automotive and electronic) suggested a need for better understanding on the amount of 
adhesive required. In particular, the influence (performance and cost) of bond-line 
thickness on adhesive toughness. In this context, the application of fracture mechanics 
concepts in demonstrating fracture types (e.g. ductile to brittle) and showing the 
effectiveness of the adhesive bond became an important technological tool. This is 
investigated in this article. 


THE USE OF FRACTURE MECHANICS TO MEASURE ADHESIVE 
FRACTURE TOUGHNESS. 


Tapered Double Cantilever Beam Joints. 

Kinloch and Shaw [1] applied fracture mechanics principles to measure the adhesive 
fracture toughness of joints and the resin systems used to prepare the joints. They were 
following the work of Bascom et al [2] who noted the influence of bond-line thickness on 
adhesive strength. Kinloch and Shaw [1] were investigating some toughened epoxy 
adhesives with the aim of aiding the design of joints. The fracture toughness of a tapered 
double cantilever beam (TDCB) adhesive joint with mild steel substrates [1,3] was 
investigated as a function of bond line thickness and test speed. (This particular test 
geometry has recently been studied in detail and adopted as the British Standard for 
conducting such tests [3,4]). Some of their results are shown in Figure 1 where the 
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toughness versus bond-line plots are observed to rise to a maximum before falling to 
some plateau value of toughness that is independent of bond line thickness. This is 
observed at both test speeds and fracture was always cohesive in the adhesive system. 
These measurements were supplemented with fracture toughness (G,) measurements of 
the resin systems in compact-test geometry configurations, together with modulus (£) and 
yield stress measurements (0), and again as a function of test speed. 


Gc kJ/m2 T 








î 8.3 x 10-7 m/s 


> 1.7x 10-5 mis 


Bondline thickness (mm) 


Figure 1 Fracture Toughness versus bond line thickness at 23 °C at two test speeds 
for TDCB joints [1]. 


The shape of the adhesive fracture toughness versus bond line thickness plots can be 
explained in terms of the plastic zone size at the crack tip relative to the bond-line 
thickness (t) of the adhesive. The plastic zone size (rp) is given by: 
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r= + (FS) plane-strain conditions (2) 
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and Kinloch and Shaw argued that, since the value of rp is greater at the edge of the joint 
(where plane stress conditions act), then equation 1 was the more applicable for 
quantitative studies and direct comparison to the values of bond-line thickness (t). 

The three regions of the toughness versus bond-line thickness plots can be accounted as 
follows: 


(i) 


(ii) 


(iii) 


At small values of bond-line thickness, the plastic zone is relatively large. 
Therefore when it cannot develop fully within the adhesive resin the toughness of 
the resin also cannot be fully developed. The resin is of insufficient thickness to 
accommodate the full development of a plastic zone at the crack tip. In 
consequence the adhesive fracture toughness is small but increases with increases 
in bond line thickness. This is shown in Figure 2. 
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Figure 2 Small bond line thickness 


When the plastic zone just fills the resin then twice its radius is equal to the bond 
line thickness. However, there can be distortion of the stress field ahead of the 
crack due to the presence of the substrates. This can alter the shape of the plastic 
zone from a circular section to that shown in Figure 3 and as a consequence the 
maximum toughness of the joint might exceed the plane-strain value of toughness 
(Ge) of the bulk resin [1,5]. Nevertheless, the joint will then have developed its 
maximum toughness. 


Plastic zone 





Figure 3 The plastic zone just fills the resin region. 


When the bond line thickness increases beyond the situation described in Figure 
3, then the plastic zone fits inside the bond-line thickness of the adhesive. 
Consequently, as the bond-line thickness then increases further in size, so the 
plastic zone eventually becomes small in comparison. At this moment, the 
adhesive fracture toughness becomes independent of bond-line thickness, and 
approximately equivalent in value to the plane-strain toughness of the bulk resin. 
This is shown in Figure 4. 
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Figure 4 Bond line is larger than twice the plastic zone 


The results presented by Kinloch and Shaw [1] fit this overall explanation for their 
tapered double cantilever beam geometry. 


Compact tension adhesive joints 

A compact tension joint (aluminium substrates) was used by Daghyani et al [6] in order 
to investigate the influence of bond line thickness on a rubber-modified epoxy. Tests 
were conducted at 0.3 mm/min. Fracture was cohesive in the adhesive resin region. 
Fracture toughness was proportional to the crack initiation load for this geometry and 
results are shown in Figure 5, where the value for the neat resin toughness is also 
included. 

The pattern of behaviour for the compact tension geometry is consistent to that reported 
for the TDCB geometry and a similar explanation will account for the results. Daghyani 
et al [6] continued the work in order to use finite element analysis of the behaviour and 
emerged with a plausible account based on fracture resistance (J,) versus bond line 
thickness. 
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Figure 5 Fracture initiation load (proportional to fracture toughness) versus bond 
line thickness for rubber toughened epoxy [6] for compact tension geometry. 
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SINGLE EDGE NOTCHED BEAM (SENB) GEOMETRY 


Perhaps the simplest geometry from a practical view-point is the SENB specimen 
geometry. In some unreported experiments, Moore and Hardy [7] used the SENB 
specimen by loading in three-point bending and from its dimensions (width = 10 mm and 
depth 25 mm) and associated force-displacement curve the LEFM parameters of Kc and 
Gc were determined. The adhesive used for this work was a toughened acrylic 
formulation, with a cure cycle of 12 hours at 23 °C. All specimens were stored dry prior 
to testing. 

A number of adhesive bond specimens with adhesive layers of different thickness were 
made. The thickness of the adhesive layer (t) was varied from 0.3 mm to over 3 mm. 
Each specimen was manufactured from two aluminium blocks bonded together with the 
adhesive, using a jig that held the blocks rigid during the cure cycle and controlled the 
adhesive thickness. Prior to application of the adhesive, the faces of the blocks were grit 
blasted and degreased. After curing, any excess adhesive was removed from the specimen 
and the notch sharpened by machining, then tapping a razor blade into the adhesive. The 
adhesive layer and notch were examined and measured using a video microscope. SENB 
joint tests were conducted at 1 mm/min at 23 °C. 

The fracture toughness was determined using the standard protocol [8] and results are 
shown in Figure 7 as a plot of fracture toughness (K,) versus bond-line thickness. The 
force-displacements plots for these bonded specimens were not linear and the extent of 
the non-linearity varied with bond-line thickness. This results in some scatter in the data. 
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Figure 6 Fracture toughness K, versus bond line thickness for SENB geometry at 23 
°C for rubber toughened acrylic resin with aluminium substrates. 
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Plaques (5 mm thick) of the rubber toughened acrylic resin were used in order to measure 
the fracture toughness and yield stress. Property values of oy =34 MPa and Ke =2.1 
MPam'” were obtained. Resin fracture tests conducted at 23 °C did not generate valid 
plane strain data, but lower temperature tests enable an approximate plane strain value at 
23 °C to be generated. A value of the plane-stress plastic zone size was determined from 
equation 1 (using Ke =EG,). resulting in a value of 0.6 mm. Therefore twice this value 
(i.e. 1.2 mm) should define the region in Figure 6 where the maximum value of adhesive 
fracture toughness occurs. This agrees only approximately with observation. The 
difference between prediction and observation is likely due to imperfect conditions for 
generating the plane-strain value of fracture toughness for the neat resin and the non- 
linearity for the force-displacement curves for the joint specimens. 


CONCLUDING COMMENTS 


The application of fracture mechanics principles have been helpful in monitoring the 
manner in which adhesive fracture toughness can be influenced by bond-line thickness. 
This is achieved through consideration of the size of the plastic zone and provides an 
account both for the qualitative and quantitative effects of the bond-line thickness. A 
reasonable predictive capability has therefore been established which would not exist 
without fracture mechanics. Other mechanisms have not been included in our 
considerations. For example, other workers have examined the interaction between 
substrate and adhesive. They refer to an interphase effect where a crack might grow as 
opposed to fracture in the bulk of the adhesive [9]. Nevertheless, this predictive 
capability from fracture mechanics, although not perfect, is geometry independent and 
this has been demonstrated by illustration of adhesive fracture toughness measurements 
for three quite different geometric arrangements for the joints. 


REFERENCES 


1 Kinloch, A.J., and Shaw, S. J (1981), J. Adhesion. Vol 12, p59-77 

2 Bascom, W.D., Cottington, R.L., Jones, R.L. and Peyser, P., J. Appl. Polym.Sci. (1975) 
19, 2545 

3 Moore, D.R., Pavan, A. and Williams , J.G., (Ed) Experimental Methods in the 
Application of Fracture Mechanics Principles to the Testing of Polymers, Adhesives and 
Composites ISBN 008 043689 7 2001 Blackman, B., and Kinloch , A., Fracture Tests on 
Adhesive Joints p203. 

4 BSI 7991:2001 Determination of the mode I adhesive fracture energy Gic of structural 
adhesives using DCB and TDCB specimens (2001) 

5 Hunston, D.L., Kinloch, A.J. and Wang, S.S (1989) J. Adhesion Vol 28, p103-114 

6 Daghyani, H.R., Ye, L. and Mai, Y-W (1995) J. Adhesion Vol 53, p149-162 

7 Moore, D.R., and Hardy, R.S., (2000) Private communication 

8 Moore, D.R., Pavan, A. and Williams , J.G., (Ed) Experimental Methods in the 
Application of Fracture Mechanics Principles to the Testing of Polymers, Adhesives and 


The Influence of Adhesive Bond Line Thickness on the Toughness of Adhesive Joints 155 


Composites ISBN 008 043689 7 2001 Williams, J.G., Ke and Ge at Slow speeds for 


Polymers p11 
9 Bentadjine, S., Petiand, R., Roche, A.A. and Massardier, V., Polymer 42, 14, 2001. 


6271-6282. 


This Page Intentionally Left Blank 


The Application of Fracture Mechanics to Polymers, Adhesives and Composites 
D.R. Moore (Ed} 
© 2004 Elsevier Ltd. and ESIS. All rights reserved. 157 


ADHESIVE JOINT STRENGTH PREDICTION FOR COMPOSITE DESIGN 


J.P.SARGENT AND P. DAVIES 


INTRODUCTION 


Assemblies are frequently the weak link in composite structures. The stress singularities 
associated with free edges make their analysis complex by traditional finite element analyses 
and for the prediction of joint behaviour a fracture mechanics approach appears attractive. 
There is a range of common engineering joints, but probably the most widely used is the lap- 
shear joint. Many authors have derived analysis for both the single/lap-shear, the double lap- 
shear and the cracked lap-shear; this includes both finite element (for example, [1-5]) and 
closed form analytical solutions [5-11]. These solutions may include geometrical and material 
non-linearity, and also the mode-mixity resulting from the combination of induced peel and 
shear forces. A useful introduction to the principles of a fracture mechanics approach to 
Strength prediction for adhesive joints, including crack initiation and propagation for tough 
and ductile adhesives, may be found in the paper given by Fernlund et al. [12]. 


This chapter will describe an example of the use of data from fracture mechanics tests to 
predict the strength of bonded composite joints. First, the tests used to obtain the mixed mode 
fracture envelopes for two adhesives are presented and test results are given. Then the analysis 
of the single-lap shear specimen, based on the work of Papini, Fernlund and Spelt [11-13], 
will be described. Finally examples of correlations between predictions and lap shear test 
results are presented. 


FRACTURE MECHANICS TESTS FOR ADHESIVELY BONDED JOINTS. 


It should first be emphasised that there is currently no standard test method to determine the 
mixed mode fracture envelope for adhesively bonded composite joints. Many studies have 
examined mixed mode fracture, since the early work of Mostovoy, Ripling and colleagues 
[14] over 30 years ago, but the standardization activities in this area have so far concentrated 
on composites. A mode I DCB (double cantilever beam) test method has been developed 
recently for adhesives [15], and for mixed mode (I/II) loading the MMB (mixed mode 
bending) specimen is the most widely used [16]. Mode II shear testing remains controversial 
and few results are available for bonded composite assemblies. 

In the present work fracture mechanics tests were performed on glass/epoxy composites 
assembled by two adhesives. The reinforcement is quasi-unidirectional E-glass, the resin is an 
amine hardened DGEBA-based epoxy (SR1500/2505 from Sicomin). Samples were produced 
by hand lay-up. The first adhesive is the same resin as the matrix, the second is a tough 
commercial structural adhesive (Redux 420). DCB and MMB specimens were employed. Full 
details of the tests have been presented elsewhere [17,18]. Figure 1 shows the mixed mode 
fracture envelopes obtained. 
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Figure 1. Mixed mode fracture envelopes, glass/epoxy composite and bonded composite 
specimens, NL (non-linearity) values. Error bars show + one standard deviation. 


ANALYSIS OF LAP SHEAR SPECIMENS 


Papini, Fernlund and Spelt {11-13] used large deformation beam theory (permitting modelling 
of non-linear geometric behaviour) together with the J formulation of the critical strain energy 
release rate to derive fracture load predictions for the lap-shear joint. This had the merit that 
they were accessible, and could be applied relatively easily to a range of different geometries 
based on different adherend lengths and thickness. For the single lap shear specimen strength 
predictions were made by repeatedly calculating trial strain energy release rates and mode 
ratios using a system of 12 linear equations in 12 unknowns until these matched the critical 
strain energy release rates and mode ratios determined from the measured mixed mode 
fracture envelope. For the 3mm thick adherends the mode ratio YW (=atan(VGy/G)) was 56°. 
For the double lap shear specimen a simpler closed form solution was proposed: 


Bs Flats) (1) 
8E | ha (h, + hy) 


where P is the load, E the modulus, h; the outer adherend thickness and hz half the central 
adherend thickness. In this case previous mode partitioning studies indicated that the phase 
angle was 52°. 

The solutions assumed that the adhesive layer was sufficiently thin such that the global 
deformation of the joint was determined entirely by the adherend material. Assuming no 
influence of adhesive is probably reasonable given long free adherend lengths. However, if the 
adherends were short, giving rise to a greater adherend deformation dependence on the crack 
tip stiffness contribution, or if the adhesive layer was thick, then the adhesive would make a 
significant contribution to the global deformation, and the analysis would be approximate. In 
addition, it should also be noted that the analysis did not deal explicitly with the consequences 
of any non-linear plastic behaviour of the adherends (e.g. as a result of damage or yielding) or 
adhesive, nor of the presence of an adhesive fillet. In spite of these limitations, however, the 
authors did note good agreement between theory and experiment for a rubber toughened 
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adhesive system with very thick (12.7 mm) aluminium adherends with long free adherend 
lengths (~140 - 260 mm). 


LAP SHEAR TESTS 


Tests have been performed on single (SLS) and double (DLS) lap shear specimens, Figure 2. 
Overlap length and adherend thickness have been varied. 





Figure 2. Lap shear specimens , a) SLS, b) DLS 


The failure loads can be recorded, but also other parameters such as the visual appearance of 
first damage and the first acoustic emission. Damage development during tests performed on 
SLS specimens has been followed using a microscope, Figure 3. The presence or absence of a 
spew fillet makes a significant difference to results for the tough adhesive, as has been 
observed elsewhere [20,21]. 





Figure 3. End of bonded overlap just before final failure, a) no fillet, b) with fillet 
Dashed white lines indicate approximate location of adhesive. 


TEST-PREDICTION CORRELATION 


Figures 4 and 5 show examples of the comparison between test results and predictions, for 
SLS and DLS specimens respectively. Error bars indicate + one standard deviation. 
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Figure 5. Comparison test-prediction DLS, different adherend thicknesses, all with 20mm 
width and overlap. 


More details of these tests are given elsewhere [19]. The correlation is quite good for the more 
brittle (SR1500) adhesive. For the tougher adhesive, however, the model overestimates the 
critical load. One reason for this may be that first damage occurs in the composite, not in the 
adhesive layer. It may also be noted that an extensive damage zone develops in the lap shear 
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specimens, which involves the initiation of shear microcracks ahead of the crack tip. Many of 
these are located at small voids in the adhesive layer. This is shown below, Figure 6, and is 
not accounted for in the measurement of the fracture envelope nor in the analysis of the lap 
shear specimens. A more complex model, based on damage mechanics and considering 
adherend damage, may prove more Suitable to model assemblies involving tougher adhesives. 





0.5 mm 


Figure 6. Shear microcracks in tough adhesive layer, DLS specimen unloaded before failure. 
CONCLUSIONS 


Fracture mechanics characterisation tests have been performed to determine the mixed mode 
fracture envelope of glass/epoxy composite bonded with two adhesives. Analysis of lap shear 
geometries has shown that for the relatively brittle adhesive reasonable first estimations of 
failure loads can be obtained. Damage development and accumulation have been observed 
before final fracture. This is more pronounced in the tougher adhesive and must be taken into 
account if better predictions are required. 
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THE ROLE OF THE INTERPHASE AND ITS RESIDUAL STRESSES IN THE 
DETERMINATION OF FRACTURE TOUGHNESS 


J. BOUCHET and A.A. ROCHE 


INTRODUCTION 


The application of organic layers has been well developed for many engineering structural 
components in aircraft, automotive and modern space industries in the last few decades. 
Usually, irrespective of the organic layer thickness, organic materials applied to various 
substrates were considered as a bi-layer system. It was well known that when epoxy 
prepolymers were applied onto metallic substrates and cured, internal stresses were developed 
within both the organic layers and the substrate. These stresses may reduce the work of 
adhesion and induce buckling [1], cracks in the coated materials or coating debonding [2-3]. 
In fact for coated systems, a third inner-layer, called the interphase or interfacial region, 
having different chemical, physical and mechanical properties from those of the bulk coating, 
was created between the substrate and the remaining part of the organic material having bulk 
properties leading to a tri-layer system [4]. The polymer/substrate interphase was a region 
where several reactions take place that induce gradients of residual stresses and rearrangement 
of the structure. In the following, it was called “bulk coating” that part of the organic material 
which has bulk properties. Thus, the entire organic layer can be divided in two parts: the 
interphase and the bulk coating. Usually, when interfacial failure of the organic layer was 
observed, the work of adhesion was characterized by an appropriate yield criterion such as 
ultimate load (lap-shear, pull-off, and flexure tests [4-5]). Unfortunately, this kind of 
parameter was strongly dependent on the specimen geometry. Therefore, a criterion based on 
the fracture energy rather than strength was more suitable for describing the work of adhesion 
[6-7]. To study the crack (or failure) propagation, the linear elastic fracture mechanics theory 
provides an energy criterion: the critical strain energy release rate (G,) which represents the 
sum of all energy losses incurred around the crack tip and which was, therefore, the energy 
required to increase the crack by unit length in a specimen of unit width [8-9]. Thus an 
interfacial failure was generally associated with mode-I (tensile) and/or mode-II (shear) 
fractures along the debonded interface. Hence several test specimen geometries such as the 
tapered double cantilever beam (TDCB) [10-11] have been designed to determine the fracture 
energy of adhesive joints [12]. The TDCB test, proposed by Mostovoy and Ripling [13] can 
be easily adapted to induce “adhesional” fractures in a pure cleavage or tensile-opening mode 
(mode I) which was the most critical mode for adhesively bonded structures [10-11]. The Gr 
from a TDCB test, using specimens with symmetric arms, can be calculated from the 
following equation: 

2 2 x 8M. 
(Grog = Fae | = Sa 0 

2b, ob, Eb, 

Where C was the compliance of the TDCB specimen, Mexp was the experimental geometrical 
parameter (the procedure for the determination of Mexp has been described previously [10]), 
bm was the width of the metallic beam, Em was the substrate Young’s modulus, and Fmax was 
the ultimate load. 
The aim of the present work was to determine the critical strain energy release rate (G,) from 
a three-point flexure test, taking into account both the residual stress profile within the tri- 
layer system (bulk coating/interphase/substrate) and the gradient of mechanical properties 
(Young’s modulus) within the interphase region. Then the critical role of interphase properties 
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can be emphasized. Similarly, other authors [14] have considered residual stresses with other 
geometries. The geometry of the specimens used with the three-point flexure test allows the 
residual stress state to be easily highlighted from the curvature of the specimens. To validate 
our model a comparison between the critical strain energy release rate obtained from a TDCB 
and three-point flexure tests before residual stresses were included will be made. 


THEORETICAL DEVELOPMENT 


Here, the interphase was considered as an inner layer of the coating/substrate system in which 
an initial field of residual stress, denoted (o), was developed. Moreover, it was considered a 
gradient of the Young’s modulus within the interphase as observed experimentally [15-17]. 
The theoretical development was carried out by assuming that all materials of tri-layer coated 
systems were elastic. Under the curing cycle, .tri-layer systems were subjected to strains, 
which can be of either chemical or thermal origins. These were referred to as adhesional 
strains (¢% (y)) because they can depend on the various phenomena resulting from both the 
adhesion and the curing cycle of the coating. Intrinsic stresses were produced as a result of the 
mismatch between active sites of the metallic substrate and the organic network and/or during 
the formation of polymer network. It was quite evident that this kind of stress depends on the 
work of adhesion between the polymer and the substrate. Thermal stresses were developed 
during the cooling process and were the result of the thermal expansion mismatch between the 
metallic substrate, the interphase and the bulk polymer. In this work, total stresses, which 
were equal to the sum of intrinsic stresses and thermal stresses were considered. Our main 
objective was to identify these adhesional strains by using the radius of curvature (R:) of the 


tri-layer system, and to find the resulting mechanical strains ( gmectt y)) in order to determine 


the residual stress profile in the tri-layer system. Then, it was assumed that the total strain 
(e (y)) in the tri-layer system as represented in fig. 1, was: 

yy, 
ely) = eP y) e (y) 1—2 2) 

Ry 

where: y, was the position where the total strain was equal to zero (€ 
coordinate distance and R; was the radius of curvature of the coated sample. 
Considering the geometry and the size of the tri-layer systems studied (fig. 2), the beam 
theory can be used. Based on these assumptions, final uni-axial residual stresses (o) in the x- 
direction of the tri-layer system (bulk coating/interphase/substrate) were given by: 


Piast Ao Z ae pady) (3) 
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Fig. 1: The tri-layer system. Fig. 2: The three-point flexure test (ISO 14679-1997). 
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To determine the distribution of residual stresses in the tri-layer system from equation (3) 
requires a knowledge of the radius of curvature (R;) and the position of the zero deformation 
(Ya). Therefore, it was considered the equilibrium conditions for the force (N) and the 
moment (M) for any cross section area, S, of the coating/interphase/substrate system: 


N = [odS = 0 and M = fyads =0 (4) 
Ss Ss 


For each layer, l, comprising the tri-layer system as represented in fig. 1, geometrical 
parameters and mechanical properties were known. To simplify writing it was adopted the 
following notation: the n-order moment of a function f(y) was denoted as: 


ui 
uf = [fO)y"dS and yy = (5) 
s My 
For the force (N), Eqs. (2) and (3), yield: 
E E 
z a Hi TYM etd 
N = fodS => fods =>. [E ($= - eff yas = A — Pollo gE 29 (6) 
S losi si R, R, 
For the bending moment (M), the rearrangement of Eqs. (3) and (4), yields: 
E E 
yay a Hy — Yol etd 
M = foydS =X, [yo,d = 5) |E y- e dS =A ug" = 0 (7) 
sS l si l si R, R, 


Now, y, and R; were obtained as: 
by My -Y z A - Vogetg th 
“E E E “E and Jo =E E (8) 

Mo Mh =h M My = Vogeee Mo 

It was now possible to determine the adhesional strain evolution law by using the radius of 

curvature. To measure the work of adhesion of coatings to metals, Roche et al. [18] 

introduced a three-point flexure sample geometry (Fig. 2). This three point flexure test has 

already been extensively described elsewhere [19] and standardized (AFNOR T 30010 and T 

76 143 and ISO 14679-1997). The formed block polymer acting as a mechanical stiffener can 

be considered as an interphase and a part of polymeric material having bulk properties. As a 

first approximation, the three-point flexure specimen can be analyzed by using the classical 

beam theory. It was assumed a crack length (a) at the interface between the stiffener (i.e. 

interphase + bulk coating) and the substrate and also it was considered that the total strain 

within the tri-layer system was expressed as: 

Y= Yo x) ©) 
R,(x) 

The radius of curvature and the position where the total strains were equal to zero were 

determined by writing the two equilibrium conditions for the force (N) and the moment (M) 

for any cross-section (area S) of the bulk coating/interphase/substrate system: 


N(x) = fo(x,y)dS = 0 and M(x) = [yo(x, y)ds (10) 


R =- 


e, (xy) =E *(x,y)+E"(y)= 


The rearrangement of equations (9) and (10) allows the radius of curvature and the position, 
where the total strains were equal to zero, to be expressed as a function of the bending 
moment (M(x)). 


ui ui (ue? and yo- EU MOD- ay 
-u a + ug (us ® + M) O EEMO- wees 
Moreover, experimental ultimate parameters Fmax and dmax (i.e. the maximal load and 
maximal displacement respectively at the initiation of the fracture) were associated with a 
critical crack size inducing a significant variation of the sample stiffness. This point was 
generally associated with the initiation of the fracture because it corresponds to the initial size 


of the experimental crack, which can be observed before the propagation of the fracture. In 








R (x)= 
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fact, at this ultimate point, the fracture has already been initiated [20]. It was assumed that, at 
this point, the theory of linear fracture mechanics was applicable since this point corresponds 
to a crack length (a), tending to zero (a0). When a — 0, it was assumed that the beam 
theory assumptions were still valid. The failure in our system was always nearly 
instantaneous, so, Eq. (12) will be written at constant displacement (6). Then, the critical 
energy release rate, in the case of the three-point flexure test, can be defined as: 


| __ 1| ð F y- y) ad : aS 
Gea al J. 5B ayy PU ra 0 ahi £ 0) (12) 


In previous work [21], using a finite element model for both aluminium and titanium 
substrates, the stress pattern for such tri-layer systems was calculated. They shown that mode 
I dominates mode IL. If mode I was dominating the failure initiation it can be stated: 
G flexure =G feire. 


RESULTS AND DISCUSSION 


In recent works [21-24], the formation of 600 um thick interphase was reported when an 
epoxy (DGEBA, DER 332 from DOW) monomer was mixed with an isophorone diamine 
monomer (IPDA from FLUKA) as hardener and applied onto a 600 wm thick chemically 
etched titanium alloy (Ti6AI4V) and cured. When the same epoxy prepolymer was applied 
onto a 500 um thick degreased or chemically etched aluminum alloy (5754) panel and cured, 
the interphase thicknesses were found to be 200 and 250 um respectively. Reminding that to 
identify the adhesional strains, a knowledge of Young’s modulus as a function of the coating 
thickness within the interphase was necessary, figure 3 represents the Young’s modulus as a 
function of the coating thickness for both chemically etched titanium and degreased 
aluminium substrates as reported in [21]. 
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Fig. 3: Variation of the Young’s modulus as a function of the coating thickness for both 
chemically etched titanium and degresed aluminium. 


The data obtained from figure 3 suggests that Young’s modulus was a piecewise linear 
function. Thus the interphase was divided into 3 linear regions i of dhi thickness irrespective 
of metallic substrates. At the interphase/metal interface, Young’s modulus of the metallic 
substrates (i.e. 120 GPa for titanium and 70 GPa for aluminum) was taken and at the bulk 
coating/interphase interface, Young’s modulus of the bulk epoxy (i.e. 3.2 GPa) was used. The 
adhesional strains within the interphase were considered linear and continuous. Adhesional 
strains were considered as constant within both metal and coating having bulk properties. 
Results obtained in terms of residual stresses were represented in figure 4. The maximum 
stresses within the tri-layer system were at the interphase/metal interface irrespective of the 
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metal. In mechanical terms this means that the failure of such systems should take place at the 
interphase/metal interface where residual stresses were at their maximum. To illustrate this 
point, figure 5 represents an SEM observation of the failed surface for a chemically etched 
aluminum substrate [21]. The failure initiation and propagation area can be easily 
distinguished. No trace of polymer was observed at the initiation area in contrast to the failure 
propagation area. FTNIR analysis confirmed this observation irrespective of the surface 
treatment [21]. Thus, both SEM observation and FTNIR analysis confirm that the failure in 
our systems takes place at the interphase/metal interface. 
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Fig. 4: Residual stress profiles in tri-layer systems for both degreased aluminium and 
chemically etched titanium. 


Lastly, the ultimate load obtained for three different aluminium surface treatments was plotted 
against calculated residual stresses at the interphase/metal interface (Fig. 6). It can be seen 
that the work of adhesion determined using an ultimate parameter depends on residual 
stresses. Indeed, when residual stresses at the interphase/metal interface increase, the ultimate 
load decreases. From ultimate load values obtained (Table 1) and by using residual stress 
profiles (fig. 4) for both chemically etched titanium and degreased aluminum, the critical 
energy release rate (G;°"") to initiate the failure (Table 1) was determined. If both the 
interphase and residual stresses were not considered, it was observed that the critical energy 


release rate values obtained by three point flexure (G;, 


lexure 


) or tapered double cantilever beam 
(G7? ) tests, where an interfacial failure was always observed, were in good agreement. This 


confirms the validity of our assumptions. Without the residual stress consideration, G/"” 
values were equivalent for both bi-layer and tri-layer systems. It can be assumed that the 
gradient of Young’s modulus within the interphase can also be neglected irrespective of the 
substrate nature. However, when residual stresses were considered, Gf" values obtained 
were higher than those calculated without residual stresses. Therefore, residual stresses act as 
a potential deformation energy in bonded or painted systems. Obviously as soon as this 
potential deformation energy was higher than the intrinsic adhesion energy of the coating, a 
spontaneous coating failure will occur. 
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Fig. 5: SEM observation of the failed Fig. 6: Ultimate load (Fmax) as a function of 

chemically etched substrate. the maximal interphase/metal interface 
residual stress intensity (Omax) for a coating 
thickness of 0.5 mm. 


When both residual stresses and interphase properties were considered, Gf? values for bi- 
layer or tri-layer system were different in the case of titanium substrate, but about the same 
for aluminum substrate. This means that interphase thickness has to be considered when there 
is a thick interphase. Overall properties (thickness, Young’s modulus gradient, residual 
stresses) of the interphase have to be considered as soon as the interphase thickness cannot be 
neglected when compared to the entire specimen thickness. 


Table 1. Ultimate load, G% and G7? values for both aluminum and titanium substrates. 


Degreased aluminum 











Calculation assumptions GE [Jmj GP [J/m?] Fmax [N] 
Bi-layer system 41 +14% 41 + 10% 20 + 8% 
Tri-layer system 41 +14% 

Bi-layer system + residual stresses 66 + 9% 
Tri-layer system + residual stresses 66 + 9% 
Chemically etched titanium 

Calculation assumptions Ge [J/m?] Gp {J/m?] Fmax [N] 
Bi-layer system 358 + 19% 224 + 51% 25 + 12% 
Tri-layer system 359 + 19% 

Bi-layer system + residual stresses 520 + 15% 


Tri-layer system + residual stresses 468 + 16% 
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CONCLUSION 


In this work, a tri-layer model (bulk coating/interphase/metal) was considered to study the 
interfacial failure in the case of the three-point flexure test taking into account the mechanical 
properties (residual stress profile and Young’s modulus gradient) of the formed interphase. 
The work of adhesion was determined in terms of an energy parameter: the critical strain 
energy release rate noted Gf% . For a bi-layer system (without interphase and without 
residual stresses), the critical energy release rate values obtained by three-point flexure or 
tapered double cantilever beam tests were in good agreement irrespective of the metallic 
substrate. This confirms the validity of our assumptions. The G= results obtained for 


aluminum and titanium substrates show that interphase mechanical properties have to be 
considered as soon as the interphase thickness cannot be neglected. Indeed, residual stresses 
act as a deformation potential energy within coated or bonded systems. Thus, it was possible 
to determine from a three-point flexure test an intrinsic parameter representing the work of 
adhesion. 
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SCRATCH RESISTANCE AND EMBRITTLEMENT OF COATED POLYMERIC 
SYSTEMS 


F. RAMSTEINER, T. JAWOREK, M. WEBER, St. FORSTER 


INTRODUCTION 


To improve the surface properties of polymeric items they are very often covered with a hard 
coating. However, this procedure can entail embrittlement of the system. This premature 
damaging is likely to be caused by the flaws initiated in the brittle coating and the crack 
propagating into the otherwise unnotched tough polymeric substrate. The co-operative 
sequence of events depends on the brittleness of the coating, the toughness of the polymeric 
substrate, and the adhesion between the coating and the substrate. The toughness of the 
coating on the substrate can be characterised in a tensile test by the critical strain at which the 
first cracks are observed under the microscope. The higher the critical strain the tougher is the 
coating. It is not necessary to test the isolated film because the mechanics of thin films are 
different from their constrained situation on a bulk polymer and the latter feature is important 
in applications. The scratch resistance was measured [1] by the needle test in which needles 
are moved with different angles and normal forces on the surface. The damage of the coating 
was judged in the REM and graded from 0 to 5. The results were plotted in a two dimensional 
failure map given by the angle of the needle and the normal force as described for pure 
polymers by Briscoe et al.[2]. In accordance with the main intention of this work which is to 
understand the embrittlement of the coated system, only that aspect is considered in this 


paper. 
MEASUREMENTS AND DISCUSSION 


Figure 1 shows the force deflection record in three point bending Charpy impact test at -20°C 
of an uncoated and of two coated compression moulded specimens of an ASA/PC blend. The 
two different thickness coatings are on the tensile side of the specimens. The uncoated 
specimen is very tough and it does not break in the test. However, a 116 um thin coating film 
reduces the elongation drastically so that the specimen breaks near the peak force. If the 
coating is 158um thick, the specimen breaks at a still lower force and deflection. The coated 
specimens appear to embrittle with increasing thickness of the coating. The initial rise of the 
force is however independent of the coating, including the impact oscillations since the 
thickness of the coating is too thin to influence the deformation curve at the beginning. 
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The very often observed generally decreasing toughness with increasing thickness of the 
brittle coating is demonstrated in Fig.2 also for a ABS material [3], coated with its brittle 
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Fig. 1. Force deflection record of an uncoated and of two coated ASA/PC specimens 
(-20°C) in the three point bending impact test ( thickness of the coating: dı= 116 um, 
dy = 158m) 


SAN matrix. 


If the flaw in the coating is regarded as an initial notch for the specimen, the reduction in 
toughness is not surprising. According to linear elastic fracture mechanics a decrease in 


failure strength is expected with increasing notch length according to 


with Pmax = peak force, Kic = critical stress intensity factor, a = initial crack length, and f is a 


Pmax ~ Kic/fva (1) 


geometrical factor which depends on the geometry of the specimen [4]. 
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Fig. 2. Impact toughness of ABS as a function of the thickness of a brittle SAN 
film calendared on the surface of the ABS-specimen [3]. 
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Fig .3. Models for crack transition from a coating to the substrate 
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In the coated systems the initial short flaw in the coating cannot act as a normal notch in a 
polymer because the crack propagation into the substrate is modified by the interface [5] as is 
shown schematically in Fig. 3. Only if the coating is fixed very strongly to the substrate can 
the initial flaw propagate into the polymeric substrate. If however the coating delaminates 
during stressing the tip of the flaw blunts and can no longer work as a stress intensifier. The 
initial stress initiating flaw does not act as a notch (Fig. 3c) in the direction of the original 
growth. In the case of medium bonding between coating and substrate, both features can 
happen, depending on the local situation near the interface. Additionally, it must be kept in 
mind that in each of these cases the plastic deformation of the polymer near a crack tip at the 
interface is restricted by the hard coating in contrast to a free surface as long as the yield zone 
at the crack tip is influenced by the coating. 

The consequences of the different adhesion between coating and substrate is shown in Figs. 4 
and 5. In both cases the same coating was used, but the polymeric substrate was changed. The 
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three point bending impact measurements were performed at room temperature. In the case of 
the ASA/PC blend (Fig. 4), the mechanically deeply notched specimens show an increase of 
the peak force with the roughly 
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Fig. 4. Maximum force in three point bending test of coated ASA/PC as a function 
of the inverse root of the coating thickness and the notch length. The dotted 
horizontal line is given by the yield strength of the unnotched specimen. 
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Fig. 5. Maximum force in three point bending test of coated triblend as a function 
of the inverse root of the coating thickness and the notch length. The dotted 
horizontal line is given by the yield strength of the unnotched specimen. 
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inverse root of the initial notch length. According to eq.(1) the dependence of the root is 
strongly valid only if the factor f is included. In the coated systems with the assumption, that 
the initial notch length of the system is given by the thickness of the coating, the yield 
strength of the unnotched uncoated specimen is attained. The coating has obviously no 
influence on the yield strength of the pure substrate. In this case, the coating has delaminated 
as is shown in Fig. 6 with light microscopy images on the top (left hand side) and the side 
(right hand side) of the specimen. Clearly many flaws were generated in the coating but were 
deflected in the interface. These debonded parts shine brightly due to light scattering and no 
cracks propagated into the substrate. 

The situation is different with the same coating on a triblend, which is a compound of PA and 
ABS (Fig. 5). Again the maximum bending force of the mechanical deeply notched specimens 
is likely to increase roughly with the inverse of the root of the initial notch length. However, 
the coated systems with different thickness of the coating films reach the yield strength of the 
unnotched specimen only with coating films thinner than 100m. Otherwise the coating 
reduces the yield or peak stress. In this system the coating has not delaminated as is shown in 
the microscope images of the side (right hand side) and on top of the coating (left hand side) 





Fig. 6. Light microscopy images on top and on the side of coated ASA/PC and a 
triblend. The same coating has delaminated on ASA/PC but not on the triblend 
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of this specimen in Fig. 6. There the coating with its flaws has initiated premature fracture. 
The thickness of the coating is not expected to equal the length of initial notch. The reason is 
that the substrate is tough and linear fracture mechanics is not applicable. Additionally, the tip 
of the small crack is not blunted as in the bulk at least as far as its yield zone is restricted by 
the stiff coating. Anyway, fracture mechanics offers a better understanding of the 
embrittlement. 


High scratch resistance is likely to be preserved when a thin viscoelastic interface is inserted 
between the substrate and the hard coating so that the tip of the flaw is blunted [1]. Another 
step in blunting the propagating crack tip is to orient the molecules in the substrate 
perpendicular to the crack propagation. In Fig. 7. crack propagation is shown for an injection 
moulded and an annealed substrate of an ASA/PC blend in the three point bending test. 
Whereas in the annealed specimen (Fig.7b) the crack propagates from the coating straight into 
the substrate, in the injection moulded specimen (Fig.7a) the crack deviates due to the 
oriented molecules beneath the coating perpendicular to the original direction and the system 
is tough. 





Fig. 7. REM images of sheets cut parallel to the tensile direction on the bent side 
of the specimen showing crack propagation into the substrate near the interface in 
an injection moulded (a) and an annealed specimen (b) of ASA/PC. 
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EVALUATION OF THE INTERFACIAL STRENGTH IN 
POLYMERIC SYSTEMS 


F. RAMSTEINER 


INTRODUCTION 


The strength of interfaces in polymeric systems are of growing importance in the development 
of new products with new properties, since more and more materials are styled by blending of 
standard polymers to exploit synergistic effects. Most of them are incompatible and thus 
internal interfaces are formed in the mixtures. In many cases, the strength of the interfaces in 
those composites determines their mechanical behaviour. Additionally, failure at internal 
interfaces in homopolymers must be regarded, e.g. after welding or in semi-crystalline 
polymers at the spherulite borders. Fracture mechanics is a very suitable method to study this 
crack growth along internal interfaces starting at the tip of an initial notch in the interface. Thus 
fracture mechanics was used in the past by many authors. 

This paper shows some of our applications of fracture mechanics for 


E internal failure in homopolymers, 
. welding experiments with polystyrene, 
. characterisation of the influence of powder on the welding process, 
. measurement of the interfacial strength between different polymers, and 
. elaboration of the efficiency of compatibilizers in improving the interfacial strength. 
EXPERIMENTAL METHODS 
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Fig.1 Schematic procedure to measure interfacial strength with CT-specimens 
CT-specimen, b) semi specimens, c) annealing , d) tensile test 


Brown [1] e.g. in his studies of the strength of interfaces in polymeric materials pressed a razor 
blade into the interface of a double cantilever beam for crack initiation. Jud, Kausch and 
Williams [2] introduced the classical CT-specimen into their pioneering work on crack healing 
in PMMA . CT-specimens were used also in this paper to study the strength of interfaces in 
polymeric systems. The procedure is shown in fig.1 [3]. CT specimens ( fig.1a) were broken or 
two halves of the CT specimens (fig.1b) were prepared. These two parts were brought in 
contact at higher temperatures using some normal forces to weld them together (fig.1c). During 
this welding process the notch is protected from annealing by an Al foil or restored after 
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welding by milling a notch along the interface. The strength of the interface ahead of the initial 
notch is measured by the residual strength after welding and/or by following the crack growth 
in the interface (fig.1d). In linear fracture mechanics failure is characterised by the critical stress 
intensity factor [4]. However, if the CT-specimens have the same geometry with the exception 
of their thickness, failure is characterised already by the failure strength. 


EXPERIMENTAL RESULTS 
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2 
10 [mm/cycle] b 


G 


° 


Mode | fatigue crack growth rate 
3 
PET EET ae ae ETO ar eT 
o 
Oja 
iA 
Ae, 
© 








1 
Cyclic stress intensity factor AK [MPa m^] 


Fig.2 Velocity of crack propagation in PP as Fig.3 Transmission images in polarised light 
a function of the amplitude of the stress of crack propagation in PP 
intensity factor in fatigue (10 Hz) a) after fast cooling, 
a) after fast cooling, b) after annealing for 2 hrs at 130°C 


b) after annealing for 2hrs at 130°C 


Fig.2 shows for a fatigue test the plot of the crack growth per cycle da/dN in PP as a function of 
the amplitude of the stress intensity factor. One of the specimens was fast cooled from the melt 
and the other one annealed for 2 hrs at 130°C. CT specimens were used according to the ESIS 
protocol for fatigue [4] at 10 Hz. Crack propagation was recorded by measuring the change of 
the compliance with increasing crack length. The crack growth is faster in the annealed than in 
the fast cooled material. The reason can be seen in fig.3 where the side views of thin sheets 
normal to the tensile direction are reproduced. In the fast cooled specimen the crack propagates 
ahead of the initial notch more or less along the direction perpendicular to the tensile direction. 
However in the annealed specimen the crack grows along the spherulite borders . Obviously 
the number of the stress transferring tie molecules between the spherulites has been reduced by 
increased crystallisation during annealing. This reduced bonding strength is the reason for the 
occasional observed embrittlement of semi-crystalline polymers after annealing. 
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Fig.4 Residual strength (N/mm) of PS specimens after healing 
of fracture cracks at 120°C as a function of annealing time 


In injection moulding very often two streams of polymer melts flow together e.g. after an 
obstacle in the cavity mould forming a contact plane, the so called welding line. This internal 
contact plane must be at least partly strengthened by inter-diffusion of molecules across this 
internal interface to avoid weakness. This welding process depends on the temperature and 
residence time above the melting temperature. The consequence of interdiffusion for strength 
can be observed by healing of cracks as proposed by Jud et al [2]. Thus CT specimens are 
broken according to fig.1, brought together and annealed for various times at a given 
temperature. The residual stress intensity factor after annealing indicates the increasing 
Strengthening by interdiffusion during annealing. If the geometry of the various specimens, 
especially the notch length are kept constant, then already the fracture stress characterises the 
progress in the healing process. In fig. 4 the residual stress is plotted as a function of annealing 
time at 120°C for PS with different molecular weights. The upper horizontal dashed lines 
represent the failure strength of the original CT specimens The data reflects the decreasing 
interdiffusion rate with increasing molecular weight of polystyrene. The increase in strength at 
the short annealing times is given in fracture mechanics by the well known t1/4 relation 
[2,5,6]. The final strength increases with the molecular weight. Thus low molecular weight 
favours fast increase of strength at short times, high molecular weight products need long 
annealing times for the high strength. This method in combination with optical or spectroscopic 
methods allows the study of the interdiffusion processes [5,6] in more detail. 
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Welding 

The effect of coating agents on granules or prefoamed beads is to avoid welding between them 
during their transport at lower temperatures and to reduce electrical charging [3]. However the 
coating agent should not hinder welding of the beads at higher temperatures during the foaming 
process. The details of this welding and especially the effect of the coating agent can be studied 
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Fig.5 Residual strength (N/mm) of PS specimens after annealin; 
at 120°C of the fracture surfaces with different coating agents 
@ Pure PS @ Zinc stearate W Glycerine monostearate 
e Silicidacid 


analogue to the healing procedure. Thus it is started with CT-specimens, they are broken, the 
fracture surfaces are covered with a given amount of the coating agent, the two parts of the 
specimen are brought in contact, and then each specimen is annealed for various times at a 
given temperature. The residual strength after this test reflects the extent of welding. If the 
geometry of the specimen is kept constant then the strength represents the critical stress 
intensity factor. In fig. 5 the residual strengths of PS-specimens with different coating agents is 
plotted as a function of the annealing time at 120°C [3]. For comparison the specimen without a 
coating was also tested. If coating agents are used with a softening temperature (melting 
temperature, glass transition temperature) higher than the welding temperature, the agent 
restricts the interdiffusion, the small particles act like distance holders, welding is hindered. 
Silicidacid is typical of this kind of an agent. If the agent melts below the welding temperature, 
the molecules can interdiffuse across the interface, the strength at the interface increases. An 
example for this situation is zinc stearate. In the case where low molecular agents are able to 


plastisize the material, an accelerated welding is likely to occur as shown in fig.5 for Glycerine 
monostearate. 
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Interfaces in blends 

To study the interfacial strength between different polymers, two parts of the pure particular 
polymers are welded together within a CT-specimen. The residual strength is measured after 
annealing at 160 for 2 hrs. The results are visualised in fig.6. Within the circle for each 
homopolymer the original strength of the CT specimens and the interfacial strength after 
fracture and annealing are given for comparison [3]. In the small circles between the polymers 
the interfacial strengths between this pair after annealing is given. In those cases where the 
interfacial strength is weak (PS/SAN), because the individual polymers are highly 
incompatible, the crack propagates along the interface at low forces, welding is not possible. If, 
however, the compatibility is sufficiently high (SAN/PMMA), interfacial strength is increased. 
In combination with other methods more details of the interdiffusion zone can be elaborated 
[7]. In those cases with mechanically different polymers the crack can deviate from the 
interface [3,6,8]. The deformation mode is no longer pure Mode I, shear Mode II is 
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Fig.6 Interfacial strength (N/mm) between different polymers after annealing for 2hrs at 160°C 


superposed [8,9]. By using asymmetric CT-specimens, the crack can be forced into the 
interface or even into the opposite material [3]. By using highly crystalline polymers the 
welding temperature must be higher than the melting point, otherwise interdiffusion is 
restricted by the crystals and compatibility cannot be assessed from this kind of measurement 
[10]. Oligomers seem to segregate preferentially in the interface having a detrimental effect on 
interface toughness [11]. The method is also suitable to study compatibility on changing the 
ratio of the monomers in copolymers [11]. 


Effect of compatibilizer 

To improve the strength between an immiscible pair of polymers, e.g. in blends, compatibilizers 
are used. Very often, they consists of diblock-copolymers, each of the ends is compatible with 
one the polymers. By bridging in this way the interface strength is increased (fig.7). An 
experimental example is given in fig.8 with a 0.5mm thin foil of a PS/hydrogenated PBu 
compatibilizer between PE and HIPS. In this case it must be decided by optical methods, 
whether fracture occurs at a still weak interface between the compatibilizer and one of the 
polymers or inside the compatibilizer in the case of good compatibility. 
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Fig.7 Schematic bonding of polymer A and B Fig.8 Influence of compatibilizer on the 
by AB- blockcopolymer-chains interfacial strength (N/mm) between 
in the interface HIPS and PE [3] 


Within the circles for each of the materials in fig.8 the left hand side is the tensile strength of 
the CT-specimen of the pure polymer, the right hand side gives the strength of the broken and 
afterwards for 2 hrs at 120°C annealed CT specimen. The values in the circles between the 
materials are respectively the strengths of the interfaces. As expected, there is nearly no 
adhesion between the incompatible PE and HIPS. The situation is improved between PE and 
HIPS with the compatibilizer. If the compatibilizers is added in the interface between PE and 
HIPS, then the interfacial strength increases to 10 -20 N/mm, and depends to some extent on 
the position of the initial notch in relation to the thickness of the compatibilizer layer. Details of 
the influence of length and concentration of compatibilizers were studied with a molecular 
layer between the polymers by Creton and Kramer [12] in this way. 
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THE USE OF FRACTURE MECHANICS TECHNIQUES TO PREDICT THE 
SERVICE LIFE OF ADHESIVE JOINTS 


A.J. KINLOCH and A.C. TAYLOR 


INTRODUCTION 


The use of adhesive bonding in industry has greatly increased in recent years. However, the 
use of adhesives in truly structural applications is still often limited. This is mainly due to a 
lack of confidence in the performance of adhesive joints, especially as the mechanical 
performance of the joints may deteriorate with exposure to moisture and/or cyclic-fatigue 
loading. Thus, the ability to quantitatively describe this reduction in performance and to 
predict the lifetime of bonded joints would be a powerful tool, enabling manufacturers to make 
wider and more efficient use of adhesive bonding. This can be achieved using a linear-elastic 
fracture-mechanics (LEFM) approach. 


This fracture-mechanics approach to lifetime prediction described here assumes that the joint is 
cracked initially, i.e. that there is no initiation phase before crack propagation. As the joint life 
is dominated by the propagation of cracks, rather than their initiation, the predictions provide a 
‘lower bound’ value for the joint lifetime. 


PREDICTION METHODOLOGY 


The first step in the prediction of the lifetime of the bonded joints is to perform fracture 
mechanics tests in cyclic fatigue on the adhesive/substrate system of interest. An expression is 
used to describe these data, i.e. the relationship between the rate of crack growth, da/dN, and 
the maximum strain-energy release-rate, Gmax. Secondly, the variation of Gmax with crack 
length in the joint or component of interest is theoretically modelled, using either an analytical 
or a finite-element approach. Finally, these data are combined and the resulting expression is 
integrated to predict the long-term fatigue life of the joint or component. 


MODELLING THE FRACTURE MECHANICS DATA 

Introduction 

The cyclic-fatigue data can be obtained using any standard LEFM test geometry, e.g. tapered 
double-cantilever beam (TDCB), double-cantilever beam (DCB) or compact tension (CT) 
adhesive-joint specimens. These tests enable the measurement of the rate of fatigue crack 
growth, da/dN, versus the maximum strain-energy release-rate, Gmax, applied during the 
fatigue cycle. The fracture-mechanics tests are conducted under the same test conditions as the 
joints whose service-life is to be predicted. It is also important to ensure that the LEFM fatigue 
test specimens exhibit the same failure path (i.e. cohesively through the adhesive layer or 
interfacially between the adhesive and substrate) as the joint or component of interest [1]. 


Modelling the Fatigue Data 

The LEFM data obtained relate the rate of fatigue crack growth, da/dN, to the maximum 
strain-energy release-rate, Gmax, applied during a fatigue cycle, see Figure 1 for example. This 
relationship is of a sigmoidal form, with a lower-bound at the fatigue threshold, Gy,, where the 
crack growth rate is negligible (‘Region F in Figure 1) and an upper-bound occurs at the 
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adhesive fracture energy, Ge, measured at a constant displacement-rate (‘Region III’ in 
Figure 1). This relationship can be described using a modified form of the Paris Law [2, 3]: 


-f G, ) 
G 
da _ gr | Om) 


dN max ny 
1| Gna 


c 


(1) 


where Gm and G. are the values of the fatigue threshold and constant displacement-rate 
adhesive fracture energy respectively, and the values of the fatigue coefficients D, n, nı and nz 
are calculated from the experimental data. Initially, experimental data from the linear ‘Region 
II’, see Figure 1, are fitted with a linear slope of gradient n, and intercept D. The values of n; 
and n, represent the acuity of the change in gradient, as may be seen from Figure 1, due to the 
transition in the fatigue data from the linear ‘Region II’ to the threshold ‘Region I’; and also 
due to the transition in the data from the linear ‘Region II’ to the near fast-fracture ‘Region 
II’. The values for nı and m are constrained in their range of possible values, as suggested by 
Taylor [4], such that 0.1 < ny, n2 < 10. (If the values of n; and nz are not constrained in the 
range that they can take, then the slope of the ‘Region IP relationship deviates from that 
already calculated.) Further, the value of nz is generally chosen to be equal to nj, since it is not 
possible to obtain data from the near fast-fracture region, as the rate of crack growth is too 
large to be measured accurately. 
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Fig. 1: Logarithmic crack growth rate per cycle, da/dN, versus logarithmic, and linear, Gmax for 
cyclic-fatigue fracture-mechanics tests. The relationship from Equation (1) is shown. 
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SERVICE LIFE PREDICTION 

Introduction 

The second stage of the lifetime prediction methodology is to describe the variation in the 
maximum strain-energy release-rate in a fatigue cycle, Gmax, with the crack length and the 
applied load in the joint of interest. This can be done using an analytical or a finite-element 
approach. These data are then combined with the fracture-mechanics data described using 
Equation (1), and the resulting expression is integrated to give the theoretical service life. This 
process will now be illustrated using two common joint geometries. 


The Single-Lap Joint - Analytical Approach 

Various models are available to describe the variation of the maximum applied strain-energy 
release-rate with crack length for the single-lap joint, e.g. [5, 6]. For example, Kinloch and 
Osiyemi [3] derived the expression: 


12 (= (h+, (2 -v Nt -a) 2) 


E 2 ER 





where Tmax is the maximum load per unit width in a fatigue cycle, E, is the substrate modulus, 
h is the substrate thickness, ta is the adhesive layer thickness, v is the adhesive Poisson’s ratio, 
c is half the overlap length and a is the crack length. 


The integration limits are the initial flaw size, ao, and the final crack length, ar. The initial flaw 
size may be deduced from the Griffith equation: 


Behe 
a = no? (3) 
where Ea, Ge and Oa are the adhesive modulus, fracture energy and tensile strength 
respectively. Note that the choice of the value of a, does not have a significant effect on the 
predicted lifetimes [7]. The final crack length, as, where rapid crack growth and failure occurs, 
can be obtained from Equation (2), when Gmax reaches the adhesive fracture energy, Ge. Note 
that as cracks grow from both ends of the overlap, ar< c, where c is half the overlap length. 


Lap-joint specimens were manufactured according to the method described in ASTM D1002 
[8], using 2mm thick mild-steel substrates. Fatigue tests were conducted at a range of 
maximum loads, using a load ratio, Tmin/Tmax, of 0.5, with a sinusoidal loading waveform at a 
frequency of 5 Hz. Maximum nominal stresses from 30 to 90 % of the average initial value, 
obtained from the constant displacement-rate tests were applied. The number of cycles, N;, to 
failure were recorded. The tests were conducted with the joints immersed in distilled water at 
2841°C. 


The lifetimes predicted using the analytical method and the experimental results for the single- 
lap joints are shown in Figure 2. The agreement between the analytical method and the 
experimental results is only moderate. The fatigue life is underestimated, and the predicted 
threshold of approximately 20 % of the nominal failure stress is lower than the 30 % observed 
experimentally. Thus, the prediction is a conservative one. This analytical method of failure 
prediction has been shown to fit the experimental data very well for some adhesive/substrate 
combinations, but poorer matches have also been found [1]. (Although, invariably the 
threshold values of the load per unit width, below which no significant fatigue crack growth 
occurs in the single-lap joint, are predicted with a relatively high degree of accuracy.) 
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Fig. 2: The number, Ny, of cycles to failure for the single-lap joints as a function of the 
maximum load, Tmax, per unit width applied in a fatigue cycle. The points represent the 
experimental data, the open symbols indicating joint failure and the filled symbols indicating 
that the joint did not fail. The lines are the predicted lifetimes using the finite-element and 
analytical models, using a, = 85 um. 


The Single-Lap Joint - Finite-Element Approach 

The finite-element model of the single-lap joint was considered as consisting of two isotropic, 
homogeneous and linear-elastic materials joined together along a common interface, and 
containing two interfacial cracks. These crack locations were the most critical locations, and 
where failure was observed experimentally [4]. It should be noted that the analytical model 
described above cannot distinguish between crack growth cohesively through the adhesive 
layer and crack growth along the adhesive/substrate interface. The J-integral method was used 
to calculate values of Gmax as a function of the crack length, a, in the joint and the applied load, 
Tmax, per unit width [7]. 


As Gmax is a function of both the crack length, a, and the applied load, Tmax, per unit width, the 
function to describe Gmax was formulated in two parts. Firstly, values of Gmax were plotted 
against the values of Tmax for each crack length. Secondly, the gradient of each line, B, 
(where B = Gmax / T’max) was then plotted against the crack length. The relationship between 
the slope, B and the crack length may be described using an exponential equation [9]. This 
model can be combined with the fracture-mechanics data, and the predicted number of cycles, 
Ng, to failure can be deduced by integrating Equation (1) between the limits ao and ay. 


The predictions using the finite-element approach to model the variation of Gmax with crack 
length lie closer to the experimental data than those using the analytical method, as shown in 
Figure 2. The predictions are good, and are conservative as discussed above. 
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The Bonded Component 

The prediction methodology can also be used for more complex joint geometries. An example 
component was designed using an end-loaded 250 mm long 'top-hat' section made from 2 mm 
thick mild-steel bonded to a baseplate, see [7] for a full description. A reinforcing plate was 
bonded under the 'top-hat' section to prevent plastic deformation. The adhesively-bonded 
flange-width, c, was 15 mm. The bonded component was tested in fatigue using a constant 
maximum displacement of 1.2 mm, a frequency of 5 Hz, and a displacement ratio, Umin/Umax, Of 
0.5. The tests were undertaken in a ‘dry’ environment of 23+1°C and approximately 55% 
relative humidity. The resulting fatigue crack, which propagated through the adhesive layer of 
each flange, was monitored optically using a pair of travelling microscopes. The rate of crack 
growth per cycle, da/dN, in each bonded flange of the component was calculated from the 
measured crack length data. 


A three-dimensional finite-element model of the bonded component was developed. The steel 
and adhesive were assumed to undergo elastic deformation only, as no plastic deformation was 
observed experimentally. Cracks were placed at the interface between the adhesive and the 
baseplate, corresponding to the locus of failure observed experimentally. This locus of failure, 
at the interface, was also observed for the fracture-mechanics fatigue tests. From the finite- 
element model, the theoretical relationship between the strain-energy release-rate, Gmax, and 
crack length can be obtained. The relationship between da/dN and Gmax was obtained from the 
fracture-mechanics fatigue data, as discussed above, as the locus of failure was the same in 
both cases. The predicted rate of crack growth per cycle, for a given crack length, was 
calculated using the modified Paris law, Equation (1), and the value of Gmax from the finite- 
element model. The experimental results and the predictions are shown in Figure 3. The 
agreement between the predicted values and the experimental data is very good. 
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Fig. 3: Logarithmic rate of crack growth per cycle, da/dN, versus the length, a, of the 
propagating cyclic-fatigue crack for the bonded ‘top-hat? component. The open points 
represent the experimental data, whilst the solid line is the predicted crack growth rate. 
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CONCLUSIONS 


A fracture-mechanics approach has been used to predict the lifetime of bonded joints and 
components. The fracture-mechanics fatigue data are modelled using a modified Paris law 
relationship. An analytical or finite-element model is used to evaluate the variation of Gmax 
with crack length. Substitution of the expression for Gmax and integration allows the number of 
cycles to failure to be predicted. The method was illustrated by predicting the lifetimes of 
single-lap joints using an analytical and a finite-element approach, and of a bonded ‘top-hat’ 
beam component. The method gave good predictions of the fatigue life in all cases. 
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RESIDUAL STRESS EFFECTS IN FRACTURE OF 
COMPOSITES AND ADHESIVES 


JOHN A. NAIRN 


INTRODUCTION 


Composites and structures, such as adhesive joints, are comprised of multiple phases having 
different thermal expansion coefficients. Because manufacturing methods typically include 
elevated temperature steps, when the final structure is cooled to use temperature, residual 
stresses occur. Residual stresses are not necessarily a problem; in some situations they can be 
beneficial. In other situations, however, residual stresses have an adverse effect on failure 
properties. Residual stresses may cause a composite to fail sooner than expected, to have 
greater susceptibility to solvents, or to have reduced durability due to accelerated aging or 
fatigue damage mechanisms. Thus an important question in all design and analysis with 
composite materials and adhesive joints is how do residual stresses affect failure properties? 


This chapter considers fracture mechanics analysis of composites and adhesive joints with 
residual thermal stresses. The methods here are restricted to structures with linear 
thermoelastic phases subjected to a uniform change in temperature. Application of fracture 
mechanics requires evaluation of the energy release rate, G, for propagation of cracks in the 
presence of residual stresses. In many important problems, the effect of residual stresses on G 
can be evaluated without the need for any thermoelasticity analysis for residual stresses. This 
general result makes it possible to easily include residual stress effects in models that 
previously incorrectly ignored them. The general theory for fracture of structures with residual 
stresses is given in the theory section. The results section gives some examples of residual 
stress effects on failure in composites and adhesive joints. 


THEORY OF RESIDUAL STRESS EFFECTS 


Consider an arbitrary structure subjected to a uniform temperature change of AT and to any 
mixed traction and displacement boundary conditions as illustrated in Fig. 1. This structure 
may contain cracks within phases or cracks spanning phases. The goal of any fracture 
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mechanics analysis is to derive the energy release rate for crack growth, which can be calculated 
from global thermoelastic potential energy using 
d _ aW-U) 
dA dA 


Ga (1) 
where IT is the thermoelastic potential energy, W is external work, U is thermoelastic internal 
energy, and A is crack surface area. By partitioning total stresses into mechanical and residual 
stresses (o” and o”) and making use of virtual work methods and the divergence theorem, G can 
be expressed in a useful and general form as (see Refs. [1] and [2] for details): 


VAT 7 do" -a) z d(o’-a) 
2 dA dA 


G=G (2) 


mech 


where V is total volume and G pech is the energy release rate in the absence of residual stresses: 


dii 1 
=—|—{T°-u"dS-—{T"-u°dS 3 
mech aiy u of u | (3) 


The angle brackets indicate volume-averaged quantities; here they are average mechanical or 
residual stresses weighted by the phase-dependent thermal expansion tensor a. T and u in Eq. 
(3) are surface tractions and displacements; superscript m indicates the mechanical component 
of the boundary terms. These results assume traction free crack surfaces and prefect interfaces. 
The extension of traction loaded cracks and imperfect interfaces is given in Ref. [2]. 


The first term in Eq. (2) is G in the absence of residual stresses; thus the other terms are an 
exact expression of the residual stress effect in composite fracture. An important special case 
of Eq. (2) is to consider mode | fracture. During pure mode ] crack growth (and similarly during 
pure mode II or mode III crack growth) the mode I energy release rate must be proportional to 
mode I stress intensity factor squared, K?. Furthermore, for linear-elastic materials in which all 
applied tractions and displacements are scaled by a factor P and the temperature difference AT 
is scaled by a factor T*, Ky must scale by a linear combination of P and T*. In other words, the 


mode I energy release rate must have the form 
2 *\2 
Gy] x Ky = (aP + coT j (4) 


where c, and c) are constants that depend on the specific problem. Comparing Eq. (4) to Eq. 


(2) and realizing that o” is proportional to P while o” is proportional to T * it is possible to 
eliminate one term and simplify G; to [1,2] 





VAT dlo" a) a 


G, = C rizen {+ 
2G. aA 


Notice that Gz depends only on mechanical stresses. Thus once the mode | fracture problem is 


solved ignoring residual stresses, the energy release rate in the presence of residual stresses can 
be determined exactly without any need for thermoelasticity analysis of the structure. 
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Fig. 1: An arbitrary multiphase composite sub- Fig. 2: A DCB specimen used to measure 
jected to tractions T? on surface Sr and mode I toughness of adhesive joints. P is 
displacement boundary conditions u? on surface the applied load and a is crack length. 

S, and containing crack surfaces (S,). 


The general result in Eq. (5) has many applications for including residual stress effects in the 
analysis of fracture of composites and structures. It is analogous to the well-known Levin [3] 
analysis that derived a method to exactly calculate effective thermal expansion coefficient of a 
composite from knowledge of mechanical stresses alone. The Levin analysis used virtual work 
methods and did not need any thermoelasticity results. Similarly, Eq. (5) was derived with 
virtual work methods an only needs a mechanical stress analysis. Both analyses are limited to 
linear-elastic materials; Eq. (5) is further limited to pure mode fracture (pure mode ], H, or HI), 
but many important failure problems are pure mode fracture problems. 


RESIDUAL STRESS EFFECT RESULTS 


Figure 2 shows a double cantilever beam specimen (DCB) used to measure the fracture 
toughness of adhesive joints [4]. Assuming the crack runs down the middle of the adhesive as 
pure mode I fracture, the energy release rate in the presence of residual stresses can be 
evaluated using Eq. (5) and corrected beam theory to be [5] 


G= (Cm (a + 1.15Ay)P + C, AT} (6) 
where the mechanical and residual constants are given by 


Cyey and G-& 


Here Š and a% are the simple beam theory compliance and thermal curvature coefficient of 
one arm of specimen [5], and B is width of the arms. The mechanical term includes an effective 
crack length (a + 1.15Ay) as discussed elsewhere for corrected beam theory of DCB specimens 
[5,6]; the coefficient 1.15 on the correction term Ay [6] was determined numerically by finite 
element analysis of numerous DCB specimens [5]. The thermal term does not require 
correction because it is accurate with simple beam theory alone [5]. Comparison to finite 
element analysis shows that Eq. (6) is accurate within 1% for all adhesive DCB geometries [5]. 
It is thus easy to correct adhesive tests for residual stress effects. Notice that the residual 





(7) 
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x 
stress effect in G; is proportional to a, , which means the residual stress effect is caused by a 
tendency of the arms of the specimen to curve due to residual stresses. 


Many fracture studies on adhesives have ignored residual stresses [4]. Equation (6) can be used 
to calculate the errors of such an approach [5]. Assume that some particular adhesive has a true 
fracture toughness of G,,. If an adhesive DCB specimen with this adhesive is tested, it will fail 


when Gr = Gr, which, by Eq. (6), happens when the load reaches 


G, -CAT 


Taia) ® 


If this observed failure load is then used in an analysis that ignores residual stresses (i.e., Eq. 
(6) with AT=0), the calculated or apparent toughness is 


GPP = (IG - CATY (9) 


The difference between Gy and G7? is the error caused by ignoring residual stresses. In 


typical polymer adhesives between metal adherends, C, AT is negative which causes GP to 


be higher that the actual toughness. In other words, the presence of residual stresses causes the 
adhesive to appear tougher than it does without residual stresses. Some sample calculations of 
errors due to ignoring residual stresses are plotted in Fig. 3 as the percentage error in G” as a 
function of modulus ratio between adherend and adhesive, R, for various adherend to adhesive 
thickness ratios, A [5]. The errors are large for low R and A and decrease as either R or À 
increases. The dashed vertical line shows a typical R value for aluminum-epoxy specimens. The 
aluminum-epoxy errors exceed 1% even with a very thin adhesive (A=64) and exceed 40% for a 
thick adhesive (A=2). 


A similar analysis [5] can be done for laminate double cantilever beam specimens used to 
measure delamination toughness. The residual stress effect in DCB specimens can be eliminated 
by constructing doubly-symmetric double cantilever beam specimens in which each arm of the 
specimen is a symmetric laminate and thus has a, =0. If the arms are not symmetric 


laminates, however, the residual stress effect can be very large. For example, the errors in Gi P 


for a variety of laminates were calculated to range from -55% to +76% [5]. In other words, the 
errors caused by ignoring residual stresses can be large and can cause the Gh result to be 
either significantly too high or significantly too low. 


Additional examples of residual stress effects in fracture of composite or structures include 
matrix microcracking in laminates [7,8], cracking of paints or coatings [9], and interfacial crack 
growth such as in the microbond or pull-out specimens [10-12]. In matrix microcracking of 
cross-ply laminates, the residual stress effect induces tensile stresses in the 90° plies that 
promote microcracking. The general methods above can include residual stresses in the energy 
release rate for microcracking; proper analysis of microcracking experiments requires inclusion 
of the residual stress term. A master plot method is available which make it possible to 
determine both toughness and residual stress effects from experimental cracking experiments 
[7,8]. In other words, the value of AT in the analysis does not have to be measured or be 
assumed to be due to linear thermoelastic phases; it can be determined from fracture 
experiments as an effective AT for residual stresses. Cracking of coatings is analogous to 
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Fig. 3: The percentage error in the apparent toughness G” in adhesive DCB specimens as a 
function of adherend to adhesive modulus ratio, R, for various values of adherend to adhesive 
thickness, A. The calculations assumed G,,=200 J/m?, Aa =-40 X106 K`, and AT = -100°C. 
The vertical dashed line corresponds to R=28, which is a typical value for aluminum-epoxy 
specimens. 


microcracking of laminates [9]. An additional source of residual stresses in coatings might arise 
from chemical shrinkage as the coating cures or dries. Such residual stresses can be included in a 
thermal stress analysis by replacing thermal strain terms like AgAT by an effective residual 
strain term due to both chemical and thermal residual stresses [9]. 


In the microbond specimen [13], a droplet of matrix is deposited on a fiber and an interfacial 
crack is induced by pulling the fiber while restraining the matrix. In this specimen, all loading is 
on the top of the droplet while the bottom of the droplet is stress free. A global energy 
analysis shows that the bulk of the energy released due to crack growth is due to the release of 
residual stress energy as the droplet and matrix become debonded [10]. Although many 
interpretations of microbond results have ignored residual stresses, such models have serious 
errors. By including residual stresses and interfacial friction effects, the microbond specimen 
can become a fracture mechanics test for determining interfacial mode I] fracture toughness 
[10,14]. For example, it can be used to assess the role of physical aging and residual stress 
relaxation on interfacial properties [11]. Similar fracture mechanics methods can be used to 
include residual stress effects in the analysis of single-fiber, pull-out experiments [10.12]. 


RECOMMENDATIONS 


Residual stresses are always present in composites and structures such as adhesive joints. 
Proper analysis of fracture experiments with such materials must therefore always include 
residual stress effects. In some geometries, such as tapered DCB specimens with very large R 
and A, residual stresses can be demonstrated to be small and can be ignored [15]. In many 
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important specimens, however, residual stresses are non-negligible and can even be the 
dominant effect causing fracture. The methods above give general tools for including residual 
stresses. These tools assume linear thermoelastic phases with temperature-independent 
properties. The general equations can be extended to more general phases and to other sources 
of residual stresses by replacing AT by an effective value that gives the actual level of residual 
stresses. The use of an effective AT usually means the fracture experiments must be coupled 
with additional experiments that measure the level of residual stresses in the specimen. 
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TOUGHNESS COMPARISONS WITH AND WITHOUT LINEAR 
ELASTIC FRACTURE MECHANICS 


D.R. MOORE 


INTRODUCTION 


Pendulum impact tests for the measurement of toughness have been in common use in 
industry for many years. Specimen geometry may or may not include a notch and is 
based on three-point flexure (Charpy test) and clamped cantilever (Izod test). 
Toughness is expressed as an absorbed energy to fracture per ligament area and in the 
ISO or ASTM versions of these methods there is no instrumentation of the procedure 
ie.there is an absence of accompanying force-displacement signals associated with 
data collection. 

The use of these methods is so deep rooted in industrial practice and has been for so 
many decades that it seems inconceivable that the procedures have weaknesses. 
However, it is apparent that for certain classes of material the methods are flawed. In 
particular, their application to low toughness systems can lead to misleading 
assessments of toughness. 

This article will present data for some phenolic compounds that can be toughened 
with a thermoplastic additive and that can incorporate glass fibre reinforcement. 
Results will be presented for notched Izod pendulum data that significantly 
misrepresent the toughness characteristics for these materials. Linear elastic fracture 
mechanics (LEFM) results will then be given to both remedy and explain these 
phenomena. 


MATERIALS 


All materials employed in this study are based on a phenol formaldehyde resin with a 
hexamethylene tetramine crosslinking agent. Two resin formulations are used; one 
without a toughening additive and another with a poly ether sulphone (PES) 
copolymer toughening material that is added at 35% w/w. Details of the structure- 
property characteristics of resins, including those incorporating a toughening agent, 
are discussed elsewhere [1]. The main purpose of the addition of the PES copolymer 
is to improve significantly the toughness of the resin formulation 

These resin systems were used as the basis for the preparation of some discontinuous 
fibre reinforced composites where a glass fibre concentration in the range (20-60)% 
w/w was used. The glass fibre reinforcement was in the form of a 3mm chopped glass 
fibre. Plaque mouldings were prepared in these materials of dimensions 150 mm x 
100 mm x 3 mm (nominal). This was achieved by first dissolving the components of 
the formulations in methyl chloride. The glass fibres were then added to this solution 
and the solvent evaporated. The mixture was then heated to 60 °C and then 
compression moulded at 150 °C. The compression moulding involved a combination 
of pressure on the mixture that was also in a vacuum bag. Compression and heat was 
applied for 1 hour. These plaque mouldings exhibited macroscopic isotropy as 
measured by modulus at mutually perpendicular directions within the plane of the 
mouldings [2]. 
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NOTCHED IZOD RESULTS 


The configuration of the notched Izod test is shown in Figure 1 and includes specimen 
dimensions. The standard notch tip radius for the specimen is 250 wm. 





P {Energy U} 
aL = 63.5mm 
B = 3.6mm 
W = 12,7mm 


Figure 1 Configuration and specimen details for the notched Izod test. 


A number of compounds at different glass fibre concentrations were tested in the 
notched Izod configuration. Two series of samples were used; one based on a standard 
untoughened phenolic resin system, i.e. without the addition of the PES copolymer 
and a second with addition of 35% w/w of the PES copolymer to the phenolic resin 
(toughened system). The notched Izod results at 23 °C are shown in Figure 2. 

It is quite apparent that there is little difference in Izod toughness for the compounds 
based on the two resin systems. Apparently, the addition of the thermoplastic additive 
is offering no enhancement of toughness! This would be considerably at variance with 
other studies of toughening [3]. There is therefore a strong hint that these Izod results 
might be misleading. 


TOUGHNESS FROM LINEAR ELASTIC FRACTURE MECHANICS 


Toughness can also be measured using a linear elastic fracture mechanics approach 
for initiation and propagation of a crack. In general, the protocols established by the 
European Structural Integrity Society (ESIS) are adopted [4]. Initiation toughness is 
measured with a single edge notch beam (SENB) geometry, whilst a compact tension 
(CT) geometry is used for measuring both initiation and propagation toughness, where 
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results are then presented as plots of toughness versus crack length ("R-curves"). 
Figure 4 illustrates such a curve for a toughened resin system. Modulus and yield 
strength are also measured for these materials. Modulus is calculated from the 
measurement of beam stiffness in three-point bending at 23 °C and 1 mm/min. Yield 
strength is measured by uniaxial compression on square platelet type specimens [5] at 
1 mm/min at 23 °C. 


Notched Izod impact strength 
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Figure 2 Notched Izod impact data for toughened (with PES copolymer in the 
phenolic resin system) and untoughened resin. 


There are a number of difficulties to overcome in the fracture toughness 
measurements. 


(i) 


(ii) 


(iii) 


For the composite samples, it was difficult to detect crack initiation from 
the measured force-displacement curves. Instrumentation of the specimens 
was used to remedy this problem. 

For the resin samples, introduction of the sharpest notch (tip radius 1 um) 
was not commensurate with a natural crack. Consequently initiation of a 
crack was from an effectively blunt crack, followed by crack sharpening as 
the crack grew. Therefore, only fracture toughness measurements after 
some crack propagation related to valid plane strain fracture toughness. 
Again instrumentation of the specimen was required. 

The majority of fracture toughness measurements were made at test speeds 
of 1 mm/min. Measurement at impact speeds commensurate with the Izod 
test (about 2 m/s) could not be made. This was not a problem because 
comparison of results at common test speeds was not required, merely 
comparison of toughness between “toughened” and “untoughened” resin 
samples. 
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Full details of the fracture toughness measurements are given elsewhere [6]. 
Figure 3 shows the fracture toughness results plotted as G, versus glass fibre 
content for toughened and untoughened resin systems. 
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Figure 3 G, plotted against glass fibre content for toughened and untoughened resin 
systems 


The data in Figure 3 show a clear toughness benefit by the addition of the 
thermoplastic additive to the resin system. However, the trends lines associated with 
each set of data should not be taken too seriously, particularly for relatively large fibre 
contents. Nevertheless, the results are in complete contrast to the notched Izod data. 
The question is which set of data is correct and why the other is misleading. 


AN EXPLANATION. 


Both Izod and LEFM tests involved the fracture of a notched specimen. The 
conceptual idea in testing a notched specimen is to consider the notch as being 
equivalent to a crack. A pragmatic criterion for equating notches and natural cracks is 
that the plastic zone (radius rp) around the crack is an order of magnitude larger than 
the tip radius (x) of the notch: 


u<<r, (1) 


The plane strain plastic zone radius can be calculated from knowledge of fracture 
toughness (K,) and yield strength (0): 


a Ke )2 
are ) 2) 
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Values of these properties were obtained and enabled the plastic zone radius to be 
calculated. Table 1 shows data for the unreinforced resin systems and the composites 
based on 60% w/w glass fibre reinforcement. It is assumed that a yielding process can 
occur in a highly reinforced glass composite and that LEFM can also be applied to 
such a material. 


Toughened 
phenolic resin 0.5 


Untoughened 
phenolic resin 
with 60 % w/w 
glass 





Table 1 Property values and plastic zone radii for selected compounds 


These data can now be applied to the Izod results. The notch tip radius in the Izod 
specimen is 250 um. For such a notch to act like a sharp crack, the criterion in 
equation (1) requires that u/r has a value of 0.1 or less. The data in Table 1 indicate 
that this ratio will be 926 for the resin system and 27 for the 60% w/w glass 
composite. Therefore the Izod notch is far too blunt if it is to simulate a natural crack 
for these materials. The consequence of the notch being blunt leads to additional 
energy absorption at the initiation of crack growth. Therefore, the Izod energy data 
are too large. 
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Figure 4 Fracture toughness versus crack length for toughened phenolic resin system 
for a compact tension test geometry [6] 


The influence that a blunt crack can have on the measured toughness was investigated 
for the toughened resin system, without the presence of glass. Figure 4 shows fracture 
toughness (Kc) plotted against crack length for a compact tension (CT) specimen. The 
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measured fracture toughness at initiation is too large because the tip radius of the 
notch is too large. The initial crack tip radius for this CT specimen is 1 um and 
therefore u/rp is 3.7 (instead of the required 0.1). However, as the crack grows the 
notch sharpens and becomes a natural crack. In turn, the fracture toughness reduces. 
This is the process that occurs with the notched Izod tests. However, the bluntness of 
the Izod notch is considerably higher, since {1/rp lies between 27 and 926 in these data. 
Therefore, the notched Izod data are considerable at variance with a valid 
measurement of toughness. Moreover, since u/r, is changing from sample to sample, 
there can be no consistency in the assessment of toughness by the notched Izod test, 
as indeed observed by the data in Figure 2. 


CONCLUDING COMMENTS 


This article has demonstrated that toughness assessment by a standard notched Izod 
test can be considerably misleading. Moreover, that application of LEFM methods 
can remedy the problem and provide an explanation of why there are problems with 
the Izod test. It is not to be implied that standard pendulum impact tests inevitably 
lead to a flawed assessment of toughness. The issue seems to relate to the level of 
toughness being assessed. If the toughness is relatively large, then there is unlikely to 
be an issue about the notch acting as a natural crack. However, when toughness is 
low, the Izod notch is likely to be too blunt and this will encourage other energy 
absorbing mechanisms to be associated with crack growth. 
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FINITE FRACTURE MECHANICS OF MATRIX 
MICROCRACKING IN COMPOSITES 


JOHN A. NAIRN 


INTRODUCTION 


The first form of damage in composite laminates is often matrix microcracks that are defined as 
intralaminar or ply cracks across the thickness of the ply and parallel to the fibers in that ply 
(see reviews in [1,2]). Tensile loading, fatigue loading, environment, and thermal cycling can all 
lead to microcrack formation. Microcracks can form in any ply that has a significant 
component of the applied load transverse to the fibers in that ply. Microcracks lead to 
degradation in properties of the laminate including changes in effective moduli, Poisson ratios, 
and thermal expansion coefficients [3]. Although these changes are sometimes small, 
microcracks can nucleate other forms of damage. For examples, microcracks can lead to 
delaminations, cause fiber breaks, and provide pathways for entry of corrosive liquids. An 
important issue in design of composite laminates is to be able to predict the initiation and 
development of microcracking damage following complex loading conditions. This chapter 
describes a fracture mechanics approach to the microcracking problem. 


A complicating feature of composite fracture mechanics analysis is that laminates often fail by 
a series of fracture events instead of by continuous crack growth. Microcracking is a prime 
example. When cross-ply laminates are loaded in tension, the microcracking process is a series 
of events in which a single microcrack forms and instantaneously (on observation time scale) 
propagates until it fills the entire cross-sectional area of the ply. Conventional fracture 
mechanics deals with predicting the propagation of an existing crack. One could imagine 
analyzing microcrack propagation within a ply by standard methods, but there is little 
incentive to tackle this problem. The analysis could not be compared to experimental results 
for events and the analysis of a single crack does not answer the problem of predicting the 
extent or number of microcracks that form under various loading histories. Some microcracking 
models have abandoned fracture mechanics and used critical stress criteria instead; these models 
do not work well [4]. A better approach is to extend fracture mechanics methods to handle 
fracture events. Hashin has coined the term “finite fracture mechanics” to describe prediction of 
fracture events by comparing the total energy released due to a finite amount of crack area to an 
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event toughness [5]. A finite fracture mechanics model for matrix microcracking can correlate a 
large body of experimental observations and can predict the extent of microcracking damage 
under various loading conditions [1,2]. 


FINTE FRACTURE MECHANICS PRINCIPLES 


The development of a finite amount of fracture area, A4, must conserve energy. By the first 
law of thermodynamics, energy balance for an elastic material can be expressed as 


Aw AE ay, AE a) 
AA AA AA 

where w is external work, U is internal energy, y is surface energy, and K is kinetic energy. 
Conventional fracture mechanics deals with infinitesimal static crack growth for which 
AA — da and AK —> 0. Crack growth occurs when energy release rate, G, is equal to the critical 
energy release rate, G,: 


Gas =F ate. (2) 


G, is used in place of 2y because experimental observations show that energy released during 
crack growth is always much larger than the thermodynamic surface energy (2y). In other 
words, G, is an effective material property that accounts for crack-tip energy dissipation not 
included in a linear-elastic stress analysis of crack-tip stresses. The logical extension to finite 
fracture mechanics is to assume a fracture event occurs when 


G =—-— =2y+— =G. (3) 


Here G’ is a finite energy release rate and G? is an effective material property or event 
toughness that accounts for energy dissipation and kinetic energy effects not included in static 
linear-elastic analysis of work and energy before and after a fracture event. Conventional 
fracture mechanics works well provided G, is found to be independent of specimen geometry. 
Similarly, finite fracture mechanics works well provided G? is independent of specimen 
geometry and current damage state and provided initiation of the event is facilitated by 
conditions such as existing flaws or stress concentrations. The appearance of AK in G} might 
render some fracture events unsuitable for finite fracture mechanics. AK can be included in an 
effective toughness, however, provided either it is small (AK << G’) or it is a constant that is 
characteristic of a particular fracture event [6]. 


APPLICATION TO MICROCRACKING 


To verify the use of finite-fracture mechanics for microcracking, predictions can be compared 
to experiments. The procedure is to evaluate G* and then predict microcrack formation by 
assuming the next crack forms when G* =G}. A unique feature of finite fracture mechanics is 
that G* is different for load-control vs. displacement-control experiments [2,6]. Most static 
experiments use displacement control, but fatigue or thermal cycling experiments use load 
control. Both conditions must be analyzed. By using global energy methods, which include 
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residual stresses effects [7], G* for formation of a new microcrack in a [0,/90,,]; laminate 
midway between two existing microcracks separated by 2mt,, p;, where ty is thickness of a 


single ply, can be expressed exactly as [2] 
+ _ OxP:B 
2k? 








l 1 
E,(p,/2) a E, z (load control) (4) 


(displacement control) (5) 


G E; Eana mm l 
E (P:/2) E,(p:) 





AQ m 


Here Oy = kmO app + Kn AT is the stress transverse to the fibers in the 90° plies in the absence of 


damage (it is linearly related to applied load, o,,,, and temperature difference, AT, by laminate- 
dependent mechanical and thermal stiffnesses, km and km), B is laminate thickness, and E,(p) is 
the effective axial modulus of a microcracking interval of dimensionless length p. In the 
displacement-control equation, E} y is the axial modulus of a damaged laminate with N 
microcracks. Analogous, but different, results can be derived for microcracking of surface plies 
in [90,,/0,], laminates [2]. 


Figure 1 compares predictions to experiments for three different cross-ply laminates. All 
results are fit well with G! = 230+ 30 J/m°. The analysis for these experiments required input 
of E4(p) and p;. E4(p) can be found by various stress-analysis methods [1]. The analysis for 
Fig. 1 used a complementary energy solution [8]. Simpler, albeit less accurate, shear lag 
methods are available [9]. The complementary energy solution loses accuracy when the ratio of 
the 0° to 90° thicknesses increases [10]; for these geometries E4(p) can be found by potential 
energy solutions or by numerical methods [2,10]. The term p;is the dimensionless length of the 
microcracking interval where the next crack forms. This term is not the average crack spacing 
because experimental observations and theory both reveal that larger crack intervals are more 
likely to crack than smaller crack intervals. Unless experiments are coupled with direct 
observation of each microcracking event, the recommended analysis method is to replace p; by 
Jp> where fis a parameter greater than 1 and <p> is the average microcrack spacing [2,4]. In a 
deterministic microcracking model where the crack always forms in the largest crack interval, f 
would oscillate between 1 and 2 or average 1.5. Alternately f can be measured by monitoring 
the microcracking process [11] or by adjusting it to fit experimental results [4]. Both these 
approaches show f to be between 1.2 and 1.5. 


The advantage of finite fracture mechanics analysis of microcracking is that a single material 
property, G:, can correlate data for different layups, such as the three layups in Fig. 1. To 
verify this important fracture mechanics result for more experiments, the microcrack formation 
criteria can be cast in a master plot form [4] by rewriting Eqs. (4) and (5) (and analogous 
expressions for laminates with surface 90° plies) as 

Grea = Doea VG. + AT (6) 


red 
where O,ea and D,ea are reduced stress and crack density defined by 


k 1 
= =- 
O ped = Op and Dea 


kn Ky, y Gini ” 
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Stress (MPa) 
Fig. |. Microcrack density as a function of applied stress for three Hercules AS4/3501-6 cross- 
ply laminates. The smooth lines are finites to finite fracture mechanics theory assuming G, = 
230430 J/m? and AT = —100°C. 


Here G? is the normalized energy release rate for unit Ooo. If finite fracture mechanics works 
well, a plot of 0,4 as a function of D,ea should be a straight line. The slope of the line gives the 
microcracking toughness and the intercept gives the thermal stress term. A sample master plot 
is given in Fig. 2 [4]. The results from 14 different layups, including both central (open 
symbols) and surface (filled symbols) cracked plies, all fall on the same line. 


DISCUSSION 


In typical microcracking experiments, microcracks form as a series of events. Experimental 
results consist of recording the number of microcracks as a function of loading conditions and 
specimen geometry. More detailed information could include the distribution of microcracking 
spacings [11]. If microcracks form in multiple ply groups (such as cracks on each surface of 
[90,/0,,]; laminates), it is important to record correlations between damage states of the various 
plies. For transparent composites, full microcracks can be observed. For opaque composites, 
microcracks can be observed only on the edge. It is important to verify such microcracks 
correspond to a complete microcrack by observing opposite edges or by using x-ray methods. 
Microcracking experiments have been done by static tensile loading [1,2], mechanical fatigue 
[12], thermal cycling fatigue [13], and environmental exposure [14]. Static results are best 
analyzed by the methods above. Fatigue and thermocycling results can be analyzed by a 
modified Paris law where the rate of increase in crack density, D, per cycle, N, is related to the 
range in energy release rate, AG’, by 


aD | 


or k(ac’)" (8) 


where K and m are fatigue toughness properties. 
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Fig. 2: Master plot results for 14 different layups of Hercules AS4/3501-6 laminates. The open 
symbols are for [0,,/90,], laminates; the filled symbols are for [90,/0,,], laminates. The straight 
line is a fit to all results; the slope and intercept give G, = 229 J/m? and AT =—99°C. 


The master plot in Fig. 2 shows that finite fracture mechanics of microcracking captures all 
major features of the microcracking process. There are minor details, however, and systematic 
effects that require further analysis. For example, the onset and initial rise in crack density is 
typically slower in experiments than as predicted by theory (see Fig. 1). This effect can be 
explained by introducing statistical variations in GŻ. The early microcracks occur where the 
toughness is low; the later cracks are controlled by geometry (i.e., they form midway between 
existing microcracks). Statistical variations can be included in the analysis by using simulations 
to fit experiments [2]. The results of such fits are that the mean toughness is similar to the 
toughness calculated by the simpler methods. The early crack density data gives new 
information about material variability. Simulations naturally account for the effect of 
microcracks to occur in larger microcracking intervals and thus do not need an f factor. 
Simulations results show that fis between 1.3 and 1.5 [11]. 


When G? is found by fitting to individual layups, rather than a global master plot, there is a 
systematic trend towards lower toughness as the strain to initiate microcracking increases. This 
trend suggests that loading is causing diffuse damage in the microcracking plies that is causing a 
drop in G:. Laminates that initiate microcracks at low strain (e.g., laminates with thick 90° 
plies) have less damage and thus have a higher apparent toughness. Laminates that initiate at 
higher strain show a slightly lower toughness. This effect can be analyzed by continuum 
damage mechanics methods [10]. By using numerical methods and plotting G” as a function of 
dimensionless crack spacing, p, it was observed that G* is a property of the ply material but 
independent of the supporting plies. This observation made it possible to incorporate finite 
fracture mechanics methods into continuum damage mechanics models. By coupling a diffuse 
damage evolution law with microcracking toughness, a wider range of laminate structures can be 
predicted with greater accuracy [10]. 
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FRACTURE MECHANICS OF THE MICROBOND AND 
PULL-OUT TESTS 


JOHN A. NAIRN 


INTRODUCTION 


The properties of the fiber/matrix interface in composites have an influence on their overall 
performance. Common methods for studying the interface are micromechanical tests that load a 
single fiber/matrix interface to failure. Two popular tests are the microbond test [1] and the 
single-fiber, pull-out test [2]. In a microbond test a droplet of matrix is sheared off the fiber by 
pulling the fiber while restraining the droplet. In a pull-out test, the end of a fiber is embedded 
ina polymer and pulled until failure while restraining the matrix. A common interpretation of 
these tests is to reduce the load at failure to an interfacial shear strength (ISS) by dividing the 
applied load by the total interfacial area. Physically this term is the average interfacial shear 
stress at the time of failure. ISS has some use in qualitative work; it is less useful for 
fundamental characterization of the interface. 


An alternative approach is use fracture mechanics methods. In each test, a crack initiates and 
propagates along the fiber matrix interface. By analyzing the interfacial cracking process with 
fracture mechanics, it is possible to determine an interfacial toughness instead of an ISS. The 
key analysis problem is to solve for the energy release rate of a propagating crack. The 
resulting equations can then be used to interpret experimental results. Two complicating 
features are residual stresses and friction. Residual stresses are always important in composites 
due to differential shrinkage between the fiber and the matrix. Friction is important in 
microbond and pull out tests because of the predominantly mode II loading conditions. This 
chapter presents a fracture mechanics model for both tests that includes all relevant effects. 
The model has been used to interpret experimental results. 


FRACTURE MECHANICS THEORY 


Detailed stress analysis of interface cracks is a difficult problem that has received much 
attention [3]. Fortunately, good results can be obtained for microbond and pull-out specimens 
by using an approximate, global energy analysis rather than a local, interfacial crack tip 
analysis. This section summarizes an analysis for energy release rate due to crack growth in 
microbond and pull-out specimens. More details can be found in Refs. [4-6]. 
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Fig. 1. The left side shows the microbond (top) and pull-out (bottom) specimen geometries. 
The right side shows the equivalent concentric cylinder model where the embedded length of 
fiber is in a cylinder of matrix. The fiber in both specimens is loaded with stress og. The 
“dotted arrows are the remaining microbond specimen boundary conditions; the solid arrows 
on the bottom of the specimen are the remaining pull-out specimen boundary conditions. 


Figure | shows a reduction of real specimens to an idealized geometry more amenable to 
analysis [4,5]. The simplification for the pull-out test is to replace the matrix region 
surrounding the embedded fiber by an equivalent cylinder of matrix. The length of the cylinder 
is equal to the embedded fiber length, le. The radius, r,,, is chosen to preserve the total fiber 
volume fracture, v within the zone of the embedded fiber. The energy release rate analysis can 
thus focus on the concentric cylinder model on the right of Fig. 1 because neither the free fiber 
outside the matrix nor the matrix zone below the fiber end release energy during crack growth. 
The pull-out specimen is loaded by a fiber stress of og. By force balance, the total stress on the 
bottom of the specimen is Oav; The simplification for the microbond specimen is to replace the 
elliptical matrix droplet by a matrix cylinder with length equal to the embedded fiber length and 
matrix radius chosen to preserve the total fiber volume fraction within the matrix. The 
microbond specimen is loaded by fiber stress of o4 at the top of the specimen; that stress is 
balanced by a matrix stress of -0,v//v,,. The bottom of a microbond specimen is stress free. 


Applying the general composite fracture mechanics methods from Ref. [6] to the idealized 
geometry in Fig. 1 with an interfacial debond of length a, the energy release rate for debond 
growth in both specimen types can be written as 
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where m=O or 1 is for pull-out or microbond tests, respectively. The term o is a reduced 
debonding stress defined by 
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Fig. 2. Crack-resistance curves for a steel/epoxy model specimen analyzed four different ways. 
Curve a ignores residual stresses and friction; curve b includes residual stresses but ignores 
friction; curve c includes both residual stresses and friction; curve d ignores residual stresses, 
but includes friction. 


l,-a 


C,(a)= f F(a (3) 
0 


where F(z) is the solution for axial fiber stress in concentric cylinders of length 7-a subjected 
to unit normal stress on the fiber and a balancing —v,/y,, stress on the matrix, both at z=0 in 
addition to zero stress on the other end at z=/,-a. The functions F(z) and C;({a) can be found by 
any analytical, numerical, or even experimental means and then substituted into Eq. (1) to find 
the energy release rate. One simple analytical approach, which was demonstrated to be accurate 
by comparison to finite element analysis [4,6], is to use shear-lag analysis for which it is easy 
to derive [4]: 


C,(a) = alec BU, - a) -csch BUI, - a) (5) 


where is a shear-lag parameter as defined in Ref. [4] and elsewhere. 


MICROBOND AND PULL OUT EXPERIMENTAL RESULTS 


Verification of fracture mechanics methods for the microbond test was done using macroscopic 
model specimens of a steel wire embedded in a cylinder of epoxy (see Ref. [4] for specimen 
details). Steel/epoxy specimens are analogues of carbon/epoxy or glass/epoxy microscopic 
specimens with modulus ratio similar to carbon/epoxy but higher than glass/epoxy specimens. 
In macroscopic experiments, crack growth along the interface could be observed visually. After 
debonding was complete, it was further possible to observe and record frictional stress. The 
key experiments are force as a function of crack length for various specimen geometries. The 
verification experiments are summarized in Fig. 2 in which the raw data are interpreted by 
fracture mechanics four different ways. For fracture mechanics to be useful, one expects the 
measured toughness to be independent of geometrical factors and of crack length. Microbond 
experiments satisfy this requirement provided the data are analyzed correctly. 
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Fig. 3. Fracture toughness calculated from microbond specimens as a function of droplet length. 
Curves a include residual stresses but do not account for relaxation of those stresses during 
aging. Curves b account for relaxation of residual stresses. 


Curve a in Fig. 2 is an analysis that ignores both residual stresses and interfacial friction. This 
curve is clearly a poor fracture mechanics result. Curve b includes residual thermal stresses by 
setting A7=-95°C, but still ignores friction; it is also a poor fracture mechanics result. Curves c 
and d both include friction effects by setting t=4.2 MPa which was the measured interfacial 
shear stress after complete debonding. Curve c is an analysis that included both residual 
stresses and friction. This curve is a good fracture mechanics result. There is an initial rise in 
toughness at short debond lengths, but the results soon level out at an approximately constant 
toughness (360 J/m?). Curve d includes interfacial friction, but ignores residual stresses. 
Although curve d looks relatively flat on the scale of Fig. 2, it actually never levels off and is a 
poor fracture mechanics result. The difference between curves c and d illustrates the magnitude 
of the contribution of residual stress to debonding. The magnitude is large; in fact, most of the 
energy released comes from residual stresses. 


The experiments are more difficult with micro-specimens because it is difficult or impossible to 
observe crack growth. From the macroscopic specimen results, and in agreement with theory, it 
was found that interfacial crack growth is stable and the load continued to increase until 
complete debonding. A proposed fracture mechanics approach when there is no crack length 
data is to record the peak load and calculate interfacial toughness from Eq. (1) by taking the 
limit as a approaches droplet length [4-6]. This approach was verified by using it on the 
macroscopic experiments for which crack length could be observed. The toughness calculated 
by the peak-load method agreed reasonably well with a full analysis that included crack-length 
information. Figure 3 shows an experimental investigation of the effect of aging on interfacial 
toughness from micro-sized E-glass fiber/epoxy specimens [6,8]. These data were analyzed by 
the peak-load method. Fracture mechanics analysis should show a toughness that is 
independent of droplet length and differences between aged and unaged results should show 
the effect of physical aging on the interfacial toughness. The square symbols are an initial 
fracture mechanics analysis that used a simplistic calculation of residual stresses. These results 
gave the impression that the interfacial toughness increased with aging. Similarly, a non-fracture 
mechanics method suggested that aging affected the interface. The true results were revealed by 
new fracture mechanics calculations that included the actual level of residual stresses by 
accounting for stress relaxation during the aging process. The final interpretation (circular 
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Fig. 4. Fracture toughness calculated from initiation of debonding in pull-out tests for glass 
fibers of three different diameters in a vinyl-ester matrix as a function of embedded fiber length. 


symbols) showed that aging does not affect interfacial toughness; it only changes the level of 
residual stresses. These experiments illustrate how fracture mechanics interpretation can lead to 
the proper interpretation of experiments, but it is essential to have a good energy release rate 
analysis and to include all significant effects such as residual stresses and friction. 


Fracture mechanics can analyze pull-out tests by similar methods. In the pull-out results for 
glass fiber/vinyl ester [9] analyzed in Fig. 4, it was possible to observe initiation of crack 
growth as a kink in the load-displacement curve. A toughness was calculated from each 
specimen using Eq. (1) by setting a=0 (or any suitably small a). Friction could be ignored 
because it had a negligible effect for initiation. The effect of friction only becomes significant as 
the debond length gets long. The calculated interfacial toughness for three fibers of different 
diameters is plotted in Fig. 4 as a function of embedded fiber length. After an initial rise, all 
results became roughly constant. In other words, as expected for good fracture mechanics 
results, the interfacial toughness was independent of both fiber length and fiber diameter. 


RECOMMENDATIONS 


Equation (1) provides an accurate, analytical result that can be used to calculate the energy 
release rate for interfacial crack growth in both the microbond and the pull-out test geometries. 
Hence, it is possible to derive fracture toughness information from these common interfacial 
test methods. The calculation of interfacial toughness requires sufficient experimental input for 
determination of all terms in Eq. (1). The key results needed are specimen geometry, current 
interfacial crack length, the load required to extend the crack, the actual level of residual 
stresses, and the magnitude of any friction on the debond surfaces. Residual stresses are 
particularly important for analysis of microbond specimens because they account for much of 
the energy released. Friction is especially important as the debond gets long. In some micro- 
sized specimens it can be difficult to observe crack growth. This situation can be handled by 
using indirect means to deduce crack length. For example, the crack length at the peak load in 
microbond tests is nearly equal to the droplet length. For pull-out tests, debond initiation can 
sometimes be observed as a kink in the force-displacement curve and the “kink” load 
corresponds to zero initial crack length. 
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FRACTURE ANISOTROPY 
D.R. MOORE 
INTRODUCTION 


It is seldom that plastics exhibit homogeneous isotropic properties. For unfilled or 
unreinforced plastics, anisotropy can be linked to molecular orientation and 
processing stresses during fabrication. For filled and reinforced plastics, the nature of 
the reinforcement adds another layer of anisotropic characteristics. When the 
reinforcement is fibre-like then this dominates the anisotropy. 

Fracture properties are no exception to these considerations of anisotropy. In fact, 
since fracture relates to toughness and strength and since anisotropy implies different 
properties in different directions, then there is bound to be a weak direction for 
strength that will need to be accommodated. In terms of fracture properties, 
application of linear elastic fracture mechanics (LEFM) has already been seen to be of 
value. For example, for unreinforced polymeric systems the measurement of K, and 
G, at slow and impact speeds can be used to measure and describe the anisotropy due 
to molecular orientation [1]. For fibre reinforced plastics the use of LEFM is not quite 
so straight-forward because the theory can only be rigorously applied for homogenous 
materials. Nevertheless, a pragmatic application to discontinuous fibre reinforced 
plastics has demonstrated that LEFM can be helpful in defining the fracture 
anisotropy but also in simply measuring the toughness [2]. 

The purpose of this article is to consider the application of LEFM to continuous fibre 
reinforced polymeric composites. For these materials, the nature of the anisotropy of 
the continuous fibre dominates the fracture characteristics. 


FRACTURE MECHANISMS IN COMPOSITES. 


There are three principal fracture mechanisms in continuous fibre reinforced 
composites. These are shown in Figure 1 and involve breaking a fibre (trans-laminar 
fracture), running a crack between fibres (intra-laminar fracture) and running a crack 
between the plies that make up the composite (inter-laminar fracture or delamination). 


Each of these principal mechanisms has an associated fracture toughness, as indicated 
in Figure 1. Each mechanism will entail the crack, in part, being conducted through 
the matrix (whether thermoplastic or thermosetting polymer). Therefore, subsidiary 
mechanisms may also be involved and might include, tearing, debonding, crazing, 
cavitation, voiding and yielding. 

A primary requirement to describe fracture anisotropy in these composites is to 
measure the three principal fracture toughness properties. In order to demonstrate how 
this can be achieved, carbon fibre (AS4) reinforced poly (ether-ether-ketone) 
(CF/PEEK) composite is used in the form of 40 ply unidirectional laminates [O]ao. 
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Figure 1 Fracture characteristics for continuous fibre reinforced composites. 
FRACTURE TOUGHNESS FOR CF/PEEK. 


Figure 2 shows how specimens can be obtained from a [O]49 laminate in order to 
generate the three principal fracture mechanisms. 
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Figure 2 Specimen configuration for generating the three principal fracture 
mechanisms from a unidirectional composite. 
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The thickness of a 40 ply laminate of CF/PEEK is about 5.8 mm. LEFM experiments 
were conducted on single edged notched bend (SENB) specimens of nominal 
dimensions 60 mm x 10 mm x 5.8 mm, using a span of 40 mm. These specimens can 
be cut directly from the laminate for crack directions 1, 2, 5 and 6, as shown in Figure 
2. However, crack directions 3 and 4 are more complicated. These specimens were 
prepared by gluing appropriate pieces together in order to achieve the required span 
for testing. Full details are given elsewhere [3]. Some 6-8 specimens were prepared 
for each crack direction and the notch tip radius was notionally 10 wm. 


Linear elastic fracture mechanics (LEFM) methods are used for determining fracture 
toughness [1], namely, measurements of K, and G, at 1 mm/min and at 23 °C. 


1 


K, = 0 ,;,Ya? (1) 
U 
G. = BW (2) 


Where, oj is the stress at fracture that for three-point flexure is given by: 


op =P @) 
2BW 

Y and gare geometry functions [1], a is the crack length, B is the specimen thickness, 
S the specimen span and W is the specimen width. U is the total energy absorbed 
during fracture. B and W were nominally 5.8 mm and 10 mm, but because of the 
nature in cutting specimens from the (0]49 laminate the values for B and W had to be 
interchangeable (W was 12 mm for crack direction 1, 5.6 mm for crack direction 2, 10 
mm for crack directions 3, 4 and 5 and 5.8 mm for crack direction 6). Force versus 
displacement curves were recorded during the fracture test but were seldom the 
conventional triangular shape. Often cracks were initiated and grew in a convoluted 
manner. Therefore fracture stress was based on peak load and but energy to fracture 
was associated with the total energy absorbed. 

Perhaps the most serious dilemma in the calculation of fracture toughness for 
composites is the determination of the geometry functions. It has been assumed that 
the values for isotropic and homogenous materials can be applied in these 
circumstances, This is without rigorous justification, although work by Williams [4] 
has shown that to a certain extent that this is not always an unfounded assumption. 
Despite these limitations, the fracture mechanics plots were as expected from LEFM 
theory. For example, Figure 3 shows plots for crack directions 1 and 2 where force is 

2 


plotted against the function ( at ) (derived from combining equations 1 and 3) 
a 


14/2 


and energy plotted against (BW@). The slopes of these curves give K, and Ge 
respectively. Table 1 summarises all values of fracture toughness obtained. 
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Figure 3 Fracture mechanics plots for cracks 1 and 2. (i) as K, and (ii) as G. 


Apparent crack mode Crack 
direction 


Between fibre cracks 
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Delamination cracks 




















3 
4 
Fibre-breaking cracks 5 
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Table 1 Summary of fracture toughness values for six crack directions. 


It is apparent that the fracture toughness values for crack directions 1 to 4 are the 
same, implying that the cracking mode is between fibres in all cases. In other words, 
crack directions 3 and 4 are not delamination cracks. Fracture morphology of the 
fracture surfaces confirms this view [3]. Bearing in mind that cracks are machined 
into the SENB specimens (rather than being initiated by insert films) then it is 
unlikely that the machining operation for locating the crack can strike the inter- 
laminar region (see the dimensions in Figure 2). 
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Fracture surface 


Notch 





Figure 4 SEM micrographs of the fracture surface for crack 5 at several 
magnifications. 


The fibre breaking mode gives the highest values of fracture toughness as seen by the 
data for crack directions 5 and 6. The K, data are consistent but the Ge data are quite 
different. This is due to additional crack mechanisms occurring for crack direction 5 
as shown in Figure 4. The SEM micrographs confirm that fibre fracture is occurring. 
However, a magnified side-on view of the crack shows the presence of shear cracks. 
The combination of the fibre-breaking and shear cracks is creating too large a value 
for the total energy recorded which in turn leads to the value for G, for fibre-breaking 
being too large for crack 5 compared with that for crack 6. On the other hand, Ke is 
similar in both cases because it is just based on peak load. 

Delamination fracture toughness is believed to be the smallest toughness for these 
types of composites. Therefore, it is necessary to find other means of its measurement. 
This is achieved by the use of double-cantilever beam (dcb) geometry, where an insert 
film laid between the central plies is used as the crack starter. 

A protocol for the determination of mode I fracture toughness (Gi) has been 
established by ESIS TC4 [5]. Several methods for conducting the test and analysing 
the data have been researched and documented. However, at the time of exploring the 
fracture anisotropy for CF/PEEK an early version of the analysis was all that was 
available, based on an area method analysis [3]. Although an area method analysis is 
completely acceptable, it would nowadays include corrections for large displacements 
of the beam, corrections for the stiffening of the beam associated with the end-blocks 
and also a correction for the crack length due to root rotation of the beam [5]. 
However, these early results will be included now in order to maintain consistency 
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with the samples already discussed. The net effect in not using the various corrections 
incorporated in the protocol leads to the values quoted for Gic being up to 40 % too 
large. Nevertheless, these results enable us to complete the discussion of the fracture 
anisotropy. 

The dcb specimen comprised a [O] laminate with a starter crack incorporated 
between the centre plies during moulding. Propagation of the crack then passes along 
the inter-ply region and provides a measurement of delamination toughness. Results 
are presented in Figure 5 in the form of Ge versus crack length (an R-curve) and an 
average value is obtained for the delamination fracture toughness of 2.4 kJ/m’. An 
equivalent value for K, cannot be determined by an analytical method, although 
numerical methods could be used. Detailed microscopy confirmed that the fracture 
occurred by a delamination crack {3]. 

As previously discussed, the Ge value would be in the region of 1.7 kJ/m? had the 
superior analytical methods [5] been used, but an exact sample was not available for 
this. 
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Figure 5 An R-curve of Gc versus crack length from dcb specimens of CF/PEEK 


SUMMARY OF FRACTURE ANISOTROPY 


The principle fracture toughness (Ge) values, for CF/PEEK, can now be summarised. 
These toughness values represent a high anisotropy for fracture. Of course, in most 
practical laminates the fibres are not unidirectional but are multi-axial e.g [0,+45,90]4s 
etc. Therefore, it can be expected that a combination of the three principal fracture 
mechanisms will occur. However, laminates are a combination of plies and therefore 
delamination cracking will remain a possibility. This is perhaps an important 
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consideration because delamination fracture toughness is the smallest energy 
absorbing mechanism. 





Fracture mechanism 





Delamination or inter-laminar fracture 





| Between crack or intra-laminar fracture 
| Fibre breaking or trans-laminar fracture 











Table 2 Fracture anisotropy for CE/PEEK. 


A key benefit in using fracture mechanics to describe the anisotropy is that it places 
the fracture toughness measurements on a common scale. This is achieved through the 
need to adopt different geometry forms in order to make the measurements. 
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DETERMINATION OF INTERFACE ADHESION IN SINGLE-FIBRE PULL-OUT 
AND MICROBOND EXPERIMENTS 


B. LAUKE, T. SCHULLER AND W. BECKERT 


INTRODUCTION 


The quality of adhesion between reinforcing fibres and matrix in composites is important for 
the macroscopic mechanical properties of these materials. For example, the strength of short- 
fibre reinforced polymers increases with the adhesion strength at the interface while fracture 
toughness improvement demands an optimised (not maximum) adhesion quality. 
Consequently the determination of micromechanical adhesion parameters is important for the 
understanding and improvement of macromechanical properties. The characterisation of 
adhesion between different materials generally follows two concepts: determination of 
adhesion strength or determination of fracture mechanics parameters. The application of the 
strength concept at the interface between two materials often involves fundamental problems. 
Because of the non-uniform stress distribution in most of the applied test methods the 
normalisation of the applied critical force with debonded interface area provides only a rough 
approximate measure of the composite quality. To circumvent stress singularities it is 
necessary to develop new tests, see for example Ref. [1]. The single fibre pull-out (SFPO) and 
microdroplet or microbond (MB) tests, however, show stress singularities and crack 
propagation along the interface because of the geometry and loading situation. In such cases 
only the fracture mechanics approach of bimaterial composites leads to reasonable answers to 
the question: How can adhesion (rather than toughness or load transfer) between a fibre and 
matrix be characterised? The aim of our contribution is to show how fracture mechanics can 
be applied to derive adhesion parameters for these tests. 


THE EXPERIMENTAL AND MODELLING PROBLEM 


The single fibre pull-out test was introduced decades ago by Kelly [2] and the microbond test 
was proposed by Miller [3]. Both tests, shown in Fig. 1, have been the subject of numerous 
fundamental experimental and theoretical investigations. 

Load Load 
t Displacement 


drop Nc i Fibre n Microvise 
= A 


f DRET 
| 


K 


= 


Á 
/} droplet 
2>-Sample U : 


Fibre 


| | Matrix- 


Fig. 1 Schematic representation: (left) single-fibre pull-out test (SFPO); (right) microbond 
test (MB). 
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Despite the simple geometry, the calculation of the stress and strain distributions is not simple 
[4]. It becomes even more complicated if a crack has been initiated during loading of the fibre 
and propagates along the interface. Then friction due to residual stresses or caused by the 
microvice in the MB-test and roughness must be considered [5]. In ideally elastic models the 
maximum interface stresses are infinite and this mathematical exact result is not obtained by 
most of the analytical approaches, as for example shear lag analysis [6]. Such approximations 
remain finite because they are approximations. In reality, by contrast, the stresses remain 
finite because of inelasticity. 

Atkinson et al. [7] were among the first authors who have applied successfully the theory of 
bimaterial fracture mechanics to this problem. They calculated the energy release rate 
variation with the propagating crack, without consideration of friction and residual stresses. 
One of the most valuable experimental test set ups was constructed by Hampe [8]. The main 
advantages of the equipment are the high stiffness of the machine and the short free fibre 
length used. Both facts are necessary to achieve a stable crack propagation at the interface 
which is a requirement for data reduction to obtain adhesion parameters. The debonding 
initiation is shown in the force-displacement curve by a kink in the slope. This reveals that 
debonding starts long before the maximum force is reached. Quite similar experimental 
results can be obtained for the microbond test [9]. These experiments provide the following 
quantities: critical load for debonding initiation at the entry point of the fibre to the matrix, 
force-displacement and force- crack length curve (at least for transparent materials). 

In the following we try to show how this experimental information can be used as input data 
in the fracture mechanics models for the experiments to draw conclusions about the adhesion 
quality. The analysis must include other influencing factors, for example friction, in order to 
give hints how these other factors can be separated from adhesion related parameters. 


BASIC RELATIONS OF INTERFACE CRACK PROPAGATION 


Consider two isotropic elastic solids joined along the x-axis as indicated in Fig. 2. 


Material | y ? 
| x 


Material 2 
Fig 2. Sketch of an interface crack with co-ordinate system. 


The interface is a low-toughness fracture path. The energy release rate G for crack extension 
can be derived from elastic strain energy U usingG = 0(W,,, -U)/dA where W,,,is the 
external work and dA the new-formed crack area. 

A more detailed description of interface failure involves the stress fields near the interface 


crack tip. The dominant stress singularity for x > 0 and y = 0 is of the form 


el 


itp Ht)" G with KẸ = Redko? | Ks? =Im[kp§] W =arelkp5| œ 


where K is the complex stress intensity factor which uniquely characterises the singular stress 
field and WY” is the mixed-mode angle. The bimaterial constant € depends on the material 


properties. Since x is not a dimensionless quantity it has to be normalised by a reference 
length p,. The choice of p, is arbitrary at this point. Changing from one reference length to 
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another causes a rotation in the K -space. The term x” prevents also a simple relationship 
between the remote loading mode and the local mixed-mode state at the crack tip from being 
deduced. That’s why Arabic numbers are used for mode 1 and 2 instead of I and H used for 
homogeneous materials. The energy release rate is related to the near crack tip fields by 


1 
Gro, ~ alk? +K3)-6, (ke J+G, (kg). (2) 
with E* defined according to Hutchinson and Suo [10]. 


Crack extension criterion 


If the energy release rate G for a given geometry (including a crack) exceeds a critical value 
G, the crack will grow. The parameter G, is a material property of the interface. However, 


also the local mode mixity at the crack tip controls interfacial failure. Therefore, a more 
realistic crack propagation criterion must include more details about the load state at the crack 
tip. The local stress fields which control the local fracture mechanisms are characterised 
completely by the complex stress intensity factor K . Consequently a curve in the K -space 
represents the fracture criterion. A reasonable and common approximation for the actual 
fracture envelope is an ellipse [11]. Because of the particular nature of interfacial cracks its 
orientation in the K -space towards the K,,K,-axes does not need to be parallel in general, a 


transformation to a principal axes representation is possible by using the rotational effect of 
reference length p, and choosing an appropriate value p,: 


2 2 
(KEKi) +(K§°/K;.) =1. 6) 
The parameters K,., K,, and p, are properties of the interface. 


FINITE ELEMENT ANALYSIS AND CRACK GROWTH 


The simulation of crack propagation requires two things. First, a finite element model 
establishes the connection between the remote load and the local stress state at the crack tip 
for a fixed crack length. Second, a method must be found to implement a growing crack 
which brings a changing geometry into the model. Both steps are independent of each other in 
the case of linear-elastic fracture mechanics. The crack growth is path independent. Therefore, 
the course of cracking can be assembled from a series of independent finite element models, 
each one for a particular crack length. Each model gives the local tip stress connected to a 
certain remote load or, conversely, the critical remote load belonging to a critical tip stress 
defined by a certain crack extension criterion. The parametric plot of these critical remote 
loads and displacements as functions of crack length results in the simulated load- 
displacement curve. Fig. 3 shows three examples from the series of the finite element models 
used. They take contact and friction in the debonded region behind the crack tip into account. 
The extraction of the tip stresses depends on the finite element code. ANSYS® provides 
special singular elements with direct calculation of stress intensities. However, this method 
turned out to be less reliable. Therefore a more complicated technique was developed. A very 
fine mesh at the crack tip (compare Fig. 3 ) provides the accurate linear-elastic near tip stress 
field. 
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Fig. 3. (left) Finite element models for different crack lengths. 
Fig. 4 (right) Least square fit of the near tip solution (solid lines) to the finite element results 
(symbols) for different Young’s-moduli of the matrix and glass fibre, po=1pm. 


Then the desired values for the bimaterial constant e, the stress intensity |k] and the mixed- 


mode angle W™ result from a least square fit of 


Mu and arctan 2 = P 4 ein (4) 
V2ax Oyy Po 

to the numerical near tip solution for stresses. 

Fig. 4 shows examples of curve fitting with the second equation of Eq. (4). The finite element 
results agree very well with the expected behaviour except the results of the node next to the 
crack tip. The obtained bimaterial constant £ only slightly differs from the expected plane 
strain value. Thus, fitting the stress intensity factors to numerical near tip solutions is a very 
stable and accurate technique. 





lo, ids 


RESULTS AND DISCUSSION 


The total energy release rate is dominated by the fibre’s contribution, which is approximately 
G fibre = P/(4n7E, 1; ) where rr and Er are the fibre diameter and Young’s modulus 


respectively. Noticeable deviations occur only for very short and very long cracks in the case 
of the SFPO-Test (Fig 5, left) whereas a noticeable deviation remains also for medium crack 
lengths in the case of the Microbond-Test (Fig 5, right). The wide plateau of the energy 
release rate for medium crack lengths leads to a stable and self similar crack propagation 
which can be used to extract the critical energy release rate from experimental data. This is 
the desired interface property. 
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Fig. 5. Energy release rate normalised by the fibre contribution vs. crack length, (left) SFPO- 
test, (right) MB-test. 


However, as Fig. 5 reveals, it is obtained for a dominant mode 2 loading of the interface, 
which is not expected to be the most serious one. This is probably the biggest disadvantage of 
pull-out tests. 
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Fig. 6. Simulated load vs. displacement curves and load vs. crack length curves for the 
Microbond-Test. 


Experimental load-displacement-curves show an almost linearly increasing force during stable 
crack propagation which can be explained by the frictional contact of debonded surfaces. Due 
to the linearity an extrapolation of the measured curve for medium length cracks down to zero 
crack length separates the frictional part and gives the force contribution that drives the crack. 
Fig 6 illustrates this procedure for simulated curves with different levels of friction. The 
extrapolation reveals a critical force much smaller than the maximum force. The data 
reduction scheme then follows three steps: Find the critical force P. from experimental curves 
by extrapolating the stable crack propagation down to zero crack length. Calculate the fibre’s 


contribution of the critical energy release rate Ge from P. by G, = P, M4n7E, 1p ). In the case 


of the SFPO-test the contribution of the matrix is negligible and the fibre contribution is equal 
to the total energy release rate. In the case of the MB-test, however, the contribution of the 
matrix must be considered. The easiest way is to apply a correction factor of about 1to 1.25 


which depends on the geometry and follows from the finite-element analysis, as given in Fig. 
5b. 
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CONCLUSIONS 


The SFPO- and MB-tests are appropriate to determine the critical energy release rate as an 
adhesion parameter. However, the mixed mode angle ¥ is near 90° and the local load is 
mainly shear. Consequently the tests do not provide the critical adhesion parameter for 
material design, because under normal local loads the interface would fail at lower critical 
energy release rates. As long as linear elastic material behaviour is a reasonable assumption 
for the materials tested it can be stated that at present the benefits but also the limits of the 
SFPO- and MB-tests are known. The existence of the plateau region of energy release rate, i. 
e. a self-similar crack growth, guarantees an extended validity of the modelling even for cases 
where small a plastified matrix regions may exist. 

For the evaluation of the interfacial fracture toughness, no matter which mechanisms are 
contributing to it, then the integration of the whole force-displacement curve would be 
appropriate to get this quantity. 


REFERENCES 


1. Schüller, T., Beckert, W., Lauke, B., Friedrich, K., Single-fibre transverse debonding: 

tensile test of a necked specimen, (2000) Composites Sci. and Technology 60, 2077- 

2082. 

Kelly, A. (1979) Proc. R. Soc. A319, 95 

Miller, B., Muri, P. and Rubenfeld, L. (1987), Composites Sci. and Technology 28, 17. 

Marotzke, Ch., The elastic stress field arising in the single-fibre pull-out test (1994) 

Composite Sci. and Technology 50, 393-405. 

5. Kerans, R.J., Theoretical analysis of the fibre pull-out and pushout tests, (1991) J. Am. 
Ceram. Soc. 74, 1585-1596. 

6. Zhou, L.M., Kim, J.K., Mai, Y.W. Mai, Interfacial debonding and fibre pull-out stresses, 
(1992) J. of Materials Science 27, 3155-3166. 

7. Atkinson, C., Avila, J., Betz, E. and Smelner, The rod pull-out problem, theory and 
experiment, (1982) J. Mech. Phys. of Solids 30, 97-120. 

8. Hampe, A., Faser-Matrix Haftung: Weiterentwicklung der Einzelfaser-Auszugs-Methode, 
(1993) Materialpriifung 35, 269-275. 

9. Schüller, T., Beckert, W., Lauke, B. and Perche, Analytical and Numerical Calculation of 
the Energy Release Rate for the Microbond-Test, (1999) J. Adhesion 70, 33-56. 

10. Hutchinson, J.W., Suo, Z., Mixed mode cracking in layered materials, (1992) Advances 
in Applied Mechanics 29,63-191. 

11. Beckert, W., Lauke, B., Critical discussion of the single-fibre pull-out test: does it 
measure adhesion?, (1997) Composites Science and Technology 57, 1689-1706. 


PUN 


The Application of Fracture Mechanics to Polymers, Adhesives and Composites 
D.R. Moore (Ed) 
© 2004 Elsevier Ltd. and ESIS. All rights reserved. 233 


MICROSTRUCTURE DEPENDENT FRACTURE AND FATIGUE CRACK 
PROPAGATION BEHAVIOR IN INJECTION-MOLDED SHORT FIBER- 
REINFORCED THERMOPLASTICS 


J. KARGER-KOCSIS 


INTRODUCTION 


Injection-molded short glass (GF) and carbon fiber (CF) reinforced composites are potential 
candidates for being used in technical domains, so far occupied by metallic and ceramic 
materials. Short fiber reinforcements provide high stiffness, strength, heat and dimensional 
stability to the related thermoplastic matrices rendering them suitable for various applications 
which usually require high resistance to fracture (at both dynamic and static conditions) and 
to fatigue crack propagation (FCP). Note that the related response can be assessed by the 
linear elastic fracture mechanics (LEFM) for which a recommendation was released by the 
ESIS TC-4 group [1]. The LEFM approach is usually valid for injection-molded composites 
except for some systems with supertough matrices. Nowadays, fracture mechanics tests are 
preferred instead of standardized ones as the former yield material parameters which can be 
used for design and construction purposes. This work surveys how the fracture and fatigue 
performance of composites with discontinuous fiber reinforcements depend on their 
microstructural details (fiber volume fraction, layer structure, fiber orientation, fiber aspect 
ratio and its distribution) generated by the injection molding process. 


MICROSTRUCTURE DEVELOPMENT 


The molding-induced microstructure both of the unfilled matrices and their short fiber 
reinforced grades can be approached by the flow model of Tadmor [2] and Rose [3]. This 
model considers the shear and elongational flow field developed during the cavity filling 
process. The reinforcing fibers may adopt a complex alignment due to the dominating flow 
field. As a result, several layers with different planar fiber orientation can be distinguished 
across the specimen thickness. Nevertheless, the fiber layering can well be approximated by a 
3-ply laminate model composed of one central (C) and two surface (S) layers. The fiber are 
aligned in the mold filling direction (MFD) in the S-, whereas they adopt a transverse 
orientation to the MFD in the C-layer. In each layer the mean fiber orientation (fp) can be 
characterized by a modified Hermans-type planar orientation parameter. It has been also 
shown that the fiber layering and orientation depend on the fiber volume fraction (Vp). 
Increasing Vf causes fiber attrition due to which the fiber aspect ratio (I/d) reduces. The 
microstructure of the short fiber reinforced composites with respect to the loading direction 
can be described by the reinforcing effectiveness parameter (R) [4-7]: 


2S c D/L 
R= (2 ‘f pers + B : ea) Vi (2) fa) (1) 


where B is the thickness of the molding, fp eff is a complex function of fp and the loading 
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direction, and lw/ln represents the fiber length distribution (the subscripts w and n relate to the 
weight- and number-averages, respectively) and all other terms were defined before. Note that 
with increasing mold thickness the C/B ratio increases, too. Increasing Vf is usually 
accompanied with increasing fp and decreasing 1/d. However, injection-molding may cause 
fiber enrichment or depletion across the thickness and thus Vf is no longer constant. Further, 
often more than 3 layers can be distinguished. Therefore it was necessary to give a universal 
description for R [5-7]: 


1 (t/a), i 
R= D Tief pet iPr, (2) = (2) 
i equ,i 


dja, fd); 

where Trel i is the relative thickness of the i-th layer normalized to the sample thickness B, 
fp,eff,i is the effective orientation in the i-th layer calculated using the function of planar 
orientation, fp vs. fp,eff, introduced by Friedrich [4], Vf,j is the fiber volume fraction in the i- 
th layer; (I/d)equ,i is the equivalent aspect ratio in the i-th layer; and (I/d)w,j and (I/d)n,i are 
the mean weight- and number-average aspect ratios in the i-th layer, respectively. 
Accordingly, R considers the effects of fiber structuring (layering and orientation with respect 
to the crack path), molding induced local change in the reinforcement content, and the aspect 
ratio (affected by fiber bunching and bending) and its distribution (stress concentration effects 
of fiber ends). Note that the aspect ratio and its distribution consider implicitly the effect of 
fiber/matrix adhesion (interphase). The empirical nature of R is given by the fact that its 
constituent terms are interrelated, but they are considered in Equations 1 and 2 as independent 
parameters. It is worth noting that terms of the reinforcing effectiveness could be defined in 
other ways, as well (e.g. defining a three-dimensional fiber orientation parameter instead of a 
two-dimensional one). 





MICROSTRUCTURE DEPENDENT FRACTURE TOUGHNESS 


The microstructural efficiency (M) concept, credited to Friedrich [4], seems to be a powerful 
tool to estimate the change in fracture toughness due to reinforcement. According to this 
approach the fracture toughness of the composite related to the matrix at a given testing 
condition linearly depends on R (cf.Figure 1): 

K 





“=M=a+n-R (3) 
where Kec and Kom are the fracture toughness of the composite and matrix, respectively; 
"a" is the matrix stress condition factor, and "n" is the energy absorption ratio. 

The relative improvement in the toughness of the composites is plotted against R for 
composites based on  polyphenylenesulfide (PPS), polyethernitrile (PEN) and 
polyetheretherketone (PEEK) in Figure 1. 
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Fig.1. Relative toughness improvement by discontinuous fiber reinforcement in some high 
temperature-resistant polymers. (Testing conditions: compact tension specimens with both L- 
T and T-L notches, T=20 °C, v=1 mm/min crosshead speed). Notes: Kem is given in 
MPa.m!/2, according to ASTM E 616 “T-L” indicates that the loading is transversal, whereas 
the notching is longitudinal to MFD — for “L-T” specimens the opposite holds. [8] 


Figure 1 shows that the efficiency of reinforcement is the higher the lower the matrix 
toughness is. That is the reason why all brittle polymers are commercialized only in filled, 
reinforced versions. The sign of "n" is usually positive which indicates that the energy 
absorption owing to fiber-related failure events (i.e. fiber fracture, fiber pull-out and 
fiber/matrix debonding) is higher than that of the matrix (crazing, cavitation, shear 
deformation). For GF-reinforced PEEK for example n=0 and for GF-"reinforced" 
polycarbonate (PC) n<0 were found. As a consequence the failure of the PEEK-composite is 
matrix-dominated (incorporation of fibers does not change the failure mode due to the high 
matrix ductility), whereas GF addition "weakens" instead of reinforcing PC. The validity of 
Equation 3 was shown for many discontinuous short and long fiber reinforced injection- 
molded composites which were tested both in static and dynamic (impact) conditions ([6] and 
references therein). 


MICROSTRUCTURE DEPENDENT FATIGUE CRACK PROPAGATION (FCP) 


Under cyclic loading (tensile-tensile) conditions final breakdown of the short fiber reinforced 
composites is controlled by FCP instead of a crack initiation process. This is due to the fact 
that inherent "flaws" in form of structural inhomogeneities are always present [5,9]. The 
stable acceleration FCP range generally can be described by the Paris-Erdogan power law 
[10]: 

da p 

7 4 (AK) (4) 
where A and m are constants, da/dN is the FCP rate, and AK is the amplitude of the stress 
intensity factor. 
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Figure 2 shows the validity of Equation 4 on the example of injection-molded polypropylene 
(PP) reinforced with various amount of short (SGF) and long glass fibers (LGF). One can 
clearly see that with increasing Vf and 1/d the FCP resistance is strongly improved. 


19.4% SGF 19.4% LGF 


FCP of GF-PP 


f=5Hz 

4T = 20°C 
T-L Notching 
Data in vol.% 


da/dN (mm/cycle) 





AK(MPa m!?”) 


Fig.2. Simplified FCP response of SGF- and LGF-reinforced PP composites. 
Notes: the minimum/maximum load ratio was 0.2; compact tension specimens were notched 
in T-L direction; experimental results published in Ref. [11]. 


The lessons from the FCP studies performed on various injection-molded composites can be 
summarized by the scheme in Figure 3. Note that below a threshold AK (AKth) no crack 
growth occurs. Albeit this value is of great importance for design purpose, it can not be 
always determined. It should be mentioned that the stable acceleration (Paris-Erdogan range) 
is often preceded by a stable deceleration range. Its onset is traced to the microstructure and to 
the formation of an "equilibrium" damage zone ([11-12] and references therein). Figure 3 
demonstrates that fast (catastrophic) fracture during FCP tests takes place at the static fracture 


toughness values. 
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Fig.3. Effects of selected microstructural parameters (Vf and 1/d) on the FCP response of 


injection-molded thermoplastic composites 


Figure 4 shows the effects of microstructure on the preexponential (A) and exponential (m) 
parameters of Equation 4 on the example of PP reinforced by SGF and LGF in various 
amounts. 

Since the upper bound of the validity of the Paris-Erdogan range is at about the critical 
fracture toughness (Ko ¢ - cf. Figure 3) and the related failure events are also very similar at 
subcritical (FCP) and critical loadings (static fracture), the fatigue and fracture results are 
interrelated. Thus increasing R results in improved resistance to FCP of these materials. 
Further, the M concept (cf. Equation 3) is valid also for FCP [13-14]. Thus Equation 4 can be 
modified assuming that its constants are functions of M: 


TOR o) 


dN (M 
oe S) =logA- log(a +n-R)+ m(M)- log(AK) (6) 


Equation 6 simplifies further as m(M) or m(M).log(AK) are considered as constants. This 
occurs when "m" only slightly changes with "M", which is the case when "n" tends to 0. This 
prerequisite is the easier fulfilled the lower is the energy absorption ratio (n), or in other 
words, the higher is the ductility of the matrix. As a consequence the log(da/dN) vs. log M 
data pairs lay on a straight line, that was reported for PEEK- [13-14] and PP-composites [11- 
12]. It is worth mentioning, that the simplified version of Equation 6 works well, provided 
that the valid Paris-Erdogan range on the AK-scale is broad enough. 
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Fig.4. Effects of microstructural factors on the FCP behavior (viz. values A and m) of 
injection-molded PP composites with SGF and LGF reinforcements. Note: L-T notching at 
the usual thickness of injection-molded parts (ca. 3mm) results in a higher proportion of 
reinforcing fibers aligned in the loading direction as 2S > C holds. 


CONCLUSIONS 


Improvement in fracture toughness and fatigue crack propagation (FCP) behavior achieved by 
incorporation of discontinuous fibers highly depends on the matrix characteristics. The related 
effect is the stronger the lower is the matrix toughness. Both the fracture toughness and the 
FCP response can be correlated to the microstructure of the composites by means of the 
microstructural efficiency factor (M). This "M" term counts for the effects of the reinforcing 
fibers incorporated, by considering their relative effectiveness with respect to the loading 
direction (R), the change in the matrix stress state (a) and the variation in the energy 
absorption balance between fiber- and matrix-related failure events (n) induced by the fibers 
present. 

Fractographic analysis revealed that the dominant failure events are practically the same in 
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static fracture and FCP tests (if no hysteretic heating occurs in the latter case). This is a further 
support for the reliability of the microstructural efficiency concept and for the common 
treatise of the fracture and FCP responses using the LEFM. 
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A STIFFENER DEBONDING STUDY USING 
FRACTURE MECHANICS DATA 


Peter DAVIES 


INTRODUCTION 


Although fracture mechanics tests are frequently used to characterise adhesives, both 
on metal and composite substrates, there are few examples of the application of the 
measured data to predict the response of bonded structures. Kinloch and colleagues 
have developed a methodology to predict the service life of bonded joints using mode 
I fracture data [1]. 


The aim of the present study was to examine whether the values of Gy obtained from 
simple test specimens could be used to predict the debonding of a stiffener in a 
structural composite element. Previous results of test-prediction correlations for lap 
shear specimens (see chapter 3.2) appeared promising and the failure mode in tests on 
stiffened panels often involves the development and propagation of an interface crack, 
which is well-suited to a fracture mechanics approach. 

The element chosen for this study is representative of assemblies widely used in 
marine structures, in which a structure such as a boat hull or a bulkhead is 
manufactured, and subsequently stiffened by overlaminated top-hat sections. Such 
elements have been extensively studied by Shenoi and coworkers [2] and some 
attempts have been made to use a fracture mechanics approach to look at delamination 
in the curved part of the overlaminate [3]. In the present work it is another damage 
mechanism, debonding at the interface between panel and stiffener, which is 
addressed. 


MATERIALS AND FABRICATION 


Two materials have been studied, a woven glass fabric reinforced polyester and a 
stitched glass reinforced epoxy. Table 1 presents the material characteristics. 
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[ __Glass/Polyester Glass/Epoxy |] 
| Resin ii Isophthalic polyester Epoxy/amine hardener 
Cray Valley S70390TA Sicomin SR1500/2505) | 
Reinforcement Woven fabric 0/90°, Multi-axial stitched fabric, 
500 g/m? QX, (0/90/+45/-45°), 
= 1034 g/m? 
Fibre content 58 61 
Mass % | 
Tensile modulus, 21 i 15 
GPa 
Mode I fracture 180 330 
toughness, J/m? (6%) (19%) 








Table 1. Materials studied 
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Double cantilever beam (DCB) and top hat specimens were manufactured by hand 
layup at IFREMER. For the latter the sandwich panels with a 40mm thick balsa core 
are produced first. Then a foam former is placed on the panel and the top hat is 
produced by overlaminating. Either 8 layers of woven fibres or 4 layers of QX are 
used to make the overlaminate. The same number of layers makes up each arm of the 
DCB specimens (about 4mm thickness). 


FRACTURE TESTS ON DCB SPECIMENS 


The mode I fracture toughness of the two materials was determined by tests on 
specimens of the same thickness as the top hat elements, Figure 1. The test procedure 
was that developed within the ESIS TC4 group [4]. Specimen dimensions are larger 
than those usually employed for aerospace materials, as the weave cell dimensions are 
several millimetres. Specimen width is 50 mm, length is 300 mm and starter film is 8 
micron thick polypropylene 75 mm long. The initiation values from the fracture tests, 
defined as non-linearity on the load-displacement plots, are given in Table 1. 





Figure 1. Mode I test 


TOP HAT PULL-OFF TESTS 


The test set-up is shown in Figure 2. Two digital cameras are used to record crack 
initiation and propagation, and two acoustic emission transducers are placed on the 
stiffener webs. 
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Figure 2. Top hat pull-off test. 


Specimens were prepared with and without implanted 8 micron thick polypropylene 
defects. The latter were nominally 20, 40 or 60 mm long, actual lengths were 
measured on fracture surfaces after test. Four specimens were loaded to failure for 
each condition at a machine cross-head displacement rate of 5 mm/minute. Figure 3 
shows examples of load-displacement plots for specimens with and without defects. 


Top hat pull-off tests, woven/polyester 


4000 + No starter defect 


Force, N 


2000 4 


1000 + 











0 1 2 3 4 5 6 7 8 
Crosshead displacement, mm 


Figure 3. Examples of load-displacement plots, glass/polyester pull-off tests 


PULL-OFF LOAD PREDICTION 


The pull-off load for these tests was estimated using a simple beam analysis. This 
involves a number of assumptions. Loading is assumed to be pure mode I, which 
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appears justified given the very stiff sandwich base. Linear elastic behaviour is also 
assumed. This may be justified for the short (20 mm) defects but is clearly more 
debatable for the longest (60mm) starter cracks. 


The expression for pull-off load is based on the analysis of Hashemi et al. [5] ; 


4B’H°EG 
pao EEEE ] 








(1) 
with B the specimen width, h the thickness of the overlaminate, E the tensile modulus, 
and a the crack length. 


Different initiation criteria were applied, here a non-linearity criterion (NL) is 
presented. 


This is clearly a very simple model, and numerical modelling has also been examined 
to look at more complex cases such as stiffener ends, but the test geometry considered 
here is very close to the mode I DCB test. 


TEST-PREDICTION CORRELATION 


The correlation between predictions and test results is shown in Figure 4 below. 

It may be noted that the failure loads for the QX/epoxy are significantly higher than 
those measured for the woven/polyester specimens. This difference is also found in the 
mode I tests, and suggests that those tests can be used to examine parameters such as 
surface preparation. The agreement between tests and predictions is quite good for the 
polyester composite. For the epoxy the measured values are higher than predictions for 
the longer cracks. There are several areas of uncertainty, concerning both the model 
and the input data, and these have been discussed elsewhere [6]. One point to bear in 
mind is that these materials are made by hand lay-up and that the fabrication procedure 
involves a delay between panel fabrication and stiffener overlamination. This has two 
important consequences. First, the mode I fracture toughness was initially taken to be 
240 J/m?, based on results from tests on unidirectional glass/epoxy specimens 
presented elsewhere [7], but the tests on QX fibre reinforced specimens laminated 
with the same delay gave values of 330 J/m?. 
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Figure 4. Test-prediction correlation, top hat pull-off tests. 


Predictions using both values are shown in Figure 4. Second, the predictions were 
based on nominal properties and geometry but the actual thickness may vary in 
practice, Figure 5, particularly for the epoxy with the higher surface weight 
reinforcement which is harder to form into a tight radius. The simple model is very 
sensitive to thickness variations and an improved correlation can be obtained by 
adjusting this parameter, but this reduces the usefulness of the model as a predictive 
tool. Nevertheless the failure load estimations are quite reasonable, particularly for the 
short starter cracks, even with the nominal thickness values. 
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Figure 5. Detail of radius of stiffener/plate joint 


CONCLUSIONS 


The first results from this study show that: 


Fracture mechanics tests can be used to give a good qualitative indication of 
stiffener/panel interface performance. 

Simple analyses can give a reasonable estimation of failure loads for simple 
structures. 

Application to industrial structures requires great care to ensure that the input 
values are appropriate. This will require determination of mixed mode fracture 
data for materials in many cases. 
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THE INFLUENCE OF EPOXY-METAL INTERPHASE PROPERTIES ON 
FRACTURE TOUGHNESS 


A.A. ROCHE and J. BOUCHET 


INTRODUCTION 


Understanding the interphase is important for both fundamental and practical aspects of 
adhesion. Indeed, for composite systems made of two components (the substrate and the 
organic layer) the interphase and its properties determine the final properties (practical 
adhesion, corrosion resistance, and durability). Liquid epoxy-diamine mixtures are 
extensively used as adhesives or paints in many industrial applications. When they are applied 
onto metallic substrates and cured, epoxy-amine liquid monomers react with the metallic 
oxide and/or hydroxide to form chemical bonds [1, 2] increasing practical adhesion between 
the epoxy polymer and the substrate surface [3, 4]. Different studies report the influence of 
the nature of the metallic substrate on the prepolymer cross-linking [5]. Moreover, when 
epoxy resins are applied onto metallic substrates and cured, intrinsic and thermal residual 
stresses develop within the entire organic layer [6-8]. Whatever their source, these residual 
stresses reduce the practical adhesion and may induce cracks in coating materials [9-11] 
resulting in a drop of the overall performance of adhesives or paints. To gain a better 
understanding of the fundamental epoxy/metal adhesion requires a full knowledge of 
chemical and physical reactions that take place at the epoxy/metal interface [12,13] and the 
related diffusion phenomena [14]. The organic layer in the vicinity of the substrate surface has 
to be considered as an interphase containing gradients of residual stresses and Young’s 
modulus [15] resulting from structural rearrangement, intermolecular and inter-atomic 
interactions and diffusion phenomena [12] in which some new chemical species may be 
formed. When epoxy/metal systems failed, it was possible not only to correlate the residual 
stresses at the interphase/metal interface to practical adhesion as defined in this contribution 
but also to correlate the fundamental adhesion and durability to the presence or absence of 
some chemical species [16]. The aim of this paper is to establish the influence of the 
interphase formation on the fracture toughness. Then, fracture mechanics (i.e., a version of a 
Gi: measurement) is used to distinguish the effects of different interphase properties 
(gradients of Young’s modulus, residual stress profiles,...) on adhesive layers produced by 
special preparation and curing as well as after ageing. 


EXPERIMENTAL 


The metallic substrate used was a 0.5 mm thick commercial rolled aluminium alloy (5754 
from Pechiney) prepared by die-cutting to provide identical sized strips (50x10 mm or 150x10 
mm). Before any polymer application, aluminum substrate surfaces were ultrasonically 
degreased in acetone for 10 min. and wiped dry with a soft absorbent paper. Some aluminium 
panels were also chemically etched (immersed in a solution of 250g/1 of sulfuric acid, 50g/1 
chromic acid and 87 g/l aluminium sulphate octadecahydrate at 60°C for 20 min., rinsed in 
running tap water for 1 min., immersed in deionized water for 5 min. and wiped dry with a 
soft absorbent paper.). After surface treatment, all substrates were kept in an air-conditioned 
room (22+2°C and 55+5% R.H) for 2 h. The bifunctional epoxy prepolymer used was a liquid 
diglycidyl ether of bisphenol A (DGEBA, M=348 g/mole, DER 332 from Dow Chemical). 
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The liquid diamine curing agent used was isophorone-diamine (IPDA or 3-aminomethy]l- 
3,5,5-trimethylcyclohexylamine from Fluka). Monomers were used without further 
purification. Assuming a functionality of 4 for diamine and 2 for the epoxy monomer, a 
stoichiometric ratio (a/e = aminohydrogen/epoxy) equal to 1 was used throughout this work. 
Homogeneous mixtures of DGEBA and diamine were achieved by stirring under vacuum (1 
Pa) at room temperature for 1 h (Rotavapor RE211 from Biichi, Switzerland) to avoid air 
bubble formation. To allow chemical reactions between the substrate surface and liquid 
monomers to take place, leading to the full interphase formation, liquid monomers were kept 
in contact with the metallic surface for 3 hours at room temperature (under N2 flow to prevent 
monomer oxidation and/or carbonation) before commencing the polymer curing cycle 
thereby achieving the maximum conversion of monomer and the highest glass transition 
temperature (T = 163°C): (20-+60°C (2°C/min); 2 hours at 60°C; 60-+140°C (2°C/min); 1 


hour at 140°C; 140->190°C (2°C/min); 6 hours at 190°C; cooling (8 hours) down to 20°C in 
the oven). In the following, we have denoted (i) 3 hours at room temperature plus the curing 
cycle (see figure 1). Conversely, when we did not want the interphase formation, immediately 
after the epoxy-diamine application (less than 2 min.) the coated specimens were placed in a 
preheated oven at 190°C, held for 6 hours and cooled down to 20°C in the oven for 8 hours. 
This curing cycle is denoted (ii) (see figure 1). To obtain the desired coating thickness, an 
automatic film applicator (from Sheen) was used. The coating layer and the substrate have the 
same widths. After the curing cycle and cooling down, the coating thickness was determined 
using a Digital Linear Gauge (Model EG-100) having a + 5 um sensitivity. 


RESULTS AND DISCUSSIONS 


When liquid epoxy-diamine prepolymers were applied onto metallic substrates, interphases 
between the coating part having the bulk properties and the metallic surface were created. 
Chemical, physical and mechanical properties of the formed interphase depend on the natures 
of both the substrate surface and the diamine hardener. In previous works, we have pointed 
out that the interphase formation mechanisms result from a dissolution and a diffusion 
phenomena [17,18]. When the pure DGEBA monomer was applied onto the metallic surfaces 
or when pure diamine monomers were applied onto gold coated substrates, no chemical 
reaction was observed. On the contrary, when pure diamine monomers were applied onto 
either titanium or aluminum metallic surfaces, chemical reactions occurred. Following the 
amine chemical sorption onto oxided or hydroxided metallic surfaces, a partial dissolution of 
the surface oxide (and/or hydroxide) metallic substrate was observed according to the basic 
behavior of diamine monomers [2]. 
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Fig. 1. Representation of the two curing cycles used for DGEBA-IPDA system. 
((i) with interphase formation, (ii) without interphase formation) 





Metallic ions diffuse within the liquid monomer mixture (epoxy-diamine) and react by 
coordination with amine groups of the diamine monomer to form organo-metallic complexes 
(or chelates). When the complex concentration was higher than its solubility limit, complexes 
(or chelates) crystallized as sharp needles. During the curing cycle, organo-metallic 
complexes react with the epoxy monomer leading to a phase separation corresponding to the 
formation of a new epoxy network having a lower Tg. Moreover, crystals not dissolved after 
the curing cycle, acted as short fibers in the organic matrix leading to an increase of the 
Young’s modulus. The same mechanisms were observed for Sn, Zn, Fe, Cr, Cu metallic 
substrates covered by their oxide or hydroxide layer and E-glass substrate. Since dissolution 
and diffusion phenomena were expected, the interphase formation should be related to the 
liquid-solid contact duration between liquid prepolymers and metallic substrates. This means 
that it is possible to control the interphase formation by limiting the contact duration between 
the liquid prepolymers and metallic substrates. That can be easily achieved. Thus, 
immediately after the application of the DGEBA-IPDA mixtures onto treated metallic 
substrates (less than 2 min.), panels were introduced in a oven at 190°C and kept in for 6 
hours before cooling down (Curing cycle (ii)). In table 1, we have reported the final physical 
and mechanical properties of both bulk polymers and films according to the two different 
curing cycles (i and ii). We observed that bulk mechanical properties (E) are identical 
irrespective of the curing cycle. However the bulk physical properties (Tg) are slightly 
different due certainly to a slight diamine evaporation during curing cycle (ii). For the 30 wm 
film on aluminum with curing cycle (i), we observed, as explained previously, that the 
mechanical and physical properties were quite different from those of the bulk inferring 
interphase formation. However, for the 30 um film on aluminum with curing cycle (ii), 
mechanical and physical properties were the same as those of the bulk suggesting that the 
interphase was not formed or that the interphase is so thin that we are unable to observe it. 
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Table 1. Mechanical (E) and physical (Tg) properties of DGEBA-IPDA systems. 








Material Curing cycle E [GPa] Tg [°C] 
(i) 3.2 163 
ak Gi) 3.1 156 
30 um thin film on Al (i) 14 110 
30 um thin film on Al ii 3.3 154 





As the practical adhesion measurement is related to an adhesional failure (or failure within the 
interphase region), it is obvious that the interphase properties have to be considered. In recent 
works, we have reported that the consideration of the mechanical interphase properties is of 
prime importance to understand the mechanical behavior of bonded structures [19-21]. To 
point out the role of interphase formation on fracture toughness, we used the model developed 
in this volume in order to calculate both residual stresses and the critical strain energy release 
rate. For three-layer systems (i.e. when curing cycle (i) was used), residual stresses were 
calculated using the Young’s modulus gradient, within the interphase, observed 
experimentally [19]. Obviously, for bi-layer systems (i.e. when curing cycle (ii) was used), 
residual stresses were calculated using the Young’s modulus of the bulk coating. Figures 2 
and 3 represent the profile of the residual stresses in the tri and bi-layer system, respectively. 
The maximum stresses within the tri-layer system were at the interphase/metal interface while 
the ones observed in the bi-layer system were at the bulk coating/metal interface irrespective 
of the surface treatments. In mechanical terms this means that the failure of such systems 
should take place where residual stresses are at their maximum, i.e. that adhesional failures 
should be observed. Moreover, we can observe, for tri-layer systems (i.e. those which contain 
an interphase), an increase of the maximum stress intensity compared to the bi-layer systems 
(i.e. without interphase). Thus the presence of the interphase may favor an increase of the 
residual stresses. Those results are consistent with the assumption that the practical adhesion 
will decrease as soon as the interphase is formed. By using the model previously developed in 
this volume, we have calculated the quantity of energy required to initiate the failure. 

To point out the role of the interphase formation on the G, ae value, the calculation was 


made for systems with or without interphase before and after hydrothermal aging (immersion 
of bonded specimen in distilled water at 40°C for 12h). The results obtained for both 
degreased and chemically etched aluminum are listed in Tables 2 and 3 before and after 


hydrothermal aging respectively. From Table 2, we can observed that G, aan decreases when 
the interphase is formed (curing cycle (i)) whatever the surface treatment is. To consider 
residual stresses for the G,*“* calculation leads to an increase of the G,”* values 
whatever the surface treatment is. Residual stresses within painted or bonded systems act as a 
potential deformation energy. Obviously, as soon as this potential energy is higher than the 


intrinsic adhesion energy, a spontaneous coating delamination (or buckling) is expected and 
experimentally observed [8]. 
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Fig. 2. Variation of residual stresses as a function of position in the three-layer system for 
both chemically etched and degreased aluminium. 
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Fig. 3. Variation of residual stresses as a function of position in the bi-layer system for both 
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Table 2. G, ee results obtained for both degreased and chemically etched aluminium before 
aging. 








Without interphase With interphase 








Calculation 
Surface treatment : edn flexur 
assumptions Gi [J/m?] Gye" {J /m?] 
Without stresses 84417% 40413% 
Degreased 
With stresses 1154+14% 7328% 
i Without stresses 116+14% 74412% 
Chemically etched 


With stresses 138415% 82+13% 
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According to residual stress profiles shown in Fig 1 and 2, this potential energy appears to be 
higher for degreased samples than chemically etched ones. Thus the Gee values for 


chemically etched samples are more significant than the degreased ones. As preliminary 
work, some samples were hydrothermally aged by immersion in distilled water at 40°C for 12 
h. Results obtained are listed in Table 3. 

Table 3. G, ro results obtained for both degreased and chemically etched aluminium after 


aging. 




















Calculation Without interphase With interphase 
Surface treatment p 
assumptions Gf" [J/m?] Gt" [J/m?] 
Without stresses 52+18% 66414% 
Degreased À 
With stresses 81+14% 92+13% 
Without stresses 87+16% 105+14% 
Chemically etched 
With stresses 98+13% 1154+12% 





After hydrothermal aging, a decrease of critical strain energy release rate was observed for 
samples without an interphase (curing cycle (ii)). On the contrary, when the interphase was 
formed, the critical strain energy release rate increased slightly with the duration of the liquid- 
solid contact time. According to this result, we can assume that the interphase and more 
particularly the organo-metallic (chelate) complexes act as a barrier material or as a water 
corrosion inhibitor within the interphase region. The corrosion inhibiting behavior of amine 
organo-metallic complexes has been reported previously [22]. 


CONCLUSION 


When epoxy-diamine prepolymers were applied onto metallic substrates, interphases between 
the coating part having the bulk properties and the metallic surface were created. The 
mechanisms of the interphase formation are dominated by dissolution and diffusion 
phenomena. Since dissolution and diffusion phenomena were observed, the interphase 
formation should be related to the liquid-solid contact duration between liquid prepolymers 
and metallic substrates. Using an appropriate curing cycle for prepolymers it is possible to 
control the interphase formation. We observed that the interphase formation decreases 
practical adhesion by increasing residual stresses and increases the hydrothermal durability of 
coated samples. Thus, it has been clearly shown that the practical adhesion represented here 
by the critical strain energy release rate depends on the residual stresses. Samples that contain 
interphase are subjected to a higher residual stress level compared to the ones without 
interphase. However, the presence of the interphase and more particularly the organo-metallic 
(chelate) complexes act as a barrier material or water corrosion inhibitor within the interphase 
region. Nevertheless, these organo-metallic complexes certainly seem to be responsible for 
the increase of the residual stresses. For otherwise identical systems, overal! properties of 
coatings, including the interphase ones, depend on the contact duration between metallic 
surfaces and liquid prepolymers and can explain the different findings observed in the 
literature. 

Obviously to characterize practical adhesion using ultimate parameters such as ultimate load 
before failure and/or assuming a perfect interface between the organic coating and the 
substrate is not sufficient and/or useful in order to correlate practical adhesion to fundamental 
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adhesion. The interphase formation and resulting Young’s modulus gradient and residual 
stress profile have to be considered in applying relevant fracture mechanics concepts to this 
goal. 
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FRACTURE TESTS TO OPTIMISE MARINE COMPOSITE 
MANUFACTURING 


P. DAVIES and H. LOAEC 


INTRODUCTION 


Most composite manufacturing processes involve the assembly of composite components, 
either in one or multiple steps. For example a complete structure with integral stiffeners 
may be fabricated in one shot in an autoclave or a structure such as a boat hull may be 
produced in a mould and then stiffeners over-laminated in a second step. In both cases 
there is a need to optimise the mechanical strength of interfaces between components, and 
fracture mechanics can be useful to evaluate surface preparations, adhesives and cure 
cycles without having to produce large structures each time. This article will describe one 
example in which fracture mechanics tests have been used to quantify the influence of the 
manufacturing procedure on assembly performance. The case considered is that of over- 
lamination. This is a procedure widely used in the marine industry (for both pleasure boats 
and military ships) and involves wet lay-up of glass fibres and resin onto a partly- or fully- 
cured substrate. There are many parameters which can influence the behaviour of the 
interface but two which have been seen to be critical are: 
- the delay period between completion of the substrate and over-lamination, and 
- the preparation of the substrate surface. 

It should be emphasised that the polyester resins most frequently used in the marine 
industry are not post-cured and will continue to cure naturally for days or weeks after 
fabrication. Thus a long delay before over-lamination is likely to affect the interaction 
with the new laminate. This situation may be worsened if additives, such as those present 
in some low styrene emission resins, can migrate to the surface. There are different surface 
preparations available. The simplest is to apply a peel ply, which protects the surface and 
is removed just before over-lamination to reveal a new surface. Additional surface 
preparations include abrasion, solvent cleaning or even grinding to ensure that a clean, 
uncontaminated surface is offered to the overlaminate. 


METHODS OF EVALUATION OF THE INTERFACE 


There are relatively few practical options for characterising interfaces such as these. The 
most widely used method is the standard short beam shear (ILSS) test. This requires little 
material and can produce useful qualitative results if care is taken, but it may also produce 
failure modes other than interface failure and results cannot be used in design calculations. 
For this reason values obtained are usually termed “apparent shear strength”. In order to 
obtain more valid shear strength data, more complex and expensive specimens such as the 
Iosipescu beam are required. There are also through-thickness tensile test procedures, but 
again they are complicated and not very satisfactory. The idea of using fracture mechanics 
tests is therefore quite attractive. 


MATERIALS 


The materials tested in the present study are all woven glass reinforced polyester 
composites. The reinforcement consists of 16 plies of 500 g/m? woven E glass (balanced 
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0/90°), about 8 mm total thickness, in an isophthalic unsaturated polyester (Cray Valley 
703) resin. Seven panels were produced over a two month period. The first 8 plies of six 
of the panels were impregnated the same day. Three of these panels were protected with 
peel plies (referred to as P), the other three were left exposed to the air (referred to as N). 
After one day, one week and 6 weeks the second series of 8 plies were laminated onto the 
first 8 plies, after removing the peel plies when present. An 8 micron thick polypropylene 
starter film was included at mid-thickness. No additional surface preparation was 
performed before overlamination. A seventh panel was laminated continuously from the 
same resin and fibres, as a reference material (C) and in order to determine how the aging 
of the composite with time affected ILSS and fracture behaviour. 


TESTS PERFORMED 


A first series of tests was performed on specimens from the seven panels. The conditions 
for these tests were the following (Table 1). 






Time after substrate 

fabrication | 

0 Continuous 

No peel ply 
l 


Period between overlamination 


and testing (days) 


3 





Surface preparation 






















6 weeks No peel ply 
Peel pl 


Table 1 First series of tests. Direct comparison of fabrication conditions. 








These tests were performed two months after the completion of the first two 
overlaminated panels but only three days after the manufacture of the continuously 
laminated panel. 

A third parameter which will affect the results obtained is the time between the 
fabrication of the interface (overlamination) and testing. As all tests were performed on 
the same day, this will not affect the comparison between the two tests. However, it is well 
known that the cure of polyester resins is not instantaneous, so this parameter is of interest 
for practical applications. In particular it is important to know how long it takes for stable 
properties to be attained. Further tests were performed therefore after different periods of 
time, Table 2. All specimens were stored in a controlled temperature (20°C) and humidity 
(50% RH) laboratory before testing. 


Time after substrate Surface preparation 
fabrication 


0 Continuous 


Period between overlamination 
and testing (days 
3, 7, 15, 21, 28, 56 
Peel pl 14, 28, 56 


Table 2 Second series of tests. Influence of time after fabrication. 




















Tests were performed on mode I DCB, and standard short beam shear (ILSS) specimens. 
A small number of mode II 4ENF and three point flexure specimens were also tested. 
DCB specimens were 35 or 50 mm wide with 60 mm long 8 micron thick PP starter films 
at mid-thickness. ILSS tests were performed with 40 mm between supports (l/h = 5). 
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Additional physico-chemical measurements were also made in order to follow the 
cure of the composite matrix with time. Both Differential Scanning Calorimetry (DSC) 
and Dynamic Mechanical Analysis (DMA) measurements were made, using TA 
Instruments modulated DSC and DMA in three point flexure, but due to the limited space 
available here these results will be presented elsewhere. 


EXAMPLES OF RESULTS 
Figure 1 shows the results from the short beam shear tests, 4 or 5 specimens for each 
condition. The differences between the highest and lowest of the mean values is quite 


small, the range is only from 25 to 33 MPa. 


ILSS 
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Apparent shear strength, (MPa) 
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Figure 1. Short beam shear test results, mean and standard deviations 
C: Continuous fabrication (test time after fabrication in brackets), P: Peel ply, N: No peel ply ( delay 
between fabrication of first and second halves in brackets), tests on P and N specimens performed 8 weeks 
after fabrication started. 


There do appear to be differences which correspond to the different fabrication conditions, 
notably lower values for the overlamination onto a surface protected by a peel ply when 
the delay is one week or more, compared to an unprotected surface, and higher values for 
overlaminations after shorter delays, but they are quite small. This test does not appear 
very sensitive to manufacturing conditions. 


Mode I DCB tests were performed on 1 to 3 specimens for each condition. This is 
a small number of specimens, but this was a preliminary study to establish whether the 
fracture mechanics tests could provide useful information rather than a full 
characterisation campaign. 


Figure 2 shows examples of R-curves for the different manufacturing conditions. 


Initiation values are similar but there are very significant differences for propagation 
values. 
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Figure 2. Examples of mode I R-curves for different fabrication conditions 


The crack resistance of the central interface in a pane] produced by continuous lamination 
is higher than all those produced in two lamination steps, even when the delay between the 
steps is only one day. It is also much easier to propagate a crack at the mid-plane interface 
when a peel ply is used than when the surface has not been protected. This rather 
surprising result will be discussed further below. Delays of one day or one week produced 
similar results. 


Some additional flexural tests were performed. These included three-point loading 
(distance between supports 120 mm, crosshead displacement rate 5 mm/min.) and four 
point loading with a starter film (4ENF), (distance between lower supports 230 mm, 
between loading points 150 mm, loading rate 5 mm/min.). Neither of these tests showed 
significant variations with fabrication conditions. Figure 3 shows one example of results. 
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Figure 3. Flexural strengths, two tests for each condition 


These limited results suggest that neither of those tests is particularly sensitive to the 
change in manufacturing conditions. If these conditions are to be optimized with respect to 
crack propagation, the mode I DCB test appears the most useful. Further tests were 
therefore run using DCB and ILSS tests, to look at how properties of the continuously 
produced material evolved with time after fabrication. Figure 4 shows the latter, and there 
is no significant evolution of ILSS values after the first week after fabrication. 
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Figure 4. ILSS tests, influence of time after fabrication, continuously laminated specimens 
(C), mean values and standard deviation error bars. 


Two DCB specimens were tested at each time and propagation values of Gj, were 
determined (taking the mean of all values except the first 10mm of crack advance). The 
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mean and standard deviations are shown below in Figure 5 and here there does not appear 
to be a significant evolution in fracture resistance either. This suggests that the 
comparisons in Figure 2 are valid in spite of the different delays between fabrication and 
testing, as the material is quite stable once the first week after fabrication has passed. 


Evolution of Gic propagation values with time 











0 10 20 30 40 50 60 
Time after fabrication, days 


Figure 5. Mode I DCB test results, propagation values, influence of time after fabrication, 
continuously laminated specimens (C), mean values and standard deviation error bars. 


FURTHER CONSIDERATIONS 


The initial aim of these tests was to establish whether there were advantages to using 
fracture mechanics tests rather than the conventional ILSS or three-point flexure to reveal 
effects related to changes in manufacturing conditions. The results shown above certainly 
suggest that the mode I DCB tests are very sensitive to such changes, at least for the type 
of glass reinforced polyester system cured at room temperature, commonly used in marine 
structures. If the results are to be analysed further, there are several factors which need to 
be considered. 


One consideration is that, although all the specimens contain the same number of 
reinforcement layers, the mid-plane lamination region thickness is not the same for the 
three conditions (continuous, overlaminated unprotected and with a peel ply). Thickness 
measurements and examination under the microscope reveal that the continuously 
laminated specimens are thinner than the overlaminated specimens due to resin rich 
regions being produced at the mid-plane when the lamination is restarted after a delay. 
This difference is a consequence of the fabrication process, and hence a real effect, but it 
may explain some of the differences observed. A second parameter is the change in the 
physico-chemical behaviour of the surfaces with time, with or without the presence of a 
peel ply, and this requires more detailed surface analysis to establish why the fracture 
resistance of both series of overlaminated specimens increases with delay before 
overlamination. 
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CONCLUSIONS 


The conventional interlaminar shear strength test, frequently used for quality control 
puposes, is shown to be relatively insensitive to significant differences in manufacturing 
conditions. The mode I fracture mechanics test appears more sensitive to these conditions 
and may offer a better potential for the optimisation of fabrication parameters. Significant 
differences were noted between the mode I fracture resistance of specimens fabricated 
under different conditions. Further tests are being performed to investigate these 
differences. 
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SUPPRESSION OF INITIATION OF DELAMINATION CRACKING IN 
UNIDIRECTIONAL COMPOSITES BY SELF-SAME RESIN INTERLEAVING 


LK. PARTRIDGE and D.D.R. CARTIE 


INTRODUCTION 


Delamination cracking in continuous fibre reinforced laminated composites is a universal concern 
in materials selection and structural design. In aerospace composite structures, the ‘no crack’ design 
philosophy has prevailed for many years. The present case study limits itself to the treatment of 
suppression of initiation of delamination cracking in aerospace grade thermosetting composites and 
does not address related issues in adhesively bonded joints or indeed in thermoplastic matrix 
composites. 

Early attempts at a solution of the classical brittleness of thermosetting composites concentrated on 
the toughening of the matrix resin itself, by blending with different polymeric modifiers. 
Requirements of thermal stability above 120°C dictate the use of ‘high temperature’ thermoplastics 
as the toughening agents, in preference to reactive rubber modifiers commonly used in toughened 
adhesive formulations. Largely due to the very high crosslink densities in the high temperature 
thermosets, the improvements in toughness achievable by this technique are limited. The best of 
commercially available aerospace grade resins still fail to achieve fracture toughness (Gc) levels 
much above 500 J/m? [1-3]. 

Even if considerably tougher resin systems were to be produced, all the indications are that above 
about 400 J/m*, the translation of any further resin toughness improvement into a toughness 
increase in the laminate made from it is very poor [4,5]. The first indications of this limitation of 
toughness transfer came in the work by Hunston et al [4] and at the time there was considerable 
speculation about the nature of the apparently complicated correlation between the Mode | 
toughness values measured in UD composites and their corresponding resin matrix Gy. The 
difficulties in resolving this issue were connected to a large extent with the unavailability of 
standardised fracture mechanics testing procedures for the determination of Mode I toughness, both 
in the unreinforced polymer and in the composite form. 

The argument which became generally accepted is that the toughening mechanisms in the resin, 
effectively crack tip blunting by plastic yielding in the resin, tend to be inhibited by the proximity of 
the stiff fibre plies. Moving the stiff fibre plies further apart, allowing the plastic zone to develop in 
the resin rich region around a crack tip, thus looked a promising route to achieving the desired 
toughening and gave rise to the so-called ‘interleaf technology’. 


RESIN INTERLEAVING 


The first documented use of resin interleaving concerned very tough thermoplastic layers used with 
a thermosetting prepreg [6]. Very impressive compression—after-impact performance of such 
composites sparked off early interest, but the drawbacks of the use of relatively compliant resin 
films for this purpose soon became clear. As might be expected, the low resistance to 
microbuckling of the reinforcement fibres into the compliant interleaf led to disappointing 
performance under ‘hot-wet’ compression conditions. 
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The use of well toughened adhesive films as the composite interleaves was also explored by several 
researchers [7-10]. However, the dissimilar interfaces created at the borders between the ‘adhesive 
resin’ and the ‘prepreg resin’ led to frequent premature interfacial failures in such specimens, 
limiting the effectiveness of this particular approach. 

A compromise solution has been the use of polymeric particles, sprinkled onto the outer layers of 
prepreg plies, acting as fixed ‘spacers’ and defining the minimum separation of composite plies and 
hence of the (regularly spaced) resin rich layers. Several such prepreg systems have been very 
successful in recent years, both in the aerospace and in the automotive industries [11, 12]. Fig.1 is a 
micrograph of one such system, clearly showing the polymeric spacer particles. High increases in 
delamination initiation resistance and compression-after-impact resistance can be achieved in 
composites made in this way, but at the expense of reduced specific stiffness. 


Fig.1 Scanning Electron Micrograph 

of a fracture surface of (unreinforced) 
resin containing solid polymeric spacer 
particles 






onneoen 10 um 


The final option then is to use a film of the same resin as the resin originally used to impregnate the 
reinforcing fibres in order to create the desired interleaf, in a specific position within a laminate or 
structure. The term ‘self-same’ resin interleaving is used to describe this version of the approach 
and is the topic of the remainder of this article. 


SELF-SAME RESIN INTERLEAVING 


Sample manufacture 

Fig.2 is a schematic of a unidirectionally reinforced (UD) DCB specimen lay-up, of standard 
dimensions as specified by ISO 15024 but containing several layers of matrix resin films in its mid- 
plane. Whilst the number of resin films can be used as an approximate control of the resin layer 
thickness, the final thickness can only be determined after the laminate has been compacted during 
cure. The boundaries of the resin rich layer are uneven, and the measured layer thickness value can 
only be regarded as an average value over the specimen (see Fig.3) 
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Insert Film Resin Interleaf 


Fig.2 Unidirectional double-cantilever-beam specimen containing a resin layer in its mid-plane 





(b) 





-------- 100 um 
Fig.3 Polished cross-sections of the central layers in (a) standard lay-up DCB, DCB samples 
containing (b) 4 and (c) 8 resin film layers in the mid-plane of the (UD) sample 


Delamination fracture testing of interleaved composites 

The presence of a central resin layer in a UD composite delamination specimen introduces specific 
complications which need to be considered. Firstly, as the cross section of the beam is 
inhomogeneous, a correction factor for the beam compliance may need to be applied to the standard 
beam equation calculations on which the data analysis is based. While the equation for G; does not 
require modification when applied to interleaved materials, the equation for Gy, does [8]. In the 
case of composites containing a relatively compliant thermoplastic interleaf layer (interleaf stiffness 
typically 2.5GPa c.f. matrix resin stiffness of between 3.5 and 4GPa), the homogeneous beam 
theory significantly underestimates the Mode II fracture values. However, for the case of self-same 
resin interleaving using an aerospace grade epoxy resin, the correction required was found to be less 
than 2% of Gric, when compared with the conventional experimental compliance calibration method, 
even in the case of interleaf thickness of nearly 200m [13]. Given the existing status of Mode II 
delamination testing, with an absence of an agreed standard on test procedures or analysis, it seems 
unnecessary to apply any additional correction factors to the results obtained from our interleaved 
specimens. 
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What is probably more of a reason for concern when interpreting data from fracture of interleaved 
composites is the fact that the crack is not constrained to run in a globally self-similar manner, as is 
the case for delamination cracks propagating between closely spaced plies. In an interleaved 
composite, we can expect the crack path to change direction frequently, being bound to stay within 
the interleaf but generally favouring a direction which is out of the plane of the interleaf. On a 
microscopic level the crack may not propagate under the same loading mode as that which had been 
applied externally. Scanning electron micrographs from such specimens show evidence of complex 
crack paths, which in themselves might be contributing to the delamination resistance of the 
material (see Fig.4) However, these considerations are unlikely to be important in the earliest 
stages of crack growth, i.e. initiation of a delamination crack, and will therefore be neglected for the 
purposes of the present discussion. 


Fig.4. Scanning Electron Micrograph 
of a Mode II delamination fracture, 
grown through UD CF/977 specimen 
containing a thick central resin 
interleaf. 

The extensive plastic deformation in 
the resin evidences the high energy 
absorption by the specimen. 
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Delamination test results from interleaved DCB specimens 
The graphs shown in Fig.5 (a) and (b) summarise the relationship between the crack initiation 
resistance of the specimen and the thickness of the interleaf. 
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Fig.5 (a) Resistance to delamination crack initiation under Mode I loading, against the interleaf 
thickness, for four different self-same resin interleaved carbon fibre reinforced composites. Original 
data from refs. 13 and 14. 
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Fig.5 (b) Graph equivalent to Fig. 5 (a), but under Mode II loading. Additional data are presented 
from the literature (ref.10), where a toughened aerospace adhesive film, FM300, was used as the 
interleaf. 


Fracture resistance values were also determined on samples of the unreinforced resins having the 
same glass transition temperature and morphology as the resin within the corresponding composite. 
Allowing for measurement uncertainties, these values range between 300 and 350 J/m? for the 
aerospace grade 927, 924 and 977 resin systems. The 920 system, based on a lower crosslink 
density epoxy resin (a ‘120°C resin’), exhibits fracture toughness in excess of 500J/m’. 


PLASTICITY CONSTRAINT CONSIDERATIONS 


The results shown in Fig. 5 appear to indicate that the Mode I delamination toughness of the 
interleaved specimens increases as the thickness of the central resin rich layer increases, tending to 
an asymptote at the value of Gof the unreinforced resin itself. Hence the fracture toughness of 
the appropriate resin may be used to estimate the minimum thickness of interleaf which would 
allow an unconstrained plastic zone to develop in the composite as it fails under Mode I loading. 
The yield stress values used in the estimate have to be obtained from uniaxial compression tests on 
the unreinforced resin as tensile tests inevitably result in premature failure. 


The specific example of the IM7/927 is taken for further analysis, as the largest range of interleaf 
thickness has been tested for this material. A simple elastic-plastic analysis, using the von Mises 
yield criterion and plane strain assumptions, gives the height of an unconstrained plastic zone 
developing under mode I loading in unreinforced 927 resin as 90 um. This is expected to be an 
underestimate of the plastic zone size; application of a finite element analysis method developed by 
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Ozdil & Carlsson [15] gives an estimate of the plastic zone height as 135m for this material [13]. 
The Mode I delamination resistance of interleaved IM7/927 composite would therefore not be 
expected to increase once the thickness of the interleaf exceeds this value. 


An equivalent elastic-plastic analysis to estimate the height of an unconstrained plastic zone in an 
isotropic resin layer under Mode II loading [16] gives 2 mm for the unconstrained plastic zone 
height in the 927 resin based composite. However, it seems from Fig. 5(b) that the Mode II 
toughness values may be indicating an asymptote, at about 4.5 kJ/m’, for interleaf thicknesses well 
below this theoretical limit. This is most probably caused by the tendency of the crack front to 
change direction so as to propagate in Mode I, in the isotropic central layer. In any case, a 10% 
drop in the flexural modulus has already been incurred by placing the 200um resin layer in the 
centre of the composite beam; it is unlikely that any further significant stiffness reduction penalty 
would be acceptable in practice. 
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Fig.6 Absolute increase in the Mode II toughness for a range of interleaved composites, against 
interleaf thickness. 


Further analysis is thus limited to composites with relatively thin resin interleaves, below 100 um. 
Fig.6 shows how the improvement in the crack initiation resistance under Mode II loading depends 
upon the thickness of the interleaf. The existence of an apparent master-curve, containing data from 
a wide range of interleaved composite systems [data from 8,10,17] , would seem to suggest a purely 
geometric dependence, with no influence of the type of material or even the temperature of test [17]. 
It is likely that the geometry of the characteristic resin cusp formation, that accompanies shear 
failures in UD composites, is responsible for this observation. 
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CONCLUSIONS 


The implications of the observed strong relationship between the crack initiation resistance and the 
spatial arrangement of resin and fibre plies in a UD specimen can be considered on different levels. 
Results of measurements on laboratory coupons should be accompanied with information on the 
cross-sectional structure of the sample, particularly in the case of Mode II loading measurements. 
There is a danger of the data generated being an un-conservative representation of the delamination 
resistance of a structure manufactured under different conditions of resin flow and bleed than the 
test specimen. Similarly, it is unlikely that correct interpretation of the failure mechanisms in 
complicated specimens, such as the CAI specimen, will be reached without the mesoscopic 
structure information being available. 

Despite the fact that the understanding of the influence of the mesostructure upon the delamination 
resistance of composites is still incomplete, the industrial practice of selective interleaving of 
composites with toughened resin layers is becoming established technology. Some of the best 
examples can be found in the lay-up detail of composite T-stiffeners in thin-walled aerospace 
structures. The barriers to more extensive use of this technology in large complex structures are 
the need for reliable predictions of the locations of regions of crack initiation and crack growth and 
an inevitable increase in the manufacturing complexity. 


The advantage in using a fracture mechanics approach for this type of a study is the fact that the 
data obtained can be regarded as a material property, independent of specimen dimensions. The 
applicability of the alternative methods for characterisation of failure in these materials is likely to 
remain limited by the practical difficulty of determining accurate values of tensile failure stress in 
thermosetting resins. 


REFERENCES 


Bucknall C.B. and Partridge I.K. (1983)Polymer, 24, 639-644 

Yee, A.F. and Pearson R.A., NASA Contractor Report 3718 (1983) and 3852 (1984) 

Pascault J-P and Williams, R.J.J. (2000) “Formulation and Characterisation of Thermoset- 
Thermoplastic Blends” Ch 13 in ‘Polymer Blends’, Vol.1, eds. D R Paul and C B Bucknall, 
John Wiley&Sons, 

Hunston, D.L. (1984) ASTM Composites Technology Review, 6, 176 

Bradley W. L. (1989) “Relationship of matrix toughness to interlaminar fracture toughness”, Ch 5 
in ‘Application of Fracture Mechanics to Composite Materials’ ed. K Friedrich, Elsevier 

Krieger R. B. (1985) Proc. 6th Int. Eur. Chapter Conf. of SAMPE, Scheveningen, May 28-30 pp. 
189-199 eds. G Bartelds and R J Schliekemann, Materials Science Monographs 29, Elsevier 

Ishai O., Rosenthal H., Sela N. and Drukker E. (1988),, Composites, 19, 49-54 

Sela N., Ishai O. and Banks-Sills L. (1989)Composites, 20, 257-264 

Ozdil F. and Carisson L.A. (1992) J. Comp. Mater., 26, 432-459 

Aksoy A. and Carlsson L.A. (1992) Comp. Sci. Tech., 43, 55-69 

Odagiri N., Kishi H. and Nakae T. (1991) 6th Tech. Conf. of Am. Soc. for Comps., p.43 

Altstädt V., Gerth D., Stangle M. and Recker H.G. (1993) Polymer, 34, 907-909 

Singh S. and Partridge I.K. (1995) Comps Sci and Tech, 55, 319-327 

Jaussaud J.A.M. (1992) “Toughness transfer between unreinforced matrix and fibre composites” 
PhD thesis, Cranfield University 


272 LK. PARTRIDGE AND D.D.R. CARTIE 


15. Ozdil F. and Carlsson L.A. (1992) Eng. Fract. Mech, 41, 645-658 
16. Aksoy A. and Carlsson L.A. (1991) Eng. Fract. Mech., 39, 525-534 
17. Russell, A. J. (1987) Polymer Composites, 8, 342-351 


The Application of Fracture Mechanics to Polymers, Adhesives and Composites 
D.R. Moore (Ed) 
‘© 2004 Elsevier Ltd. and ESIS. All rights reserved. 273 


SUPPRESSION OF PROPAGATION OF DELAMINATION CRACKING IN 
UNIDIRECTIONAL COMPOSITES BY Z-Fiber® PINNING 


D.D.R. CARTIE and I.K.PARTRIDGE 


INTRODUCTION 

About Z-pinning 

The presence of Z-Fibers® (Z-pins) as the through-the-thickness reinforcement in 
continuous fibre/polymer matrix composites results in dramatic increases in the resistance 
to crack propagation under Mode I, Mode H and mixed mode loadings. The Z-pins can 
be made from metals, glass or ceramic but those currently finding the greatest range of 
commercial applications are made by fully curing thin pultruded carbon fibre tows 
impregnated with bismaleimide resin. They are supplied as a preform of a certain areal 
density of Z-pins in a foam sandwich (see Fig. 1) and are inserted into an uncured 
prepreg stack with the aid of an ultrasonic gun. Detailed account of the raw materials, 
manufacturing processes and sample preparation relevant to Z-pinned laminates is 
presented elsewhere, together with an up-to-date review of the currently available 
mechanical property data [1]. 


Fig.1 Top view of three different Z- 
Fiber® preforms, areal densities of 
reinforcement 2, 1 and 0.5% going from L 
to R; side view of a 2% and a 4% 
reinforcement density preform (L to R) 
showing the double foam layer 
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APPLYING FRACTURE MECHANICS TO Z-PINNED LAMINATES 


The base data on the delamination resistance of Z-pinned beams have been obtained from 
standard unidirectional composite beams [2] containing a single 25 mm long block of Z- 
pins in a regular square array, placed some 5mm beyond the edge of the thin crack starter 
film. This geometry arrangement has ensured that the test determines the resistance of 
the specimen to a moving delamination. 


The purpose of this case study is to illustrate how a combination of fracture mechanics 
data, the beam theory and FE analysis is used to design a new type of specimen, intended 
to quantify experimentally the crack stopping potential of a block of Z-pins for a standard 
Mode I delamination fracture test beam. The 25 mm block geometry is maintained, and 
the individual blocks have been made with different pinning densities, namely 0.5% and 
2%. The block length of 25 mm is above the ACK limit (steady state crack propagation) 
[3], for both reinforcement densities used. The basic idea is to grow a crack through a 
first block of Z-pins, artificially enhancing the elastic energy stored in the sample, which 
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then results in an unstable crack growing from the end of the first Z-pin block into 
another Z-pin block, as shown in Fig.2. A specimen with the first block with areal Z-pin 
density X followed by Z-pin block of areal density Y is designated as SX/Y. 
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Fig.2: Double Z-pin block specimen configuration 


SPECIMEN DESIGN 


The primary aim is the determination of a suitable distance L between the Z-pin blocks, 
long enough to avoid stress interference from the first block and short enough to ensure 
that a rapidly propagating crack is driven into the second block of Z-pins. The model 
used in the design progresses through (a) a micro-model which expresses the effect of the 
Z-pins in terms of the traction law and (b) a local-model which considers the deformation 
in the standard beam containing a central delamination subject to the specified traction 
law and uses previously determined delamination resistance data as the basis for the 
crack growth / no growth decisions. 


Micro-Model 

The micro-model expresses the characteristics of the crack bridging forces and energies 
associated with the presence of the Z-pins. These have been determined experimentally 
by single pin pullout experiments. Fig.3 illustrates the main features of the bilinear 
traction law: It commences with an elastic stretch and a de-bonding phase up-to a 
maximum force Fmax, signifying the onset of pin pullout. The second phase of the law is 
characteristic of frictional pullout. Experimentally, for the pullout of a 0.51mm diameter 
Z-pin from a 2mm thick laminate, Fmax = 42N. The energy absorbed by a single Z-pin 
during the pullout phase can be estimated by integration of the area under the curve, as 
shown. As an example, the energy absorbed by a single 0.28mm Z-pin in pulling out of a 
4mm thick UD specimen is 23J. In the subsequent local-model, the exact number of Z- 
pins per row is taken into account, as well as the laminate thickness. 
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Fig.3 Bilinear load-displacement curve of Z-pin stretch/de-bond and pullout. The 
laminate material is unidirectional IM7/977-2. The integrated area under the lines 
represents the energy absorbed in the pullout. The insert indicates the experimental 
arrangement of the test. 


Local-Model 

The crack bridging actions of the Z-pins are represented by forces applied at nodes 
representative of their location. 2D Finite Element Analysis was chosen to compute the 
deformation of the beam, using quadratic shell elements (Timoshenko element) 
representative of the geometry. Use of this type of element ensures exact displacement 
results and the result is not mesh size sensitive. The alternative possibility is the use of 
beam theory analysis, but FEA methods are relatively easy to automate and this local FE 
model can be inserted directly into a more global structural FE model. 

The approach taken is to model a (infinitely) long DCB containing one block of Z-pins 
only, to estimate how far the crack would propagate after breaking through the Z-pin 
block, as a function of the areal density of Z-pinning within the block. The results 
indicated that L=40mm was suitable for practical experimental configurations. Further 
details of the model and its validation can be found in a separate publication [4]. 


TEST RESULTS AND DISCUSSION 


The above determined value of L=40 mm was used to prepare a number of DCB 
specimens containing two Z-pin blocks. These were tested under Mode I loading 
conditions, at constant cross-head speed of 2 mm/min. Examples of a load-displacement 
curve and of an R-curve are shown in Fig.4, and the resultant fracture surface is depicted 
in Fig.5. 
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Fig. 4 Load-displacement curve and an R-curves obtained from testing of a S0.5/2 
specimen. The term Apparent ‘Gj.’ is used, as the validity conditions specified for the test 
[2] cannot be respected fully. 


‘unit cell’ 0.5% ‘unit cell’ 2% 


ae gt Ho 
am “w - nll 





Fig.5 Fracture surface of S0.5/2 specimen, delamination growing from L to R. The ‘unit 
cell’ areas appropriate to the different pinning densities are indicated. 
(The specimen width is 20 mm) 


Fig.6 shows comparison of the R-curves for the experimental and model simulated results 
for two samples with different Z-pin block combinations. For clarity of presentation, the 
delamination resistance is considered equal to zero during the unstable crack growth. The 
good agreement between the FE analysis and the experimental results demonstrates that 
the bridging laws determined experimentally from single pin pullout tests are indeed 
representative of the actions of the Z-pins during beam delamination testing under Mode 
I loading conditions. 
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Fig.6. Comparison of FE simulation (grey lines) to experimental results (black lines) 


The crack propagation resistance of such specimens could be estimated using a simple 
energy argument. In conditions of steady state crack propagation (i.e. crack propagation 
length within Z-pinned zone greater than the ACK limit), it can be assumed that a 
constant number of Z-pins bridge the crack at any given time. The average energy per 
unit area absorbed by the pin deformation and pull-out is therefore the energy absorbed 
by one pin divided by the ‘unit cell’ area. Typically, for 0.5% Z-pinning density, 
0.28mm diameter Z-pins, the pullout energy density is 1.8kJ/m’. Adding the energy 
required to propagate the crack per unit area of unpinned specimen, the global energy 
release rate of the specimen is 2.2kJ/m’. The good agreement between this value and the 
experimental toughness level indicates that this method could be used for determining, to 
first approximation, the toughness of a Z-pin reinforced structure failing by Mode I 
dominated delamination. 


In the graphs shown in Fig.6 it is particularly noteworthy that once the plateau value of 
crack resistance is reached, these levels are independent of the crack length. This 
suggests that a fracture mechanics based approach to designing against delamination 
fracture of Z-pinned composites structures is applicable. 
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